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ABSTRACT 

Wear damage at elevated temperatures caused by sliding contact between 

metallic components during service is a common problem in many mechanical 

systems. Wear is a complex surface failure process affected by many factors, 

including material properties, loading condition, and environment. Among various 

factors, temperature is an important environmental factor that largely influences the 

wear behavior of a material through changing its mechanical strength, adhesion, and 

oxidation kinetics. 

Cobalt-base alloys most commonly known as Stellite® alloys, have been used 

extensively as bearing materials for applications that require high resistance to wear, 

particularly at elevated temperatures and/or in corrosive environments . Considerable 

efforts have been made to reduce wear at elevated temperatures. 

The improvement can be achieved through the development of Stellite alloys 

with improved high temperature wear and corrosion performance without 

compromising other engineering properties. One approach is to add reactive 

elements such as yttrium, in order to beneficially affect the oxidation behavior of 

these alloys. 

Various techniques were used to investigate the effects of yttrium addition to 

Stellite 21 and 712, including optical microscopy, X-ray diffraction, SEM (scanning 

electron microscopy), EDS (energy dispersive spectroscopy), micro- and nano-

mechanical probes, micro-scratch tests, AFM (atomic force microscopy), SIMS 

(secondary ion mass spectroscopy), and pin-on-disc wear tests. 



The research demonstrated that alloying a small amount of yttrium (e.g., less 

than 1%Y) rendered the oxide scale on Stellite alloys stronger with higher adherence 

to the substrate, which was largely beneficial to the wear performance of the alloys at 

elevated temperatures. 



TABLE OF CONTENTS 

List of Tables 

List of Figures 

1.0 Introduction Page 1 

2.0 Literature review 

2.1 General wear concepts and wear modes 

2.1.1 Adhesive wear 

2.1.2 Abrasive wear 

2.1.3 Fatigue wear 

2.1.4 Corrosive wear 

2.2 General wear mechanisms/theories and factors that influence 

wear in different modes. 

2.2.1 Archard' s wear equation 

2.2.2 Factors that influence wear in different modes 

2.2.3 Delamination wear theory 

2.2.4 Oxidational wear theory 

2.3 Wear at elevated temperatures 

2.3.1 Mechanism of high-temperature wear and glaze 

formation 

2.3.2 Factors that affect high-temperature wear 

2.3.3 Approaches to reduce high-temperature wear 

2.4 Effects of reactive elements on oxidation and oxidative 

wear 

2.4.1 Enhanced scale plasticity 

Page 8 

8 

9 

11 

13 

14 

15 

16 

19 

21 

25 

30 

35 

38 

44 

45 

51 



2.4.2 Graded seal mechanism 53 

2.4.3 Enhancement of scale nucleation process 53 

2.4.4 Modification of the oxide growth mechanism 55 

2.4.5 Oxide pegging to the alloy 56 

2.4.6 Vacancy sink model 57 

2.4.7 Reduction of compressive stresses within the oxide 58 

2.4.8 Improved chemical bonding to the alloy 59 

2.4.9 Sulfur getter mechanism 60 

2.4.10 Dynamic segregation model 61 

2.4.11 Poisoned interface model 63 

2.4.12 Effects of reactive elements on oxidative wear 66 

2.5 Possibilities of reactive elements to resist high temperature 

wear 68 

0 Microstructure Page 72 

3.1 General properties of Stellite alloys 72 

3.2 Alloy preparation and heat treatment 75 

3.3 Results of microstructure examination 78 

3.4 Crystal structure of phases developed in the samples 86 

0 Evaluation of the mechanical properties 91 

4.1 Hardness 91 

4.2 Stress induced y -> e transformation in Stellite 21 samples 

with and without yttrium addition 96 

0 Evaluation of oxide's scale mechanical properties Page 102 

5.1 The mechanical behavior of the oxide scale 102 

5.2 Evaluation of the interfacial strength of the oxide/matrix 106 

interface 

5.3 Crystal structure of phases developed in the oxide scale 110 



0 Wear behavior Page 

6.1 Wear performance of yttrium-free and yttrium-containing 

samples from room temperature up to 600°C. 115 

6.1.1 Stellite 21 115 

6.1.2 Stellite 712 122 

6.2 The role of oxide scale in resisting wear at elevated 125 

temperature 

0 Oxidation behavior of yttrium-free and yttrium-containing 

Stellite 21 and 712 Page 135 

7.1 The oxidation behavior of yttrium-free and yttrium- 135 

containing Stellite 21 and 712 samples at 600°C. 

7.2 Oxidation of yttrium-Free and yttrium-containing Stellite 

21 samples at 1000°C. 160 

0 Conclusions and possible further research topics Page 180 

8.1 Conclusions 180 

8.2 Further research topics 184 

0 Bibliography Page 188 



LIST OF TABLES 

Table 1.1: Chemical composition of the widely most used valve alloys Page 4 

in the automotive industry. 

Table 1.2: Chemical composition of the most common valve hardfacing 

alloys. Page 5 

Table 3.1: Nominal composition of Stellite 21 and 712 alloys. Page 73 

Table 3.2: Experimental Conditions for Re-melting of Stellite 21. Page 77 

Table 3.3: XRD phases on Stellite 712 corresponding to the peak 

numbers. Page 90 

Table 5.1: Mechanical properties of the oxide scale obtained from 

nano-indentation test. Page 104 

Table 5.2: Mechanical properties of the oxide scale obtained from 

nano-indentation test. Page 105 

Table 7.1: Surface roughness of oxide scales developed on yttrium-free 

and yttrium-containing Stellite712 samples after oxidation at 

600°C for 25 hours. Page 158 

Table 7.2: Chemical composition of the scale developed on 5% 

yttrium-containing sample as revealed by EDS analysis. Page 167 



Table 7.3: The overall chemical composition of the top surface of the 

oxide scales. Page 168 



LIST OF FIGURES 

Figure 1.1: Sealing mechanism of a high-temperature nuclear valve -

The interface between the valve's disc and body seat ring 

is protected by hardfacing with Stellite alloy. Page 4 

Figure 2.1: Adhesive wear. Page 10 

Figure 2.2: Abrasive wear: a) two body abrasion; b) three body 

abrasion. Page 11 

Figure 2.3: Modes of deformation during abrasive wear: a) cutting; 

b) wedge formation; c) ploughing. Page 12 

Figure 2.4: Archard's equation - Idealized model of abrasion. Page 17 

Figure 2.5: Delamination wear theory - Cross-section of a worn 

surface. Page 23 

Figure 2.6: Idealized model of a contact at a dominant plateau on the 

surface. Page 27 

Figure 2.7: Interfacial defects at a semi-coherent oxide/matrix 

interface: (I) misfit dislocation, (II) misorientation 

dislocation, (III) disconnection, and (IV) ledge. Page 64 

Figure 2.8: Growing of an oxide scale by major anion diffusion at 

oxide/matrix interface - the translation of the 

disconnections and the need of removing an extra atom 

from the interface: a) first step; b) a subsequent step. Page 65 



Figure 2.9: Schematic representation of reactive ions pining misfit 

dislocations at the oxide/matrix interface. Page 66 

Figure 3.1: a) SEM images of yttrium powder that was alloyed to 

Stellite 21 and 712 alloys and b) the corresponding EDS Page 76 

analysis. 

Figure 3.2: Optical microstructures of Stellite 21 alloy modified with: 

a) 0%Y; b) 0.5%Y; c) 1%Y; d) 2%Y; e) 5%Y. Page 79 

Figure 3.3: Optical microstructures of Stellite 712 alloy samples with 

a) 0%Y, b) 0.5%Y, and c) 5%Y. The light and dark 

domains are dendritic and interdendritic regions, 

respectively. Page 80 

Figure 3.4: EDS compositional dot maps of Stellite 21 alloy modified Page 82 

with: a) Yttrium free; b) 0.5%Y; c) 5%Y. 

Figure 3.5: SEM images of Stellite 712 alloy samples with a) 0%Y -

untreated; b) 5%Y - untreated; c) 0%Y - heat treated; d) 

5%Y - heat treated; e) 0%Y - heat treated, a closer view. Page 84 

Figure 3.6: EDS compositional dot maps of Stellite 712 alloy 

containing 5%Y; a) Y, b) Cr, c) Mo, d) Co, e) Ni, f) 

corresponding SEM image. Page 85 

Figure 3.7: X-ray diffraction patterns of Y-free, 1%, and 5% yttrium-

containing samples, respectively. Page 87 



Figure 3.8: X-ray diffraction patterns of Y-free, 0.5%, and 5% 

yttrium-containing Stellite 712 samples, respectively. Page 89 

Figure 4.1: Macro-hardness (HRC) values of yttrium-free and yttrium-

containing Stellite 21 samples. Page 92 

Figure 4.2: A load-depth curve from micro-hardness test. Page 93 

Figure 4.3: Curves of r| ratio and indentation depth versus indentation 

load: Dendritic regions. Page 93 

Figure 4.4: Curves of r\ ratio and indentation depth versus indentation 

load: Interdendritic regions. Page 94 

Figure 4.5: Curves of r| value and indentation depth versus 

indentation load: a) Interdendritic regions; b) Dendritic 

regions. Page 95 

Figure 4.6: X-ray diffraction patterns of unstrained and strained 

Yttrium-free samples. Page 97 

Figure 4.7: X-ray diffraction patterns of unstrained and strained 0.5% 

Yttrium-containing samples. Page 98 

Figure 4.8: X-ray diffraction patterns of unstrained and strained 5% 

Yttrium-containing samples. Page 99 

Figure 5.1: Nano-indentation curves of the oxide scales on Yttrium-

free and Yttrium-containing samples of Stellite 21. Page 103 



Figure 5.2: Nano-indentation curves of the oxide scales on yttrium-

free, 0.5% and 5% yttrium-containing Steilite 712 

samples, respectively. Page 103 

Figure 5.3: Micro-scratch test with in situ monitoring changes in 

electric contact resistance on Steilite 21 specimens: a) 

Yttrium free; b) 0.5%Y; c) 5%Y. Page 108 

Figure 5.4: Micro-scratch test with in situ monitoring changes in 

electric contact resistance on Steilite 712 specimens: 

a)Yttrium-free; b) 0.5%Y; c) 5%Y. Page 109 

Figure 5.5: Low angle X-ray diffraction patterns of the oxide scales 

developed on: I) yttrium free; II) 0.5%Y; III) 5% 

yttrium-containing samples, respectively Page 111 

Figure 5.6: Low angle X-ray diffraction patterns of the oxide scales 

developed on: a) yttrium free; b) 0.5%Y; c) 5% yttrium 

Steilite 712 containing samples, respectively. Page 113 

Figure 6.1: Wear loss with respect to temperature of Steilite 21 

samples with and without yttrium. Page 116 

Figure 6.2: Micrographs of wear tracks at 600°C - 4000 laps: a) 

Yttrium-free; b) 0.5%Y; c) 1%Y; d) 5%Y - containing 

Steilite 21 samples. Page 117 

Figure 6.3: Figure 6.3: Morphology of wear track on sample after 

sliding for 2000 laps at: a) 150°C - 0.5%Y; b) 600°C -

2%Y;c)600°C-2%Y a closer view. Page 119 



Figure 6.4: Morphology of wear track after sliding wear at room 

temperature: a) 2%Y, b) detailed view showing wide 

spread cracking of the debris layer. Page 121 

Figure 6.5: Wear losses of yttrium-free and yttrium-containing Stellite 

712 samples at 600°C. Page 123 

Figure 6.6: Micrographs of wear tracks (wear at 600°C) on Stellite 

712 specimens: a) yttrium-free; b) 0.5%Y; c) yttrium-free 

- a closer view. Page 125 

Figure 6.7: Wear loss at 200°C under a load of 2N after sliding for 

2000 laps in air and in argon, respectively. Page 126 

Figure 6.8: Morphology of wear track on samples after sliding for 

2000 laps at 200°C: a) 0.5%Y in air; b) 0.5%Y in argon; 

c) Yttrium free in argon (SEM); d) 0.5%Y in argon 

(SEM). Page 128 

Figure 6.9: Wear loss at 600°C under a load of 2N after sliding for 

10000 laps in air and in argon, respectively. Page 129 

Figure 6.10: Wear loss at 600°C under a load of 5N after sliding for 

10000 laps in air and in argon, respectively. Page 131 

Figure 6.11: Wear loss at 600 C under a load of ION after sliding for 

3000 laps in air and in argon, respectively. Page 132 



Figure 7.1: Mechanical properties of the oxide scales resulting from 

oxidation at 600°C for 1 min: a) Depth of indentation, b) 

Elastic behavior - r\ value. Page 136 

Figure 7.2: SEM image of the polished cross-section of the scale 

formed on yttrium- free sample. Page 138 

Figure 7.3: AFM three-dimensional topographic profiles (2x2um) of 

the oxide scales developed on samples of Stellite 21 after 

oxidation at 600°C for 1 min: a) Yttrium-free; b) 0.5%Y; 

andc)5%Y. Page 140 

Figure 7.4: Roughness of the oxide scales formed at 600°C for 1 min 

on Stellite 21 with and without yttrium. Page 141 

Figure 7.5: AFM images of the oxide scales developed after oxidation 

of Stellite 21 samples at 600°C for 1 min a) Yttrium-

free; b) 0.5%Y; c) 5%Y. Page 142 

Figure 7.6: Mean grain sizes (diameter) of oxide scales developed on 

Stellite 21 samples with and without yttrium after lmin-

exposure in air at 600°C. Page 143 

Figure 7.7: SIMS composition-depth profiles of the oxide developed 

on Y-free Stellite 21 sample after oxidation at 600°C for 

125 hours. Page 146 



Figure 7.8: SIMS composition-depth profiles of the oxide developed 

on 0.5% Y-containing Stellite 21 sample after oxidation 

at 600°C for 125 hours. Page 147 

Figure 7.9: SIMS composition-depth profiles of the oxide developed 

on 5% Y-containing Stellite 21 sample after oxidation at 

600°C for 125 hours. Page 148 

Figure 7.10: Negative SIMS profiles of oxide scales formed at 600°C 

in 16C>2 for 8 hours followed by 24-hours oxidation in 18C>2 

on a) yttrium-free, b) 0.5% yttrium-containing, and c) 5% 

yttrium-containing Stellite 21 samples. Page 150 

Figure 7.11: Changes in grain size, roughness, and hardness or 

indentation depth of oxides formed on different samples 

with respect to the oxidation time: a) grain size, b) 

roughness, c) depth of indentation. Page 153 

Figure 7.12: Nano-indentation curves of oxide scales developed on 

pure Cr and Mn samples after oxidation at 600°C for 8 

hours. Page 154 

Figure 7.13: AFM three-dimensional topographic pictures (lOxlOum) 

and roughness profiles of the oxide scales developed at 

600°C for 25 hours on a) Yttrium-free; b) 0.5%Y; c) 5%Y 

- containing Stellite 712 samples. Page 157 



Figure 7.14: AFM images of oxide scales developed at 600°C for 25 

hours on different Stellite 712 samples: a) Yttrium-free; b) 

0.5%Y;c)5%Y. Page 159 

Figure 7.15: SEM images of the oxide surface morphology: a) Y-free, 

b) 0.5%Y, c) 5%Y. Page 162 

Figure 7.16: Detailed view of the oxide surface morphology: a) Y-

free, b) 0.5%Y, c) 5%Y. Page 163 

Figure 7.17: Details of an area where spallation occurred; a) 5%Y, b) 

0.5%Y. Page 165 

Figure 7.18: SEM image of the oxide scale developed on 5% yttrium-

containing sample showing the locations of the EDS 

point analysis. Page 166 

Figure 7.19: Hardness of the oxide scale developed at 1000°C for 125 

hours. Page 168 

Figure 7.20: r| ratio of the oxide scale developed at 1000°C for 125 

hours. Page 169 

Figure 7.21: SEM images of the cross-section of the scale formed on 

a) yttrium- free, b) 0.5%Y, and c) l%Y-containing 

Stellite 21 samples. Page 170 

Figure 7.22: SEM images of the cross-section of the oxide scale 

formed on a) 5%Y, and b) the substrate in cross-section 

after exposure at 1000°C for 125 hours. Page 171 



Figure 7.23: SEM images of the oxide/substrate interface; a) yttrium-

free; b) 0.5%Y; c) 5%Y-containing Stellite 21 samples. Page 174 

Figure 7.24: Depth of indentation and r| ratio of the substrate and peg­

like structure near the oxide/matrix interface. Page 176 

Figure 7.25: Depth of indentation versus distance from oxide/substrate 

interface a) Y-free; b) 0.5%Y; c) 5%Y - containing 

Stellite 21. Page 177 

Figure 7.26: Chromium EDS profiles across the oxide/substrate 

interface: a) Y-free; b) 0.5%Y; c) 5%Y - containing 

Stellite 21. Page 179 



1.0 INTRODUCTION 

Wear damage caused by sliding contact between metallic components during 

service is a common problem in many industries. It results in material loss, failure of 

mechanical systems, and additional energy consumption. Among various processes 

that cause material losses and failure, wear is one of the most destructive. It is 

estimated that the capitalized loss due to wear costs one to five percent of the Gross 

National Product of industrialized countries [1]. More than five billions dollars per 

year represent losses in Canada due to friction and wear [2]. Because of the 

economic and engineering significance, wear and friction have been for a long time a 

major subject of study, named "tribology". The name of tribology comes from the 

Greek word "xpi(3o^"(tribos) which mean rubbing. Tribology is defined as "the 

science and technology of interacting surfaces in relative motion and of practices 

related there to" [3]. 

Wear is a complex surface failure process affected by many factors, including 

material properties, loading condition, and environment. Among various factors, 

temperature is an important environmental factor that markedly influences the wear 

behavior of a material through changing its mechanical strength, adhesion, and 

oxidation kinetics [4]. Aggressive environments and high temperatures make 

traditional methods of reducing friction and wear ineffective. 

Considerable efforts have been made to reduce wear at elevated temperatures 

using different approaches such as applications of coatings [5], preoxidation [6], 

cladding [7-9], different processing techniques [10,11], alloying treatment [11,13] 
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etc. However, material selection is severely limited by the requirements of high 

temperature applications such as oxidation resistance, high temperature strength, and 

creep resistance. Cobalt-based alloys represent one choice of selection for 

applications where high resistance to both corrosion and wear is required, especially 

at elevated temperatures. Nickel-based alloys are the most widely used materials for 

high temperature applications (e.g., aerospace, nuclear etc.) due to their enhanced 

hardening mechanisms but cobalt-based alloys provide several advantages over 

them, including higher melting points, superior hot corrosion resistance especially to 

contaminated gas-turbine atmospheres, enhanced fatigue resistance, better 

weldability, and galling wear resistance [14,15]. 

Due to the above properties, the cobalt-based alloys are used for two main 

applications [15]. First, as a surgical implant material such as hip and knee 

orthopedic implant prostheses, and dental components [16-22]. The worldwide 

cobalt consumption for the biomedical applications was estimated to be 2000 t/year 

[15]. Second, cobalt based alloys have been used extensively for applications that 

require high resistance to wear, particularly at elevated temperatures and/or in 

corrosive environments [14, 23-27] such as valves and valves seats for automobile's 

engines and nuclear power plants [28-31], hardfacing material for turbines and 

pumps [32], sleeve and bush materials in continuous hot-dip galvanizing processes 

[33] etc. Three basic alloy types are used for the above applications: (1) carbide type 

such as Stellite 1 or 6, (2) intermetallic type such as Tribaloy T800 or T400, and (3) 

solid-solution type such as Stellite 21 [15]. The worldwide cobalt consumption for 

the applications involving wear resistance is estimated at 4000 t/year [15]. 

2 



One of the standard Co-base alloys, Stellite 21, is used predominantly to 

resist the synergistic effects of corrosion and mechanical damage, especially at 

elevated temperatures; e.g., wear of valve seats in nuclear power plants and in 

automobile engines and other high temperature applications [7,8,23,34]. Recently, 

significant efforts have been made to develop an improved type of engine, which 

operates at higher efficiency than conventional gasoline and diesel engines. 

However, the development is hindered by the corrosion and wear of the engine's 

valves especially of the exhaust valves due to high temperatures (i.e., 600 C) and 

contact pressures up to 100 MPa [29,30]. High temperature wear of the valves may 

lead to the formation of pits that can join together forming channels, which reduce 

the valve's sealing ability to hot gases. As a result, the gases can escape from the 

combustion chamber, reducing efficiency [29,30,35]. Valves for conventional 

engines are made either from ferritic-martensitic stainless steel, austenitic stainless 

steel or nickel-based alloys [29-31]. For heavy fuel operation engines, nickel-based 

alloys such as Nimonic 80A or 81 have become the industry standard materials 

[31,35]. The valve's seat contact surface is further protected against wear and 

corrosion by hardfacing (figure 1.1). The standard hardfacing alloys used by 

automotive industry are cobalt-based alloys named Stellite, but nickel-based alloys 

became also common (e.g. Deloro Alloy 60). 

Tables 1.1 and 1.2 presents the chemical composition of common existing 

valve materials and hardfacing alloys, respectively, used in the automotive industry. 
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Disc stem nut 

Body seat ring 

Figure 1.1: Sealing mechanism of a high-temperature nuclear valve - The interface 

between the valve's disc and body seat ring is protected by hardfacing with Stellite 

alloy. 

Table 1.1: Chemical composition of the most widely used valve alloys in the 

automotive industry [30,31,35]. 

Chemical Composition [% 

Material Fe Ni Cr Mn Si Others 

Nimonic80A 0.06 - Bal 19.5 

Nimonic81 0.05 - Bal 30 

En 52 0.45 Bal 0.5 9 

X45CrNiW18 9 0.45 Bal 9 18 

21-4N 0.5 Bal 3.8 21 

Zr 0.04, Ti 2.3, Al 1.4 

Zr 0.06, Ti 1.8, Al 0.9 

0.5 3.5 

X45CrSi9 3 

HNV6 

0.45 Bal 

0.8 Bal 1.5 20 

1.2 2.5 

9 0.25 N 0.42 

0.45 3.1 

0.4 2.25 -



Table 1.2: Chemical composition of the most common valve hardfacing alloys 

[24,26,29,35]. 

Chemical Composition [%] 

Material 

Stellite 1 

Stellite 6 

Stellite 12 

Stellite 20 

Stellite 21 

Alloy 60 

Colmonoy 8 

Tristelle TS 

C 

2.5 

1.2 

1.4 

2.5 

0.25 

0.75 

2 

2 

Co 

Bal 

Bal 

Bal 

Bal 

Bal 

-

-

12 

Ni 

3 

3 

3 

3 

2.5 

Bal 

Bal 

10 

Cr 

32 

28 

30 

33 

28 

15 

26 

35 

W 

13 

5 

9 

18 

-

-

-

_ 

Mo 

1 

1 

1 

1 

5.5 

-

-

_ 

Si 

2 

2 

2 

2 

2 

4.4 

4 

5 

Fe 

3 

3 

3 

3 

2 

3.5 

1 

Bal 

In contrast with the wide use of metallic alloys for valve hardfacing, fewer 

ceramics materials have been tested. For example, valve hardfacing systems based 

on yttria-stabilized zirconia have been tried for exhaust valves but the results were 

unsatisfactory [36, 37]. Ceramic hardfacing based on a continuously graded coating 

of C^d/NiCr seems promising [38], but are not comparable to Stellite hardfaced 

surfaces. In spite of extensive efforts made to substitute Stellite alloys for valve 

hardfacing applications in the automotive industry, success is limited. In fact, the 

development of high efficiency engines used in harsher environments is leading to 

increased use of cobalt-based alloys [15]. 
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Recently, attempts have been made to replace Stellite 21 alloy for nuclear 

applications because of radioactivity concerns [39,40]. This alloy is hardfaced on the 

seat contact surfaces (figure 1.1), made from a 300 series of stainless steel alloy 

(usually 304) [39,41,42]. The source of radiation was found to be cobalt-based alloy 

valve wear debris, which may reach the Zircaloy fuel rod in the reactor core. The 

debris are activated by the neutron flux, leading to the formation of radioactive Co60 

isotope deposits [39,40]. The radioactive isotope deposits are released by dissolution 

and/or erosion then transported through the flow out system of the nuclear core, 

contaminating all out-of-core internal surfaces in the primary circuit such as pipe 

walls [28,39,40]. It has been estimated that valve wear debris is responsible for 10% 

of total out of core radioactivity. Attempts at alloy replacement failed to duplicate all 

the required tribological properties as those provided by Stellite 21 alloy, especially 

the properties that depend on the fcc-hcp cobalt transformation (i.e., galling wear 

resistance) [27,28,32,43-46]. Consequently, efforts have been continuously made to 

improve Stellite 21 and other Stellite alloys not only for nuclear application, but also 

for other tribological uses [12, 47-51]. 

The improvement can be achieved through the development of Stellite alloys 

with improved high temperature wear and corrosion performance without 

compromising other engineering properties, which represents the main goal of the 

research presented in the following chapters of this thesis. 

This thesis has the following structure: 

Chapter one consists of a short introduction to wear, its economical effects, 

the materials that are usually selected for high temperature wear service, and the 
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objectives of this research. 

Chapter two provides a review of the most pertinent literature regarding wear 

phenomena and the effects of reactive elements on oxidation and oxidative wear. 

Chapter three presents the results of the study on the main effects of yttrium on the 

microstructure of Stellite alloys 21 and 712, while chapter four illustrates the 

changes to the mechanical properties when alloying yttrium to Stellite 21 and 712 

alloys. Chapter five reports the results of studies on the mechanical properties of the 

oxide scales developed on yttrium-free and yttrium containing Stellite 21 and 712 

alloys after oxidation at elevated temperatures. Chapter six is focused on the 

evaluation of the wear performance of Stellite alloys, with and without yttrium, from 

room temperature up to 600°C. Chapter seven presents the results of the study on the 

effect of yttrium on the oxidation behavior of Stellite alloys 21 and 712, respectively, 

at elevated temperatures for up to 125 hours. The final chapter summarizes the 

effects of yttrium on Stellite 21 and 712 microstructure, mechanical properties of the 

alloy and its oxide scale, oxidation behavior, and high-temperature wear 

performance. In addition, further research topics are suggested. 
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2.0 LITERATURE REVIEW 

This chapter provides a critical review of the literature regarding wear 

phenomena, factors that influence it, and the effects of reactive elements on 

oxidation and oxidative wear. The purpose is to provide a comprehensive view of the 

research conducted worldwide in the field of high temperature wear and a framework 

to facilitate interpretation of the results presented in this thesis. Chapter two 

comprises five main sections: the first section presents general wear concepts; the 

second section describes the general wear mechanisms/theories and factors that 

influence the wear behavior; the third section deals with wear phenomena at high 

temperatures; the fourth section is focused on the effects of reactive elements on 

oxidation and the current models explaining this effect. The last section summarizes 

possibilities of applying reactive elements to improve high temperature wear, and the 

objective of this research. 

2.1 General wear concepts and wear modes 

Wear is defined as the damage to a surface by progressive loss of material 

due to the mechanical contact and relative motion between two surfaces [4, 52]. This 

is a complex process involving different wear modes and failure mechanisms. A 

given material may exhibit a high resistance to wear in a specific wear mode but may 

perform unsatisfactorily in another wear mode. The solution to a specific wear 

problem depends on many factors, including material properties and the wear 
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condition. System analysis is generally used to identify the factors affecting wear in 

a particular industrial application, by isolating the elements of the tribological 

contact of interest from the whole system [53]. The result is a simplified tribosystem 

consisting usually of four main components [4, 52]: 

• Main body (must be solid) - represents the component that is worn and plays 

an important role in the system, 

• Counter-body (solid, liquid, gaseous, or a mixture of them), represents an 

object in relative motion to the main body and in direct or indirect contact so 

that the forces can be transmitted to the main body. 

• Interfacial component (solid, liquid, gaseous, a mixture of them, or may be 

absent), e.g. lubricants, wear debris or oxide films. 

• Environment (liquid, gaseous, a mixture of them, or vacuum). 

Depending on the tribosystem parameters and variables, four basic wear modes or 

any combination of them are involved in wear processes [54-57]: 

• Adhesive wear, 

• Abrasive wear, 

• Fatigue wear, 

• Corrosive wear. 

2.1.1 Adhesive wear 

Adhesive wear occurs when two surfaces slides against each other in the 

absence of an interfacial element. Engineering surfaces do not have an ideally planar 
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surface; therefore, the contact between two surfaces takes place at the asperities tip 

[58]. As a result, the real area of contact is smaller than the apparent contact area 

[4,58]; thus, the stress at the asperities tip is very high causing plastic deformation 

and strong bonding between the asperities tips. Breaking the bond junctions is 

required to maintain motion between surfaces. When a junction is broken, wear 

debris usually is generated, mostly from the weaker material. In general, the worn 

debris transfers to the harder surface [59]. Adhesive wear occurs when the shear 

strength of the softer material is less than the junction bonding strength (figure 2.1). 

Figure 2.1: Adhesive wear 

There are several applications where adhesion is the major wear failure 

mode, such as: satellite components (no interfacial contamination thus higher 

adhesion), wear under vacuum conditions [60,61], computer disc drives, computer 

storage data devices [62], CD players, nano-machines, biomedical implants 

(acetabular components [63]), gear seats, cams [59] etc. 
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2.1.2 Abrasive wear 

Abrasive wear occurs due to material loss by scratching when relatively hard 

asperities or particles move along a solid surface under a contact force. Abrasion 

does not involve material transfer between contacting surfaces as adhesive wear does 

[59]. There are two types of abrasive wear (figure 2.2): (1) two body abrasion, where 

small asperities of the harder surface scratch the counter-face and (2) three body 

abrasion, when abrasive particles are caught between the two surfaces in contact and 

abrade the surfaces (rotation of abrasive is involved). However, the wear loss in three 

body abrasion is two orders of magnitude lower than that in two body abrasion [4]. 

a) b) 

Figure 2.2: Abrasive wear: a) two body abrasion; b) three body abrasion. 

Also, abrasive wear can be categorized as low stress abrasion when the 

abrasive remain intact or as high stress abrasion when the abrasive is broken up 

during the wear process [59]. Gouging abrasion is a variant of high stress abrasion 
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when relatively large abrasive particles are cutting the material removing large 

fragments from the worn surface [64]. 

The mechanism of abrasive wear involves both plastic deformation and 

fracture. Three different modes of deformation are often observed during abrasive 

wear: cutting, wedge formation, and ploughing [65] (figure 2.3). 

^zzzty (7 k 

a) b) 

rv 
c) 

Figure 2.3: Modes of deformation during abrasive wear: a) cutting; b) wedge 

formation; c) ploughing. 

Cutting is characterized by formation of a chip at the front of the abrasive and 

represents the most severe form of abrasive wear. Wedge formation consists of the 

formation of a wedge in the front of the abrasive tip. When the adhesion between the 

wedge and abrasive tip is strong, sliding occurs between the wedge bottom and the 
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flat surface. Otherwise, removal of material takes place by shear of the raised prow 

along its bottom. Ploughing occurs when the material is displaced from a groove to 

the sides; therefore, no material is removed from the surface. The material is 

displaced from the surface when subsequent furrows intersect due to continued 

passage of abrasive particles [59]. 

There are several industrial areas where abrasive wear is commonly 

encountered such as drilling heads, digger teeth [66], truck tires, biomedical 

implants, ore transport, crushing, screening etc. [59]. 

2.1.3 Fatigue wear 

Fatigue wear takes place when the surface is attacked under cyclic loading 

that exceeds the fatigue limit of the material. The stress induced during fatigue wear 

in the surface layer leads to elastic deformation followed by plastic deformation, 

work hardening, crack nucleation and propagation, which results in surface damage 

[54,55]. 

There are two types of fatigue wear: (1) stress fatigue, when crack nucleation 

is the main failure process (i.e., ceramic materials) and (2) strain fatigue, when crack 

propagation is the main failure process (i.e., ductile materials) [54,55]. 

There are several industrial applications where fatigue wear is the 

predominant mode of failure such as railroad tracks, ball and roller bearings, parts 

that connects the wind and the body of an airplane, rollers for cold or hot rolling, 

mechanical printing devices etc [1,4]. 
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2.1.4 Corrosive wear 

When surfaces are in contact with gaseous or liquid aggressive environments, 

corrosion products form a film that affects the underlying material in subsequent 

corrosion damage. This film could be removed partially of totally during wear 

processes, leaving fresh metal to the environment, which allows further corrosion. 

Both the lost of material due to continual removal and formation of reaction layers 

on the contacting surfaces are involved in corrosive wear [54,55]. The synergy of 

wear and corrosion results usually in a greater material loss than those caused by 

wear and corrosion, separately. Corrosion wear occurs prevalently on pumps 

components and pipes in the chemical industry. However, one beneficial application 

of corrosive wear is chemical mechanical planarization of metals and dielectrics in 

building multilevel microelectronic circuits in the semiconductor industry [67-69]. 

Wear can be further classified according to the motion type of the 

tribosystem components, i.e., sliding (e.g., sliding wear, galling wear, fretting wear 

etc.), rolling, and impacting (e.g., erosion, impact wear, cavitation wear etc.) [1,4]. 

Galling wear is often associated with sliding wear but refers to damage resulting 

from sliding at low speeds, characterized by localized bonding between contacting 

surfaces leading to transfer between surfaces or displacement of large fragments of 

material that results in a severely roughened surface [64,70,71]. Also, fretting wear is 

associated with sliding wear but refers to damage resulted from small amplitude 

oscillatory movements between contacting surfaces [72]. 

14 



2.2 General wear mechanisms/theories and factors that influence wear in 

different modes 

In practice, a wear process may involve more than one wear mode but only 

one of the wear modes will be the dominant wear mechanism. For example, in 

impact/erosion wear the prevailing mechanism is abrasive wear. In turn, for sliding 

wear the prevailing mechanism is influenced by many factors including type of 

contact, loading condition, interfacial element etc. 

These factors can be divided in two main groups: (1) external factors, 

including operating conditions (e.g. speed, load, temperature, and geometry), 

environment (e.g. air, lubricant, vacuum, surface contamination), material 

combinations (e.g. hard on hard) and (2) internal factors, including materials 

properties such as hardness, microstructure, mutual solubility, crystal structure, etc. 

[73]. Each wear mode could be affected differently by a given factor. 

Many wear theories have been proposed to explain the wear behavior under a 

combination of wear modes and factors. However, since a wear process depends on 

many factors and variables, there is no equation or analytical model able to precisely 

predict wear loss [73]. 
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2.2.1 Archard's wear equation 

One of the earliest wear theories is the Archard's wear equation, which was 

developed first as a model for adhesive wear mode. The model considers a single 

asperity-to-asperity contact, which is assumed to be circular (having a radius "a") in 

plane view [74]. The normal load, (3W), supported by the contact is given by the 

following expression: 

dW = Pnu2 {2.1} 

where P represents the yield pressure for the plastically deforming asperity. During 

the sliding process, wear take place by formation and destruction of individually 

asperity contacts. Detachments of fragments of material from asperities results in 

wear loss. The volume of each fragment depends on the asperity junction size from 

which it originated: dV = . However, only a proportion, k, of all asperities 

contact gives rise of wear particles [74]. The average volume of material, 3Q worn 

per sliding distance (2a) of one pair of asperity contact is given by: 

2a 3 

The overall rate, Q, of all asperities contacts is given by: 

Q = ZSQ = ^Zm2 {2.2} 

k W 
Combining equations {2.1} and {2.2}: Q = . Considering K=k/3 and P=H 

(indentation hardness), the wear volume loss expression became: 
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Q = K 
W_ {2.3} 

where K is a constant named wear coefficient and have values lower than unity, W is 

the normal load and H, represents the hardness of the softer surface. Equation {2.3} 

is known as the Archard's wear equation [74]. 

Archard's wear equation can be used also to describe the abrasive wear mode 

for ductile materials. The model considers an abrasive particle idealized as a cone of 

semi-angle a (figure2.4). 

Figure 2.4: Archard's equation - Idealized model of abrasion [64,74]. 

The abrasive particle moves across the surface of a ductile material, which 

flows under an indentation pressure, P, forming a groove in the material [64]. Since 

17 



it is moving, the applied pressure acts only over its front surface: 

W = P— = -Pmc2Um2a {2.4} 
2 2 

The following relation gives the volume of material displaced from the groove per 

length: q = 1—2ax = lx2 tana . However, only a proportion, k, of the material is 

actually removed as wear debris therefore the wear volume produced by one asperity 

per unit length is: q-kx1 tan a {2.5} 

Combining equation {2.4} and {2.5}, the expressions of the overall wear rate, Q, of 

1W k 
all asperities in contact become: Q = k*Z . Considering Ka = and 

P^ t ana ;rtana 

PsH then 

W 

The above equation is similar to Archard's wear equation, only the wear coefficient 

is different [64]. 

Archard's wear equation often agrees with experimental observations [75-77] 

but ignores physical metallurgy of metals, influence of modulus of elasticity, and 

cannot be used to compare wear of metals under different sliding conditions [78]. 

Also, Archard's wear equation cannot predict the wear of pseudoelastic TiNi alloys 

[79,80]. The wear coefficient, Ka, is not constant and can change by orders of 

magnitude when transitions occur in response to changes in experimental variables 

(e.g. load, speed) [81]. The complexity of the wear process hindered the 
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development of more sophisticated wear equations. Attempts to improve the 

Archard's wear equation led to the following expression: 

(K K \ 

Q= ^ - + 4 l p F {2-7} 

where E stands for Young's modulus. 

Equation {2.7} is known as the modified Archard's wear equation [82]. However, 

other attempts have been made to modify Archard's equation in order to apply it to a 

pseudoelastic TiNi material [80]. 

2.2.2 Factors that influence wear in different modes 

According to equation {2.7}, the abrasive wear mode is affected by material 

properties such as hardness, modulus of elasticity, roughness/abrasive shape 

(1/tancc), and load (W). Wear volume loss is decreased when hardness, and modulus 

of elasticity are increased or when load, and angularity of the abrasive are decreased. 

Others factors affect abrasive wear, including microstructure (e.g., volume fraction 

of the reinforcing phase), abrasive size, ratio of hardness of the abrasive to that of the 

surface being worn, strain hardening coefficient, fracture toughness, etc. [4,59]. For 

example, increasing the abrasive size increases the wear loss. However, after 

reaching a critical abrasive size, the wear loss became stable due to clogging of the 

abrasive, which hinders further abrasion. When the abrasive size is much higher than 

the grain size, wear is affected by the entire microstructure while in the reverse case, 

the wear rates depend strongly on the properties of individual phases. 
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As shown by Archard's wear equation, adhesive wear is influenced by 

hardness and load. Adhesive wear is also influenced by mutual solubility of material 

couple, crystal structure, microstructure, strain hardening coefficient, surface films 

etc. For example, wear loss decreases when mutual solubility is low, therefore the 

highest wear occurs between identical pairs of materials in contact [83,84]. Chemical 

elements that are closer in the periodic table exhibit usually larger adhesive forces 

during wear processes. A high hardening coefficient increases the resistance to 

seizure. The best performance occurs for a homogeneous distribution of hard 

particles (i.e., carbides) in a matrix with a high hardening coefficient [57]. 

Hexagonal closed packed (hep) metals exhibit lower adhesion and wear than face-

centered cubic (fee) and body-centered cubic metals (bec) due to the differences in 

the operation of slip systems [85, 86]. Since wear is associated with plastic 

deformation, metals that have fewer slip systems give higher wear resistance. Among 

hep metals, as c/a ratio decrease, slip can occur along planes other than the basal 

plane (0001), therefore friction and wear may increase [85,87]. At room temperature, 

surface films may form in the presence of oxygen, which reduces the metal-metal 

contact and could reduce adhesion, friction, and finally wear [61,88-91]. 

In contrast with adhesive and abrasive wear, fatigue wear is strongly 

influenced by the presence of defects such as inclusions, pores, and voids. These 

defects might play an important role in nucleation of cracks that could lead to fatigue 

spallation. The effects of inclusions on wear loss depend on their volume fraction 

and the matrix properties. However, fatigue cracks could originate at inclusions but 

crack propagation depends actually on matrix properties. For example, a lower grain 
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size will increase the critical shear stresses for crack nucleation reducing wear. Also, 

residual austenite is beneficial to wear resistance by increasing the strain hardening 

capability and by introducing compressive stresses when transforming under applied 

stress to martensite [92]. As proved before, hardness is considered one of the most 

important material properties that help reducing wear loss [93,94]. Fatigue wear 

could be also influenced by increased roughness or amplitude of oscillation. 

Corrosive wear is mainly influenced by microstructure, properties of passive 

film and pH level of the corrosive medium. An adherent, dense, and strong passive 

film could provide more protection against corrosion and mechanical damage [95-

97]. Microstructural heterogeneities (e.g., presence of a second phase) could increase 

corrosion which, in turn, could increase wear loss, but the presence of a second phase 

may also increase the strength and, therefore, the resistance to mechanical wear. 

However, it is recommended to use solid solution strengthened materials rather than 

those strengthened by second phases [97], if the contact stress is not too high. 

2.2.3 Delamination wear theory 

It was observed that plate-like debris was generated during sliding wear at 

low speeds. [4,64]. Delamination wear model was proposed to explain the above 

behavior [78,98-101]. The model is based on plastic deformation, dislocation, and 

fracture theories. All events occur within a small surface layer at the rubbing 

surfaces [100]. During sliding of two surfaces, normal and tangential loads are 

transmitted through the asperities. The asperities of the softer surface are more easily 
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deformed under the applied load. As a result, the softer surface smoothes and the 

contact between the two rubbing surfaces became asperity-to-plane contact, 

therefore, the softer surface experiences cyclic loading as the asperities of the harder 

surface plow it [99-101]. Plastic shear deformation is induced in the softer surface, 

which accumulates under repeated loading. It is assumed that material near the 

surface is strain hardened less than that of the sub-surface layer. The former does not 

attain a high dislocation density due to the action of the image forces on those 

dislocations that are parallel to the surface, eliminating them [100]. Dislocations pile 

up at a given distance from the surface leading to voids formation that is enhanced 

by the presence of second hard phases [78]. Crack nucleation take place at the 

interface of second phases and matrix. Cracks extend and propagate parallel to the 

surface at a depth that depends on material properties (e.g., hardness), friction 

coefficient, and load [102], producing long and thin delaminated wear sheets [99-

101]. The overall wear rate is determined by the slowest process among subsurface 

deformation, crack nucleation, and propagation processes [102]. For example, when 

cracks cannot propagate, crack nucleation became the wear rate-controlling factor 

[99-101]. 

Later developments of delamination wear theory suggest the formation of a 

cellular structure in the highly deformed region near the contact surface during a 

sliding process [103,104]. The cellular region has a different microstructure than the 

bulk material; it contains regions less than lum that are relatively free of 

dislocations, separated by much smaller regions having high dislocation density. The 

latter serve as cell boundaries or walls [103] (figure 2.5). Cell size depends on 
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material property and applied stress, being approximated as — [105] where G 
u 

represents shear modulus, b is he Burger's vector, and a is the applied stress. 
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Figure 2.5: Delamination wear theory - Cross-section of a worn surface (adapted 

after [103,104]). 

As the applied stress increases, the cell dimensions decrease. The cell wall 

serves as sources and sinks of dislocations. Dislocations movements from one side of 

the cell to the other do not change the cellular arrangement [106]. The cells are 

elongated in the sliding direction having their thickness much smaller than the other 

dimensions. The cell structure is produced on the surface during early stages of 

sliding [104] and is capable of accommodating large strains in the sliding direction 

[103]. Cracks nucleate at the cell boundaries and propagate parallel to the cell 

boundaries leading to the formation of plate-like wear debris. The depth of the 
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cellular structure depends on the parameters of the sliding wear test (i.e., applied 

load), and material properties (e.g. crystal structure, grain size, and staking fault 

energy). However, the thickness of the cellular layer and the average cell dimension 

are constant during the wear process [104]. 

The latest development of the theory assumes a monotonically or a step-wise 

varying structure [107]. For each material there is a minimum cell size that can be 

attained as a function of applied stress [108]. When the minimum cell size is 

attained, the maximum level of work hardening is also reached [109] which, in turn, 

results in enhanced wear losses [108,110]. 

However, it is difficult to distinguish between the substrate's cellular 

structure and transferred layer from the counterface as some material transferred 

from the counterface may contribute to the cellular layer [4]. 

Delamination theory cannot be applied when surface temperature is increased 

during wear (frictional or supplied) due to difficulties of crack nucleation (e.g. 

extensive cross slip, dynamic recovery and recrystallization that consume stored 

energy) [102]. 

Both Archard's and delamination models do not consider the environmental 

effects on wear process. In practice, most of the tribosystems are performing in an 

environment where oxygen is present. Even at ambient temperature oxygen gas 

molecules have a strong chemisorption on the metal surfaces; therefore, they could 

exert a larger influence on friction and wear behavior [111,112]. 
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2.2.4 Oxidational wear theory 

Wear rates may decrease substantially at a critical applied load or speed. 

[113-115]. This behavior was denoted as "severe" wear before the critical value and 

"mild" wear after it [115]. However, in particular conditions, after reaching a 

minimum, the wear rate could increase again when speed or load is largely increased 

from the critical value [81,116-118]. 

Mild wear is characterized by smooth oxidized worn surfaces, less deformed 

surface layers, small wear debris (approximately 10"4 mm diameter) that are partially 

or completely oxidized. It occurs under three distinct sets of conditions [119]: (1) 

under relatively low applied load and sliding speeds when a thin and stronger oxide 

layer prevent metal-to-metal contact; (2) under relatively low applied loads but at 

higher sliding speeds when a thicker but brittle oxide layer is continuously generated 

due to high flash temperatures at the asperities contacts; and (3) under high loads and 

sliding speeds when micro-structural transformations takes place (usually on carbon 

steels) strengthening the underlying substrate which corroborated with enhanced 

oxidation due to large flash temperatures that prevent metal-to-metal contact, lead to 

low wear rates. 

As a conclusion, mild wear is associated with the development of stable 

oxide films on the worn surfaces. 

Severe wear is characterized by very rough worn surfaces, generation of 

relatively large wear particles (approximately 10" mm diameter) that are mostly 

metallic in nature [115,120-122]. It occurs also under three different conditions 
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[119]: (1) under relatively low applied loads and sliding speeds when contact 

pressures are high enough to disrupt the oxide film so that metal-to-metal contact 

happen; (2) under relatively low applied loads but at higher sliding speeds when the 

load is able to penetrate the brittle oxide leading to metal-to-metal contact; and (3) 

when sliding conditions are so severe that the flash temperature exceeds the melting 

point of the substrate so that a liquid film forms at the contact asperities. 

Oxidational wear theory is used to explain the mild wear regime [120-130] 

under the second set of conditions. The oxidational wear mechanism/model involves 

oxidation of metal asperities. In the initial stages (severe wear) contact occurs at 

asperities tips. Under highly local stresses the asperities in contact are deformed; 

therefore, the real area of contact is increased. As a result, the real contact consists of 

several relatively large areas that bear most of the load. These contact areas could 

expand to form a plateau of contact that remains a region of contact between the 

rubbing surfaces until removed by wear. 

When sliding speed or load is too low so that frictional heating is negligible, 

the expansion of the contacting plateau is not sufficiently large to become the 

preferred contact region. The contact between surfaces became mainly metallic in 

nature owning to low temperature and oxidation rate [131,132]. As a result the 

junction can grow significantly resulting in high friction and wear rates 

[121,124,127]. 

Increasing sliding speed increases contact temperatures [81]; therefore, a 

large frictional heat is created. Under these conditions, the contacting plateau is 

oxidized preferentially to the remainder of the surface [121]. On the plateau there are 
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at any time, N instantaneous asperity contacts (figure 2.6). The oxidation occurs by 

inward diffusion of oxygen ions and outward diffusion of metal ions. The plateau 

builds up its height uniformly because the N contact spots are randomly distributed 

across the plateau at any given time. 

Counter-face asperity 

Negligible 
oxide thickness 

Disc asperity 

N" contacts 

Top view of the dominant plateau of contact 

Figure 2.6: Idealized model of a contact at a dominant plateau on the surface [121]. 

It is assumed that "tribological" oxidation follows a parabolic rate [126]. The 

oxide plateau grows and reaches a critical thickness (approximately 10um for mild 

steel) at which oxide spalling occurs at the oxide/matrix interface forming oxidized 

wear debris [121, 133]. When the contacting plateau breaks completely, another 

plateau became operative elsewhere on the contacting surfaces and the cycle is 

repeated. Wear loss depend on the contact temperature and the mechanical 

characteristics of the oxide layer [121,122,131,134,135]. 
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However, even when the sliding speed is high enough to generate a large 

increase in flash temperature, during the initial wear period the severe wear regime 

still occurs. At the initial wear stages the oxide layer is too thin to withstand the 

frictional forces and is removed easily from the surface. Mild wear regime is 

established when thick oxide layers are formed. As a result, the wear rate is related to 

the rate of oxidation. 

The oxidational wear model led to the following quantitative expression for 

the wear rate under mild wear conditions [128]: 

d*A - ( % ) 
W = 5*-—:—A {2.8} 

where: d - sliding distance; Ap - Arrhenius constant for parabolic oxidation during 

wear; Qp - activation energy for oxidation; R - universal gas constant; To - flash 

temperature; % - critical oxide film thickness; p- average density of oxide; f- fraction 

of oxygen in the oxide film; v - sliding speed; A - real area of contact. 

Parameters as £,, To, and Ap are extremely difficult to determine [134, 136] 

which hinder the relation usage for practical applications. The assumptions that 

tribo-oxidation follows a parabolic rate, and tribo-activation energy and Arrhenius 

constant are similar to static oxidation are questionable [127,128,132,134]. 

According to reference [130] the activation energy, Qp, is not really influenced by 

the way that the oxide grew, but Ap is. Furthermore, it might be possible that the 

oxide film is spalling off due to growth of fatigue cracks and not because of reaching 

a critical thickness [123]. 
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Mild wear under the third set of conditions is based on a slightly different 

mechanism. Increasing sliding speed could increase the strain rate which, in turn 

increases hardness or flow strength, reducing the true contact area thus diminishing 

friction and wear [116]. Furthermore, increase in contact temperature due to 

frictional heat might soften the substrate, leading to an increase in wear rate. This is 

the possible mechanism that explains why wear rate reaches a minimum then 

increases with increasing speed and/or load. It follows that the strain hardening 

mechanism is predominant over the softening effect, up to a critical load/speed 

[116]. 

However, none of these theories take in account the oxygen pressure and/or 

the chemical species present in the environment. There were identified three 

categories of wear behaviors in terms of the chemisorption strength of atmospheric 

gas molecules on the metal surface, and atmospheric pressure [111,112]: 

(1) Type I: strong chemisorption of gases on the metal surface (e.g., oxygen 

or hydrogen on iron, cobalt and nickel). A maximum amount of wear exists at an 

arbitrary atmospheric pressure of the gas. The wear rate is reduced when the pressure 

is higher than the critical pressure at which a large number of gas molecules are 

chemisorbed onto the surface, preventing the metal-to-metal contact. For example, 

when the partial pressure of oxygen is higher than 10"5Pa over a Fe-5%Cr alloy 

(Po2>10"5Pa) islands of partially oxidized debris develop on the contact surfaces 

leading to low friction coefficients and mild wear regime [137]. 
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(2) Type II: weak chemisorption of gases on the metal surface (e.g., oxygen 

on zinc). A gradual increase in wear rate occurs with the increase of gas molecules 

chemisorbed onto the metal. 

(3) Type III: no chemisorption of gases on the metal surface (e.g., nickel or 

zinc in nitrogen, gold in any king of gas). The wear rate does not show any 

dependence with gas pressure but the wear is lower than that in type I or II for a 

given metal. 

2.3 Wear at elevated temperatures 

As shown in the previous chapters, wear is a very complex process, affected 

by many factors. Increasing temperature further complicates the wear process. 

Prediction of the high-temperature wear is difficult since the temperature, stress, 

material properties, and oxidation behavior interact in a complex way and 

significantly affect wear [138]. Temperature causes significant changes in the overall 

wear rates [139]. 

It is well known that alloys react with the environment to form protective 

layers, which act as barriers to further oxidation damage. When a compact oxide 

layer is formed, further oxidation proceeds by diffusion of reactants through the film 

[140]. The oxidation rate increase exponentially with increasing temperature 

following an Arrhenius type equation: 

i«: = A:oexp /RT {2.9} 
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where Qp stands for activation energy; R - universal gas constant; T - absolute 

temperature; K - oxidation rate constant; Ko - constant. 

The surfaces of contacting materials during high-temperature wear processes 

are subjected not only to contact stresses as in ambient temperature wear, but also to 

oxidation, loss of mechanical strength, and change in adhesion, which causes 

material degradation and consequently reduces the material resistance to wear [141]. 

If a dense and strong oxide barrier layer forms on the surface (e.g. Cr203, SiC>2 or 

AI2O3), it may reduce the oxidation rate by giving effective protection against further 

oxidation [142]. If a defective oxide is formed on the surfaces (e.g. FeO at 

temperatures higher than 570°C), the oxidation rate is increased leading to larger loss 

of the material. As a result, for application at higher temperatures, the alloys must 

contain significant amounts of alloying elements such as chromium, cobalt, 

molybdenum, nickel, tungsten or aluminum in order to provide hot strength and/or to 

form protective oxide films that inhibit surface damage by oxidation [142,143]. 

It has been observed that wear rates significantly decrease above a certain 

temperature, named the transition temperature [144-157]. The value of the transition 

temperature depends on load and/or sliding speed. In certain circumstances, at 

temperatures higher than the transition temperature, the wear rates may increase 

rapidly [158]. Transition from the severe wear to mild wear regime at the transition 

temperature is related to the development on the rubbing surfaces of oxide films 

and/or oxidized compacted wear debris layers that reduce adhesion and are able to 

withstand some of the applied load [9,137,144,145,147-157,159-162]. 
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When sliding wear occurs under vacuum conditions at elevated temperatures, 

the amount of wear became more extensive as the temperature was increased 

[85,163]. For example, when vacuum is present, seizure may occur for a Fe-4.9%Cr 

alloy [164]. However, when oxygen is leaked into the system, development of oxides 

on the contacting surfaces could prevent seizure and reduce metal-to-metal contact, 

leading to low friction and wear rates [61,164-166]. 

The oxide film and/or the compacted oxide debris layer might prevent direct 

metal-to-metal contact. When the interaction between asperities is metallic in nature, 

significantly junction growth occurs, leading to high wear rates and friction 

coefficients [160] (see also chapter 2.1.1). When an oxide film is present at the 

asperities contact, the junctions may not be generated before the oxide film is 

broken. When junction is generated and grows, small cracks may nucleate and 

propagate in the oxide leading to a reduction in the shear strength of the oxide film 

and to brittle failure of the junction [160,167]. Due to lower tendency for adhesion 

and junction growth, friction coefficient is lower than that under the metal-to-metal 

contact [168]. Also, wear rates decrease because breaking of junctions occurs at or 

near the oxide film producing relatively fine oxide or partially oxidized debris 

[160,167], which might play an important role in reducing the frictional force. 

Besides the oxidation and debris generation, the high-temperature wear 

transition to mild wear may be influenced by material transfer from the bearing 

surface of the sample material to that of the counterface. The transfer process 

influences the wear loss by changing the contact area between the sliding couple 

and/or by changing the relative hardness, ductility, and composition of the materials 
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at the sliding interface [169]. Under particular conditions, the transferred material 

can be re-transferred back to the original surface or can be mechanically mixed with 

the material of the other surface. 

As a conclusion, the oxide film may benefit the resistance of an alloy to high 

temperature wear by reducing metal-to-metal contact between rubbing surfaces, 

reducing the direct wearing force and reducing friction or generating a porous oxide 

as a solid lubricant. Although, the oxide layer developed on contacting surfaces 

could provide resistance to wear damage by itself, the oxide and/or partially oxidized 

particles generated during sliding may significantly influence the subsequent wear 

behavior either positively by generating a glaze layer that may further diminish wear 

damage or negatively by acting as hard abrasives. 

Considerable efforts were made to model and understand high temperature 

wear. There were identified three mechanisms for the generation of oxides during 

sliding wear: 

(1) Oxide-scrape-reoxidation mechanism when oxide is formed by oxidation of 

metallic asperities and by general oxidation of all the apparent contact areas 

[150,160,170,171]. The above process occurs between two subsequent sliding 

passes. The subsequent sliding pass may remove the oxide formed leaving clean 

metal exposed to the environment which results in re-oxidation until the subsequent 

sliding pass when the process is repeated. 
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(2) Total oxide mechanism when the oxide developed during sliding may be 

removed only partially or not at all during subsequent sliding passes 

[150,160,170,171]. The remaining oxide film thickens slowly as sliding proceeds. If 

the oxide/metal interface is strong, the oxide film can withstand the sliding stresses 

for a given time period, reducing wear loss. 

(3) Metal debris mechanism when the metallic debris, formed usually in the early 

stages of sliding, is broken and reduced in size by the sliding action 

[150,160,170,171]. As a result, fresh metal is exposed at the surface of the broken 

debris and oxidized by the environment. 

The oxidized debris generated by any of the above mechanisms might 

develop into a glaze layer. The oxide debris produced during sliding wear may be 

removed immediately from the rubbing surfaces and will not influence the 

subsequent wear process or may be retained between the sliding surfaces and 

influence further the wear process [169]. The debris could be retained: (1) as non-

moving particles on one of the contacting surfaces leading to the glaze formation, (2) 

as moving particles causing third body abrasion damage on both contacting surfaces, 

or (3) by being embedded in one of the contacting surfaces causing two body 

abrasion damage [139]. 

The overall protective effect of oxidized wear debris that were retained 

between the rubbing surfaces was demonstrated by several studies in which air was 

blown between contacting surfaces [172]. At temperatures ranging from ambient 

temperature to 400°C, an increase in wear rate occurred due to the removal of 
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oxidized wear debris from contacting surfaces that led to higher adhesion. When 

temperature was increased to 500°C, the effect on increasing wear rate could be only 

marginal because some coverage of the sliding surfaces by oxidized debris still 

occurred [172]. This behavior was attributed to the sintering effect of the oxidized 

debris particles at elevated temperatures. 

2.3.1 Mechanism of high-temperature wear and glaze formation 

Based on experimental observations, a mechanism was developed to account 

for the wear behavior at elevated temperatures when glaze layers are formed. 

During initial stages of sliding, the oxide formed on the rubbing surfaces may 

be removed as wear debris and metal-to-metal contact occurs leading to severe 

adhesive wear (called "running-in") [163,167,173]. The average size of particles 

generated during running-in is large due to large contact pressures and metal-to-

metal contact [174,175]. Some of the wear particles are removed from the rubbing 

surfaces, causing direct material loss, but most of the particles are retained within the 

sliding interface and became involved in the development of glaze [139,142,167]. 

However, no build-up of glaze layers occurs during running-in period, therefore wear 

rates are large. 

During subsequent sliding, the debris particles entrapped between the sliding 

surfaces are subjected to compressive stresses, undergoing further deformation, 

fragmentation and comminution [176]. This process is repeated until a stable debris 

size is reached, typically 50 nm to 5 urn in diameter [145,160]. Most of the debris 
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particles are agglomerated at certain locations on the wear track, particularly in the 

previous grooves formed during metal-to-metal contact [177]. By filling up the 

depressions in the contact surfaces, development of relatively smooth surfaces is 

facilitated. 

As sliding continues, the agglomerated clusters of debris particles are further 

compressed and sintered to form more solid layers. When the size of the oxidized 

debris became smaller than a critical size for compaction, the glaze coverage 

increases rapidly, resulting in a significant decrease in wear rate and friction 

[145,174]. Depending upon temperature, a very smooth and shiny layer (glaze) 

develops on the top of the compacted particles layer [144,167,177-179]. TEM 

studies have shown that the wear affected region consists of three successive layers: 

(1) on top, the glaze layer formed with a uniform nano-grain structure having a low 

dislocation density, (2) the intermediate layer consisting of oxidized particles having 

larger dimensions than those in the glaze layer and showing a higher dislocation 

density and (3) the sub-surface layer showing elongated grains in the direction of 

sliding [180,181]. EDS analysis has proved that the amount of elements in glaze are 

approximately the same as those in alloy except containing oxygen 

[160,163,171,178,180]. This suggests intermixing of debris generated during the 

wear process. 

During subsequent sliding, the contact surroundings are worn down and the 

sintered oxide layer came in contact with the counterface and became a load-bearing 

area. The glaze layer that is in contact with the counterface is subjected to repeated 

contact stresses, which may initiate and propagate cracks through the glaze layer, 
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leading to breakdown of the glaze layer. Two competitive processes take place as 

sliding continues: (1) the breakdown of glaze bearing layer areas that results in the 

formation of debris particles, and (2) the consolidation of the glaze layer due to 

further sintering of the worn debris [139,142]. If the glaze layer is well compacted 

before becoming load bearing, the wear is relatively low. When the oxidized 

particles in the glaze layer are not well compacted and sintered, loose particles 

having large dimensions are removed from the layer causing third body abrasion that 

enhances wear loss [176]. 

A mathematical model was proposed to model the formation of glaze layers 

and to estimate the wear volume loss based on determining the criteria for removal 

or retention of worn debris on systems where severe to mild wear occurs due to the 

presence of a compact worn oxidized-debris particles layer [177]. The model 

assumes that the wear rate of glaze layers is negligible compared to the area without 

protective debris layers and the wear debris is generated only from the area 

unprotected by glaze [174]. A number of possible mechanisms were proposed to 

describe the possible movement of wear debris within the rubbing interface: (1) the 

retained mechanism, when a particle is entrapped in front of a fixed particle and is 

not able to move in the direction of sliding but able to rotate around its own centre, 

(2) the skidding mechanism, when a worn debris particle skids against a fixed 

particle in the opposite surface, (3) the rolling mechanism, when the particles are 

able to move/roll free in the direction of sliding for a given distance, and (4) the 

entrapped mechanism, when high adhesion occurs between adjacent particles and 
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debris cannot move. It is believed that rolling and skidding mechanisms causes loss 

of wear debris from the rubbing interfaces resulting in wear loss. 

Based on the above assumptions, the model is estimating the volume and 

total area of compacted debris layers that cover the rubbing surfaces at a given time 

and temperature. However, the model does not really agree with experimental 

results: wear losses versus temperature show the same trend as the experimental ones 

but the amount of wear volume loss is in all cases from 30 to 60% lower than the real 

one. Nevertheless, the model represents a step for understanding high temperature 

wear processes when protective oxidized layers are formed on the rubbing surfaces. 

2.3.2 Factors that affect high-temperature wear 

At elevated temperatures glaze layers could form after sliding for a certain 

period [163]. The time required for the development of glaze layers is related to the 

extend of oxidation [160]. When large amounts of oxides are present on the rubbing 

surfaces prior to sliding or when temperature is increased above a critical value, 

glaze layers are formed as soon as the sliding starts. In general, no glaze layers 

develop under 200°C [163]. High temperatures enhance sintering and oxidation of 

particles leading to much lower wear rates, in some cases even than that at ambient 

temperature [174]. 

The average size of oxide particles that are agglomerated and compacted to 

form the glaze layer is increased with increasing temperature [167,175,182]. 

However, further increase of temperature may lead to softening of the underlying 
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matrix that supports the glaze layer. The softer matrix could exhibit larger plastic 

deformation than the glaze layer leading to delamination fracture of the glaze so 

glaze is easily removed by the sliding action [158,163]. 

It seems that at elevated temperatures the wear rates are controlled by the 

consolidation and detachment of glaze layers. The development of such protective 

layers is mainly influenced by the tribological parameters including load, speed, 

geometry of the contacting surfaces, and temperature. When load and/or speed are 

increased above a critical value the wear debris cannot agglomerate between the 

rubbing surfaces to form glaze [183]. Higher loads promote generation of larger wear 

debris that cannot be accommodated inside the previous formed groove so the time 

until these particles are fragmented to the critical compaction size is increased, 

delaying glaze formation. Higher speeds increase the probability that the debris 

particles are removed from between the rubbing interfaces, leaving fewer particles to 

form glaze [175]. Besides that, the glaze might not be able to withstand the larger 

wearing force. 

Substrate hardness plays a role in the glaze formation. Rubbing surfaces 

become closer as hardness is increased; grooves are shallower during the running-in 

period thereby worn particles could be removed more easily from the interface [175]. 

Also, strength of material determines the wear volume loss during the running-in 

period [163]. A "softer" substrate may generate a large number of wear debris during 

the running-in period that are easily accommodated into the grooves that are deeper 

on a "softer" material, thereby glaze layers are easily formed. However, a "softer" 

substrate does not offer adequate support to glaze layers as temperature is increased 
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above a certain limit. An adequate balance between a softer and a harder substrate is 

required for the best performance. 

The amount of oxide debris developed during the running-in period has an 

important role in the glaze formation; as the amount of oxidized debris is increased 

formation of glaze is easier. Oxidation rates influence the amount of oxide present on 

the rubbing surfaces. It was observed that a peak in wear rate occurs with respect to 

the partial pressure of oxygen; the wear rate increased as oxygen partial pressure was 

decreased [164,165]. However, no study explains the effect of the oxide's 

mechanical properties on glaze formation and on wear behavior. 

The glaze does not form under all wear modes (e.g., sliding-abrasion wear). 

Under sliding-abrasion wear conditions, a transition from severe to mild wear could 

occur at a given temperature [184,185]. The transition is not related to the glaze 

formation but rather to the hard constituents (flint particles) that are embedded in the 

worn surface forming a protecting layer against abrasion. These embedded protective 

layers are lost with increasing temperature due to further softening of the matrix. 

As a conclusion, the film that forms on the contacting surfaces during a high 

temperature wear process affects the wear rate. The high temperature wear is 

influenced by the factors that influence the ambient wear (as presented previously) 

but the role of temperature, hot strength, environment (oxidation), and third body 

films become important. 
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2.3.3 Approaches to reduce high-temperature wear 

Considerable efforts have been made to reduce wear at elevated temperature 

using different approaches such as applications of coatings [186-188], preoxidation 

[6,189], cladding [7,8,9,190-192], different processing techniques [10], and alloying 

treatment [191]. 

Preoxidation of materials at elevated temperatures prior to sliding could 

supply enough oxide debris particles during the initial stages of sliding that could 

help the development of glaze thus reducing the running-in wear. When samples 

were pre-oxidized at 800°C to form a protective Cr2C<3 rich oxide scale followed by 

sliding, the running-in period is almost eliminated. However, the preoxidation 

treatment does not always function [160]. When samples were cooled to room 

temperature after pre-oxidation treatment then subjected to sliding wear, the wear 

rates were relatively high due to the loss of oxide scale [160]. In other cases, (9% 

chromium steel) the pre-oxidation treatment does not have any effect on wear rates 

[181]. In this particular case, the pre-oxidation time was relatively long (e.g., 750 

hours at 390°C); thereby, a thick oxide develops on the contacting surfaces. As an 

oxide thickens, it is subjected to internal stresses due to the formation of new oxide; 

thus, the oxide could easily fail under external applied stresses. 

Coating, cladding or modifying the surfaces of standard steels are attractive 

options to protect mechanical components against wear damage [194]. Surface 

treatments as electroplating, nitriding, case carburizing and induction hardening 

could also be used to enhance the wear resistance of industrial components but their 
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application is limited by the residual stress induced in the near surface material that 

could lead to premature wear damage. Another option is to use ion implantation, 

which could strengthen the near surface region of an industrial component through 

pinning the defects and/or formation of hard second phases by reaction with 

interstitial species such as nitrogen or carbon [194]. Ion beam assisted deposition 

(IBAD) offers the advantage of low substrate temperatures that reduce the residual 

stresses at the coating/substrate interface, improved adhesion, and low toxic residues 

[194]. IBAD of diamond-like carbon coatings using hydrocarbon precursors (e.g., 

polyphenyl ether) are usually employed for combustion engine components (e.g., 

rocker shafts, roller pins). However, proper adhesion of coating to substrate is a 

major problem therefore, an intermediate binding silicon layer coating is generally 

used [194]. The above approach showed good performance up to 160°C against 

lubricated wear [194]. 

Another coating technique proven to be successful to provide corresponding 

resistance to fretting wear of a gas turbine engine's components at temperatures up to 

500°C is high velocity oxy fuel (HVOF) technique [195]. 

The choice of material used for coating is an important issue for the overall 

wear performance at elevated temperatures. For example, coatings based on TiN, 

TiAIN, Cr3C2, Ti2AlC are limited in use to 500°C due to inadequate oxidation 

resistance [196-198]. As a result, coating materials having high resistance to 

oxidation as well as to wear are usually used for service temperatures larger than 

500°C, such as cobalt based coatings (e.g. CoMoCrSi - Triballoys) or 

Cr3C2+25%NiCr[195]. 

42 



However, coatings are not effective against harsh wear conditions such as 

high-stress sliding wear or galling at elevated temperatures due to their low thickness 

(up to several hundred microns) and interfacial debonding problem under large 

contact stresses. In some cases, cladding (arc, laser or plasma) is used to deposit a 

hard resistant layer having a relatively good adherence to the substrate and a larger 

thickness (up to several millimeters) depending on the application. Laser or plasma 

coating technique offers the advantage of in situ mixing of different components due 

to the high temperatures attained in the arc/laser column that lead to claddings, 

which may be obtained by other techniques. For example, Fe-Al-Ti-C powder could 

be used during laser cladding treatment to form a composite coating of FeAl 

intermetallic reinforced with TiC hard phases [196]. The cladding of the above 

material offers enhanced high temperature (up to 600°C) sliding wear resistance than 

the classical FeAl intermetallic alloy cladding. 

Plasma cladding of a self lubricated composite layer (PS304 - NASA 

designation) consisting of a high chrome-nickel alloy matrix (80%Ni+20%Cr) and 

three solid lubricants that act as lubricants at different temperatures, was proven to 

offer good galling resistance to steam turbine lift roads [199]. The high nickel alloy 

matrix provides excellent corrosion/oxidation resistance and high temperature 

mechanical properties. The high-temperature strength is enhanced by C^Ch oxide 

particles that form during the cladding process. The Cr2C>3 particles could function as 

a solid lubricant. The other two solid lubricants are silver (up to 450°C) and 

BaF2/CaF2 eutectic compound (above 400°C), which are known for their strong 

lubrication effect [200]. BaF2/CaF2 worn debris could act as a binder to hold the 
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other type of debris formed during the wear process in order to form glaze that could 

further reduce the wear loss [199]. 

For wear protection at elevated temperatures where abrasion is the main wear 

mode (e.g., parts in crushing, sieving, and compacting of hot sinter and dust in the 

steel industry [201]), conventional materials are used, such as cast irons or metal 

matrix composites (MMC). MMC consist of coarse hard particles such as Cr3C2, 

CrB2, WC/W2C dispersed in a soft and tough metal matrix (e.g., nickel base alloys, 

high-speed steel etc.). However, at higher temperatures, the oxidation resistance of 

reinforcement particles is diminished which may lead to less overall wear resistance 

[201]. 

Alloying treatment is used to enhance wear resistant properties of the existing 

alloys by adding certain chemical elements. For example, carbon and silicon were 

added to a Fe-Cr alloy [43], which enhanced the strain-induced martensitic 

transformation, leading to lower wear losses than Stellite 6 up to 250°C. Several 

attempts were made to add alloying elements to conventional cobalt-based alloys, 

such as molybdenum [49], silicon [51,202] or iron [13,48]. However, not all 

additions proved to be beneficial to high temperature wear resistance, e.g., silicon 

additions to Stellite 6 decreased the wear resistance [202] or iron additions to 

Triballoy 400 reduced the amount of Laves phases and oxidation resistance [13]. 
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2.4 Effects of reactive elements on oxidation and oxidative wear 

All metallic components that are exposed to the environment at elevated 

temperatures react with oxygen to form an oxide layer on their surfaces. There are 

two essential requirements for the alloys that are designed to operate at high 

temperatures: (1) they must form a coherent crack-free oxide scale that thickens at 

low rates and isolates the metal from environmental attack, and (2) the oxide scale 

must be adherent to the alloy matrix [203-209]. The most common oxides scales 

used in practice are based on chromia (C^Ch) or alumina (AI2O3) that forms on iron, 

nickel or cobalt based alloys [207,209-216]. Chromium or aluminum have a 

relatively high oxygen affinity; therefore they are preferentially oxidized when added 

as alloying elements to iron, nickel or cobalt based materials [212]. Chromia scale 

forming alloys contain more than 15%Cr but also could contain up to 2%A1 (e.g. Co-

25%Cr-l%Al), while alumina scale forming alloys contain at least 5%A1 plus 

substantial chromium additions [206]. Chromia and alumina are stoichometric oxides 

having less defects such as interstitial ions or vacancies that could help ions diffuse; 

therefore, oxidation rate is low and their scales thickens very slowly [211,216,217]. 

Also, these oxides are thermodynamically very stable, have high melting points, and 

result in a very dense and adhesive scale [211,215,218]. However, at temperatures 

higher than 900°C, chromia may react further with the environment to form a volatile 

species, Cr03, which reduce scale protection [211,215]. As a result, chromia scale 

forming alloys are used up to 900°C [211,215,219,220]. Alumina scale forming 

alloys could be used at temperatures up to 1200°C because they do not form volatile 
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species [211, 219, 210] but are more prone to failure than chromia scale forming 

alloys. 

Under thermal cycling, cooling to room temperature or during oxide growth, 

cracks and spallation of oxide could occur, diminishing the protective effect 

[140,207,218,221]. The mechanical properties of oxide scale become important 

because they determine whether mechanical failure of the oxide scale will occur 

during service [193]. The failure rate depends on the severity of any crack that opens 

on the oxide scale surface allowing attack of the underlying metal by the 

environment. Healing of less severe cracks could occur during oxide growth [222-

225]. 

Properties of chromia and alumina scales could be improved by minor 

additions of rare earth elements such as cerium [226]. It was also found that addition 

of reactive elements such as yttrium, zirconium, titanium, or hafnium had the same 

effect on oxidation behavior of chromia or alumina scales forming alloys 

[206,213,214,220,227-229]. Almost all elements that have a higher affinity for 

oxygen than the base alloy could be effective in improving the oxidation resistance 

of chromia and alumina scales [203,209]. Elements that have higher affinity for 

oxygen than the other alloying elements are termed "reactive elements" and their 

effect on oxidation behavior is termed "the reactive element effect" [206,230]. 

The main effects of reactive elements on the oxidation behavior of 

chromia/alumina forming alloys are: 
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(1) Reducing the growth rate of chromia scales particularly at temperatures up to 

1000°C, leading to thinner scales [209,217,231-239]. However, the reduced 

growth rates on alumina scale forming alloys are less evident [213,240]. 

(2) Improving markedly the scale adherence to the substrate by increasing the 

resistance to scale spallation, both on thermal cycling and mechanical 

straining [209,217,219,231,234-239,241-245]. 

(3) Changing the oxidation mechanism through the oxide scale from 

predominant outward metal ion transport to predominant inward oxygen ion 

transport [209,217,219,231,234-239,241,243,246-248]. As a result, the scale 

grows at the metal/scale interface instead of at the scale/gas interface. 

(4) Promoting a fine grained microstructure of the oxide [207,209,217,231,234-

239,243,244,247-249]. 

(5) Promoting the selective oxidation of chromium either by lowering the 

amount needed to form a continuous protective chromia layer or by reducing 

the formation of un-protective base metal oxides in the external scale 

[209,232,240,250]. 

(6) Reducing the internal oxide layer stresses [235]. 

The most obvious effect of the reactive elements on alumina-forming alloys is 

the significant improvement in scale adherence [238,248]. Some of the above effects 

are interrelated: a reduction of the growth rate may be a result of a change in 

oxidation mechanism; or thinner scales generate lower thermal mismatch stresses on 

cooling which, may lead to improved scale adherence [206]. 
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The reactive elements could be introduced by: (1) alloying additions to the bulk 

material either as metallic particles or oxide dispersions [206,251-254]; (2) ion 

implantation [205,208,255,256-261]; or (3) superficial application as a thin coating 

using the following techniques: metal organic chemical vapor deposition (MOCVD) 

[262,263-268], sol-gel [264,269-271], electrophoresis [264,272], dipping [272], 

electrochemical deposition [264,273], and hot spraying [274]. 

In general, the reactive element effect is relatively similar whether the reactive 

element is implanted, alloyed or coated [213,274-276] but the efficiency of the 

reactive element in improving high temperature oxidation differs, depending on the 

type of reactive element, its amount, its form (elemental or oxide), and method of 

introduction into the alloy [277,278]. It was shown that alumina scale's adherence 

increased when yttrium was introduced into a coating or by ion implantation 

compared with alloying to the bulk of the material [279]. In another study [240], the 

reactive element was more effective on chromia forming scales as an oxide 

dispersion addition rather than as metal addition to the bulk material at short 

oxidation times. However, when oxidation time was increased, no clear difference 

was present in reducing the growth rate of chromia forming scales whether the 

reactive element was implanted, coated or alloyed [240]. 

Some reactive elements are more effective than others. Cerium, yttrium, and 

lanthanum are the most effective reactive elements [280], while scandium and 

titanium do not appear to be effective on chromia forming scales alloys but had some 

minor effects on alumina forming scales alloys [247]. Some studies suggest yttrium 
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to be the most effective element on high temperature oxidation, followed by 

lanthanum, cerium, praseodymium, neodymium, and samarium [280-282]. 

It is assumed that the reactive effect depends on the position of the reactive 

element inside the lanthanide series: yttrium and "light" lanthanides (La, Ce, Pr, Nd, 

Pm, and Sm) are more effective to improve high temperature oxidation behavior of 

chromia forming alloys than "heavy" lanthanides (Gd, Tb, Ho, Er, Yb, and Lu), at 

least under relatively short oxidation times (100 hours) [282-284]. At larger 

oxidation times (1000 hours) no difference in spallation behavior occurred among 

yttrium, neodymium, and ytterbium containing samples [263] but at shorter 

oxidation times there was a large difference [285]. The reason behind the different 

effectiveness of reactive elements on high temperature oxidation behavior is 

supposed to be the ionic size; reactive elements with small ionic radius oxidize faster 

from Lu to Dy while the "light" lanthanides such as Ce and Pr do so slowly [283]. 

Large ions could have a large driving force (i.e., relaxation of misfit energy) for 

segregation to grain boundaries [237], blocking efficiently the diffusion short-paths 

and slowing the diffusion. Actually, there is no correlation between the reactive 

element's ionic radius and the reactive element effect on oxidation behavior [285] 

e.g. yttrium and Yb have similar ionic radius (see table 2.1) but yttrium is the most 

effective element while Yb exhibits the least effect among rare earths. It is also 

assumed that the effectiveness of reactive elements depends on how readily the 

perovskite compounds of the form (RE)CrC>3 are formed [280,282]. Yttrium to Sm 

form the perovskite type compounds relatively easily while Eu to Lo do not. The 

perovskite compounds are insoluble in chromia and could form along chromia grain 
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boundaries or at the metal/oxide interface where they could act as sources for 

reactive element ions, inhibiting outward diffusion of chromium ions and favoring 

the inward transport of oxygen ions [217,282,286-290]. Y203, La203, and CeC>2 are 

assumed to have the same effect as perovskite compounds [140]. When perovskite 

compounds cannot be formed, the reactive element is distributed through the oxide 

(e.g., Sc has solid solubility for chromia) and cannot block the grain boundaries in an 

efficient manner [280]. 

Temperature has a major influence on effectiveness of the reactive element 

[247]; the benefits are increased with increasing temperature [203,291]. The 

maximum benefits are attained at a temperature range of 0.4 to 0.6 of the absolute 

melting temperature of the oxide scale [203]. 

The beneficial effects are usually observed at low concentrations of reactive 

elements, usually less than 1% (e.g. 0.1 to 0.2% for Ni-Cr-Al alloys [292]). Amounts 

over 1% seem to be detrimental [203,210,293,294] usually to the scale adhesion 

[292] or increases internal oxidation [295]. The amount required to produce the same 

reactive element effect may differ from one reactive element to another [213]. 

It is generally accepted that reactive elements must be uniformly and relatively 

finely distributed through the surface to be highly effective in improving oxidation 

resistance [160,203,280,140]. 

Different theories have been proposed to explain the reactive element effect [206, 

296,297] but the exact mechanism is not clear [227]; thereby, the debate over the 

main mechanism continues. 

The most known models that have been proposed are [206,250]: 
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(I) Enhanced scale plasticity [298-300], 

(II) Graded seal mechanism [206], 

(III) Enhancement of scale nucleation process [254,258,301-304] 

(IV) Modification of the oxide growth mechanism [56,217,247,260,266, 

280,291,297,305-312], 

(V) Oxide pegging to the alloy [213, 299,313-318], 

(VI) Vacancy sink model [229,294,319], 

(VII) Reduction of compressive stresses within the oxide [299,313], 

(VIII) Improved chemical bonding to the alloy [320] 

(IX) Sulfur (i.e., tramp elements) getter mechanism [210,321-327], 

(X) Dynamic segregation model [247], 

(XI) Poisoned interface model [238,328]. 

2.4.1 Enhanced Scale Plasticity 

It has been proposed that reactive elements may improve the resistance to 

spallation and thereby the adherence of the oxide scale to the substrate by relieving 

the induced stresses. Stresses can be introduced into the oxide scale either during 

isothermal oxidation or during cooling [299,329]. Under isothermal oxidation, 

stresses could be generated due to epitaxial growth of the oxide, ion or vacancy 

gradients in the oxide or alloy, oxide structural transformations, and porosity along 

the oxide/matrix interface [299]. Stresses generated during cooling come from the 

differences between matrix and oxide thermal expansion coefficient [329]. The 
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stresses at the oxide/matrix interface have higher values than these at the oxide/gas 

interface; thereby, the oxide scale adherence is related to the amount of stresses 

developed at the oxide/metal interface [330]. However, the stress amplitude depends 

on several factors including coherency of the interface, oxide microstructure, 

relevant diffusivities, growth mechanism, etc. [331]. For example, columnar oxide 

grains are likely to induce larger oxidation stresses than equiaxed grains [331]. 

The stress generated into the oxide scale can be relieved in several ways, 

including creep, cracking, and spalling [207]. The creep rate is related to the grain 

size according to Herring-Nabbaro or Coble models; as the grain size decreases the 

creep rate increases [140,217]. It has been shown that one effect of adding reactive 

elements to alloys is to reduce the oxide grain size. According to the above models, 

scale plasticity could be improved by a small grain size. However, it is not very clear 

if the reactive element additions promote the finer grain size throughout the scale 

thickness or just at the scale/gas interface [217]. In some cases, the oxide grain size 

can decrease throughout the scale when the concentration of reactive element is high 

enough [217] while in other cases the reactive elements do not result in a finer oxide 

grain size [311,332]. 

Another explanation for the enhanced scale plasticity assumes that the 

reactive elements increase the chemical potential gradients for atom transport, 

resulting in increases in the amount and mobility of vacancy defects. 

However, the enhanced plasticity model could be correct only for relaxing of 

the isothermally induced stresses; during cooling it is unlikely that thermally 

activated plastic deformation processes are able to keep up with the highly developed 
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stresses [217,237]. As a result, enhanced scale plasticity plays only a minor 

beneficial role. 

2.4.2 Graded seal mechanism 

The graded seal mechanism is based on the assumption that the reactive 

elements form an interlayer of oxide between the outer oxide layer and the matrix. 

This graded layer has a thermal expansion coefficient intermediate between that of 

the outer scale and the substrate and/or provides a graded transition of lattice 

constant [206,220]. As an example, an intermediate titanium oxide layer could form 

between alumina outer layer and the substrate of a ferritic Fe-Al-Ti alloy [220]. 

SIMS (secondary ion mass spectroscopy) investigations on oxide scales developed 

on specimens that were implanted with reactive elements showed that the reactive 

element oxides were found near the oxide/gas interface [217,300,319]. The graded 

seal mechanism may not fully account for the beneficial effects of reactive elements 

on oxidation. 

2.4.3 Enhancement of scale nucleation process 

Transient oxidation is defined as the rapid oxidation that takes place on the 

metal surface immediately after being exposed to environment and before steady 

state oxidation occurs [148,206,215]. The oxidation rate is high and all the elements 

present in the alloy form oxides proportional with their concentration [215]. Some 
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oxides (CoO, NiO) grow faster than others (Cr203), leading to the formation of a 

continuous layer of NiO or CoO [258,301,302,333]. These oxides are not very 

protective; thereby oxygen may diffuse relatively easily through them to react with 

chromium to form highly protective chromia. Eventually, a complete chromia-

healing layer develops under the NiO or CoO oxide layer [333]. The healing layer 

forms first at the intersections of grain boundaries with the surface then penetrates 

across the grains in a step-like manner, as chromium diffuses laterally from these 

locations [333]. After formation of the healing chromia layer, further oxidation 

proceeds by the transport of reactants throughout it, which is a relatively slow 

process. 

When reactive elements are present on the alloy surface, they oxidize first. 

Base metal oxides are undercutting the slow growing transient oxides and the 

reactive element oxides. However, the reactive element oxides act as heterogeneous 

nucleation sites for chromia oxides thereby decreasing the distance between adjacent 

chromia nuclei and reducing the time required for those to grow laterally and to form 

a continuous chromia layer [203,206,304]. As a result the transient oxidation is 

shortened. Decreasing the inter-nuclei spacing is also thought to promote a finer 

grain size. As a result, finer distribution and small spacing between reactive element 

sources promotes the formation of the healing chromia layer [254]. However, 

improved selective chromia oxidation and reducing oxide grain size do not occur 

only with the reactive elements. Any process or addition that reduces alloy grain size 

could increase chromium diffusion (due to large number of grain boundaries) and 

promote its selective oxidation [247]. Reactive element additions could pin alloy 
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grain boundaries and refine structure [12] thereby increasing chromium diffusion and 

finally promoting selective chromium oxidation. 

However, the above model cannot explain why finer grains are present on the 

top surface of the oxide layer. 

2.4.4 Modification of the oxide growth mechanism 

It is well known that Cr203 and NiO grow as a result of predominant outward 

cation diffusion through oxide grain boundaries [140,218,260,261,291,309,310,332, 

334-336]. It was proved that reactive elements segregate at chromia grain boundaries 

in the form of small particles of RE2O3 or perovskite compounds (RE)Cr03 [258]. 

The segregation may inhibit chromium ions outward diffusion such that the inward 

diffusion of oxygen ions could exceed that of the cations, causing a change in the 

oxide growth mechanism [280]. 

There are several ways by which reactive elements are supposed to decrease 

the grain boundary chromium ions diffusion flux: (1) blocking effect, (2) trapping 

effect, (3) decreasing in grain boundary concentration of chromium or a doping 

effect at the grain boundary [217,291]. It is assumed that reactive element ions that 

have larger sizes are able to block diffusion efficiently at oxide grain boundaries and 

to change the oxidation mechanism [337]. Also, segregation of the alloy addition 

should be easier than the oxide dispersion [213]. It is suggested that reactive 

elements with higher solubility in C^C^ are less effective in modifying the growth 

behavior due to less segregation [338]. The change in oxidation growth mechanism 
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may influence the condensation of vacancies at the oxide/matrix interface thus 

affecting the oxide scale adherence [208] and the oxidation behavior [217]. For 

example, a reduction in cation outward diffusion can cause a reduction in growth rate 

of the oxide scale; thereby, the growth stresses become smaller [220]. 

2.4.5 Oxide pegging to the alloy 

The improved oxidation behavior is often accompanied with the development 

of pegs in many alumina-forming alloys [213], but for chromia forming alloys the 

pegs are seldom observed. It is believed that oxide pegs could improve the scale 

adherence due to their potential to arrest crack propagation at the oxide/matrix 

interface therefore reducing the loss by spallation [339]. The adherence benefited by 

interfacial bonds strengthening with intrusion of pegs into the substrate [322]. The 

pegs are assumed to form due to selective oxidation of the reactive element at the 

oxide/matrix interface [315,316]. When reactive element is added as an oxide 

dispersion, the oxide particles intersecting the oxide/matrix interface are regarded as 

pegs. The oxidation process continues until all reactive element precipitates are 

oxidized; then alumina or chromia could form around the complex reactive element 

oxide core [315]. Further reaction may occur between the reactive element rich 

oxide-core and crust, to form intermediate oxide. The pegs are usually located at the 

substrate grain boundaries intersection with the oxide/matrix interface [313], and 

their number and depth increase with increasing reactive element addition. 
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However, when reactive elements were implanted or added as oxides, no 

pegs were observed but oxide scales were adherent to the substrate [319,332,340-

342]. Other research suggested that oxide pegs might act as stress concentrators 

and/or thermal mismatch between the alloy and the scale leading to increase in 

spallation [229]. 

As a conclusion, it is basically agreed that the oxide pegs could contribute, to 

some degree, to the improvement in scale resistance to spallation but this mechanism 

may not be the primary one that could fully explain the improved adherence of oxide 

developed on reactive metal containing alloys. 

2.4.6 Vacancy sink model 

The interface between the oxide and the matrix is weakened by the vacancies 

created by the oxidation process, vacancies that condense at the interface and have a 

detrimental effect on scale adhesion [213]. The vacancy sink model assumes that 

reactive elements prevent vacancy condensation at the oxide/matrix interface by 

providing alternative sites for vacancy sinks [318,343]. These sites could be the 

internal oxide particles of the reactive element, the reactive atoms or stable oxide 

dispersions [206,319]. It is suggested that vacancies arise from outward diffusion of 

cations to the scale especially during transient oxidation when base metal oxides are 

growing faster [206,319]. Also, the unequal substrate flux of alloy elements can lead 

to a net flow of vacancies to the interface [206]. However, it was proposed later that 

the supply of vacancies does not arise from the interface as a result of metal atoms 
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transfer into the scale but rather from vacancy sources within the metal that are 

activated by the growth stresses [213]. 

After oxidation of a reactive element implanted alloy there is no evidence for 

the presence of reactive element's precipitates inside the alloy and the concentration 

of the reactive element in solid solution is very low so that reactive element sites for 

vacancy sinks do not exist [217]. As a result, the vacancy sink mechanism may not 

account for the beneficial effect of reactive elements addition on oxide adherence. 

2.4.7 Reduction of compressive stresses within the oxide 

Compressive stresses develop when new oxide forms within the oxide layer 

due to a predominant outward flux of cations; thereby, higher growth stresses may 

result at the outer layer of the oxide scale [330]. No relevant stresses develop when 

oxide forms on the surface. However, stresses may be introduced due to transition of 

metal atoms to the oxide lattice at the oxide/matrix interface [331]. All of the stresses 

are high enough to plastically distort the oxide scale and the substrate [313]. 

Reactive elements prevent the formation of oxide within the oxide scale, 

shifting the reaction to the oxide/matrix interface [278,313]. It was proposed that the 

oxide/matrix interface was a better place for oxide formation [313,319]. Reduction of 

oxide formation within the scale leads to lower intrinsic compressive stresses [344]. 

As a result, the stresses introduced during the growth of oxide could increase to a 

large extent before failure occurs [344]. In addition, the stresses introduced 
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isothermally and/or during cooling are lower for thinner scales which are promoted 

by reactive elements [278]. 

2.4.8 Improved chemical bonding to the alloy 

The scale adhesion to the substrate depends on the nature of the atomic 

bonding across the oxide/matrix interface [206]. Reactive element additions are 

believed to improve directly the chemical bonding or indirectly by enhancing the 

epitaxial matching at oxide/matrix interface [228]. 

Two theoretical models were proposed to account for the improved 

adherence: 

(1) The work of adherence depends on the standard free energy of oxide formation: 

the more negative is the standard free energy, the higher is the work of adherence 

[278]. The work of adherence is increased when reactive elements are present 

because their energy of formation is more negative than the matrix oxides. 

(2) A mathematical model based on molecular orbital quantum theory. However, the 

model does not apply to other systems than Ni-Al-Y-0 [228]. 

It was suggested that increasing bond strength could facilitate the substrate 

deformation instead of more destructive cracking and spalling [278]. However, the 

explanation for the chemical bonding model seems to be unsatisfactory [228] in 

explaining the enhanced adherence of reactive element-containing scales. 
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2.4.9 Sulfur getter mechanism 

It was demonstrated that sulfur had a detrimental effect to the scale adhesion 

of both chromia and alumina forming alloys [228,322-324,326,327,345,346] even 

when sulfur was present at very low levels (e.g. 10 ppm). Reducing the sulfur 

content leads to better scale adhesion [324,327,347]. Sulfur segregation can lower 

the oxide scale adherence to the substrate by lowering the free energy at the interface 

or reducing the activation energy for void formation and growth at the oxide/matrix 

interface [446]. 

It was observed that reactive element additions prevented sulfur segregation, 

leading to increased adherence of oxide scales [210,321-327,348]. There have been 

several hypotheses proposed by which reactive elements could prevent sulfur 

segregation: 

(1) Reactive elements are known to have a deoxidizing and desulfurizing 

action when added to a molten alloy [228]; thereby, reactive elements are able to 

react with sulfur to form stable sulfides [213] or oxysulfides of the reactive element 

[210]. 

(2) Sulfur is tied up by segregation to internal reactive element oxides 

[210,213,228]. 

(3) Reactive element segregates at the interface, increasing the interfacial 

energy and thus decreasing the driving force for sulfur segregation [210]. 

However, hypothesis (1) cannot apply when reactive elements are added to 

alloys as oxide dispersions; reactive element oxides (yttria) are more stable than its 
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sulfides or oxisulfides [247]; therefore, the latter cannot be formed. In addition, when 

reactive elements are implanted in alloys, there is not enough supply of reactive 

element to form bulk sulfides [247] and sulfur cannot segregate at internal reactive 

element oxides (hypothesis 2). The third hypothesis seems more reasonable. 

2.4.10 Dynamic segregation model 

The dynamic segregation model is based on segregation of reactive ions at 

the oxide/matrix interface and oxide's grain boundaries. During transient oxidation, 

base metal oxides are dominant. It is assumed [247] that reactive elements effects on 

transient oxidation are minimal. After the transient oxidation is over and a 

continuous layer of protective oxides (chromia or alumina) is formed, the reactive 

elements strongly affect the scale growth mechanism and scale adherence. As 

oxidation proceeds, reactive elements diffuse toward the scale/gas interface 

following the fastest paths for diffusion in both metal and oxide scale [247]. Grain 

boundaries are the fastest paths for diffusion because they have a more open 

structure than the lattice allowing faster diffusion of species [140,349]. The oxygen 

potential gradient across the metal-scale-gas system represents the driving force for 

reactive element diffusion [140,247]. Reactive elements ions that diffuse towards the 

gas interface will segregate first at the matrix/scale interface [247]. When a critical 

amount of reactive element ions segregated at the matrix/scale interface is reached, 

two effects occur. First, larger reactive element ions diffuse slower than chromium or 

aluminum cations inhibiting the outward short circuit transport of cations along grain 
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boundaries; thereby oxygen inward diffusion along scale's grain boundaries become 

predominant leading to a reduction in oxidation rate especially for chromia forming 

alloys [247]. Second, the oxide scale grain growth is reduced both in chromia and 

alumina forming alloys due to a solute drag effect of reactive ions on the scale's 

grain boundaries. The presence of reactive ions at the matrix/oxide interface 

improves in scale adherence by raising the free energy at the interface, which 

diminishes the driving force for sulfur segregation, and by preventing growing of 

voids. 

As oxidation continues, scale grows primarily by inward oxygen diffusion 

along scale's grain boundaries while reactive ions continue to diffuse toward the 

oxide/gas interface and eventually, after hundreds of hours of oxidation, could enrich 

the scale in reactive elements near the gas interface [247]. 

However, for a coating, the reactive elements are mainly concentrated in the 

external part of the scale [236,243,282,285] but the reactive element is able to 

diffuse back from the outer to the inner part of the scale due to the reactive element 

chemical potential across the scale [218]. In this case, it was suggested [218] that the 

dynamic segregation model could be applied in the opposite way: the reactive 

element diffuses back to the alloy and blocks scale grain boundaries to inhibit the 

outward chromium transport. 
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2.4.11 Poisoned interface model 

The interface poisoning model is focused on the importance of interfacial 

reactions steps, discounting any role of reactive element doping in the scale 

[238,247]. Interfacial reactions provide the means for point defect creation and 

annihilation as well as facilitating the incorporation of cations and anions into the 

newly formed lattice sites [238]. Segregation of reactive elements at the oxide/matrix 

interface could pin the interfacial dislocations and stop cation vacancy annihilation 

by blocking cation transport across the scale; thereby, anion transport becomes 

predominant [238,328]. 

The model suggests that a semi-coherent interface is needed to maintain the 

adherence of the scale to the matrix. There are several kinds of defects that could be 

present at the matrix/oxide interface (figure 2.7): (I) misfit dislocations in the alloy, 

that occur due to inherent difference between the lattice parameters of alloy and 

oxide scale, (II) misorientation dislocations that appear in both metal and oxide scale 

due to interactions of glide planes with the interface, (III) disconnections, that is 

formed by the attractive bonding of a two misorientation dislocations of opposite 

signs, one from the alloy, the other form the scale, and (IV) ledge defects that 

provide a step corresponding to a rational number of misfit dislocations in order to 

maintain semi-coherency [238,350-352]. 

The metal/scale interface cation vacancies can be annihilated or interstitial 

cations created both by climb of misfit dislocations into the matrix and into the 

interface of misorientation dislocation [350]. 
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Figure 2.7: Interfacial defects at a semi-coherent oxide/matrix interface: (I) misfit 

dislocation, (II) misorientation dislocation, (III) disconnection, and (IV) ledge [351]. 

It is assumed that climb of misfit dislocations is favored due to their inherent 

presence and close spacing [238]. For cation diffusion scales, the new lattice grows 

at the ledge sites. For anion diffusion scales, the new lattice forms at metal/scale 

interface (figure 2.8). The attachment of the diffusion anions occurs either by climb 

of misorientation dislocations of the scale or by the translation of the disconnections 

in the metal/scale interface. The latter process must involve minor cation diffusion in 

order to repeat the misfit between the two lattices (figure 2.8) [238,351]. 

If the misfit dislocations are not maintained at the interface, tensile stress is 

induced in the metal and compressive stress is introduced in the scale, which could 

result in spallation [352]. 
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b) 

Figure 2.8: Growing of an oxide scale by major anion diffusion at oxide/matrix 

interface - the translation of the disconnections and the need of removing an extra 

atom from the interface: a) first step; b) a subsequent step [351]. 

As reactive elements segregate at the oxide/matrix interface during oxidation, 

they could pin the interfacial misfit dislocations in the metal, preventing their 

movement (figure 2.9). By doing so, reactive elements block the creation of 

interstitial cations and/or annihilation of cations vacancies required to support cation 

transport in the scale [238]. If the anionic interfacial step is not similarly blocked 

then anionic scale growth becomes predominant. However, disconnections do not 

represent sites for strong absorption of reactive elements and could function as sites 

for creation/annihilation of defects [238]. 
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Figure 2.9: Schematic representation of reactive ions pining misfit dislocations at the 

oxide/matrix interface [351]. 

2.4.12 Effects of reactive elements on oxidative wear 

Studies on the effect of reactive elements on the tribological behavior are 

rare. Most of the studies refer to the effects of yttrium or cerium on reducing 

synergistic action of wear and corrosion on different alloys at ambient temperatures. 

It was proved that yttrium or cerium addition, either in metallic form or as oxides, 

are beneficial in reducing corrosive wear when added to lubricants [353,354-356], to 

bulk alloys [357-359], as a constituent in protective coatings [275,279,360-365] or as 

a constituent gas during a nitriding process [366, 367]. Enhancing the surface passive 

film properties is the main factor that leads to the beneficial effects of yttrium and 

cerium additions on the wear resistance in aggressive environments. The main 

properties of the passive film that are improved by the reactive element additions are: 
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chemical stability, mechanical properties such as hardness, and adherence to the 

substrate. 

However, the enhanced passive film does not always function. For example, 

yttrium markedly increased the resistance of 304 stainless steel to corrosion-erosion 

in a slurry of 0.1 M H2SO4 containing 30% silica sand particles when tested at slurry 

velocities up to 4 m/s. However, when the velocity exceeded 4 m/s, no beneficial 

effect was observed [368]. The above behavior implies that at larger slurry velocities 

the passive film is not able to withstand the mechanical action and/or there is not 

enough time for the passive film to reform on the surface. 

When yttrium was added to aluminide coatings, an increase in the hardness 

of the aluminide coating resulted; thereby, improved wear behavior was achieved 

[358,362-364]. It was suggested that the resistance to corrosion-erosion of a 27Cr 

white cast iron containing 1%Y in different slurries was enhanced mainly due to the 

improvements of the passive film rather than the mechanical properties of the bulk 

material [369]. 

When yttrium was implanted to a wrought heat resistant alloy (ASTM A286) 

the abrasive wear resistance was improved. This improvement was related to the 

better mechanical properties (hardness, elastic recovery) of the surface layer 

[370,371]. Implanting erbium to 20Cr2Ni4 alloy led to a hardening effect on the 

surface layer which led to improved wear behavior under lubricated conditions 

[372]. Moreover, cerium implantation of GCr5 alloy improved the fretting wear 

behavior up to 50°C that was attributed to increase in the cohesive strength of the 

oxide film [373]. 
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Presence of reactive elements in alloys could lead to improvement in wear 

resistance at ambient temperatures due to beneficial effects of reactive elements on 

bulk mechanical properties of the alloys. For example, additions of reactive elements 

compounds such as ceria or lanthana to the composition of laser or flame sprayed 

clad layers markedly improved the wear behavior at room temperature under sliding 

conditions because reactive elements increased the hardness of the surface layer, 

refined its microstructure, reduced the number of inclusions, and formed hard phases 

[374-377]. Cerium additions to Al-Si alloys improved the wear behavior through 

solid solution strengthening and precipitation hardening effects [378]. However, in 

some cases reactive element additions do not improve the mechanical properties of 

the surface layer but wear rates are decreased at room temperature [379]. This 

behavior is attributed to the effects of reactive elements on the oxidative wear 

process; for example, Ce additions retarded the oxidation of M0S2 in the surface film 

on a Fe-Mo-S alloy [379]. 

Thermo-chemical treatments using reactive elements are proven to improve 

the erosion-corrosion wear behavior due to high hardness of the surface layer, better 

toughness, finer nitrides and improved passive film [366,367]. 

2.5 Possibilities of reactive elements to resist high temperature wear 

There are only three studies that refer to the applications of reactive elements 

to enhance high temperature wear resistance. The first one, in chronological order, 

studied the effects of yttrium implantation to a precipitation-hardened stainless steel 
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(ASTM A286) [371]. Wear tests were carried out at 400 C in a reciprocating ball on 

disc apparatus under a low load of 0.57 N. The ball was made of alumina. The wear 

test showed that yttrium implanted samples had a lower wear rate than the un-

implanted material. However, the wear behavior benefited from the higher surface 

hardness of the implanted region. The authors believed that the improvement was 

due to the beneficial effects of yttrium to oxidation but no proof was provided. 

The second study, considered the effects of yttrium (0.02%) on the wear 

resistance of a PVD-deposited TiAIN coating [186]. Wear tests were performed in a 

reciprocating ball on disc configuration at temperatures up to 900°C. Yttrium 

resulted in a significantly finer grained structure of the coating but did not show any 

beneficial effects on wear rates up to 800°C, when compared with the conventional 

TiAIN coating. At 900°C the wear behavior of the yttrium containing coating was 

improved over the conventional TiAIN coating. The authors refer to a "curing" 

behavior of the yttrium containing coating as temperature was increased. However, 

no explanation was provided regarding the above behavior and how yttrium affected 

the wear behavior. 

The most recent study demonstrated that a yttrium addition as an alloying 

element could make Stellite 6 considerably more resistant to high temperature wear 

[12]. Such improvement was attributed to the enhanced bulk hardness of the yttrium-

containing alloy but also to the enhancement of the mechanical properties of its 

oxide scale, especially hardness and adherence to the substrate. However, it was not 

clear which one provided the major contribution to the improvement of wear 

resistance. It was shown that 2% yttrium additions to Stellite 6 resulted in the 
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greatest improvement in the alloy wear performance. The 2% yttrium-containing 

sample showed the highest bulk hardness and the highest improvement of the oxide 

mechanical properties. This is in disagreement with the oxidation studies found in 

literature, which demonstrated that the highest improvement in oxidation behavior 

occurred at a reactive element concentration below 1%. It seems that the benefits to 

the wear behavior come in large fraction from the enhanced hardness of the bulk 

material. 

The objective of this work is to explore the mechanism responsible for the 

beneficial effect of yttrium on high-temperature wear resistance of cobalt based 

alloys and relevant issues through studying the effects of yttrium additions as an 

alloying element on the wear behavior of Stellite 21, from room temperature up to 

600°C, as related to microstructure, mechanical properties of both the alloy and its 

oxide scale, and oxidation behavior. A similar approach was applied to Stellite 712 

for comparison purposes. 

As presented in this chapter, there is no doubt that the oxide scale is 

beneficial to the high-temperature wear resistance at low stress conditions. However, 

how much an oxide scale contributes to the high-temperature wear resistance and 

whether or not there is a critical wearing force beyond which the oxide scale does not 

function need to be investigated in order to properly take advantage of an oxide scale 

to minimize wear at elevated temperatures. 

Various techniques were used to investigate the effects of yttrium addition to 

Stellite 21 and 712, including optical microscopy, X-ray diffraction, SEM (scanning 
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electron microscopy), EDS (energy dispersive microscopy), micro- and nano-

mechanical probes, micro-scratch tests, AFM (atomic force microscopy), SIMS 

(secondary ion mass spectroscopy), and pin-on-disc wear tests. 
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3.0 MICROSTRUCTURE 

This chapter presents results of the study on the main effects of yttrium on 

microstructure when alloyed to Stellite 21 and 712 alloys. The purpose is to provide 

a comprehensive view of yttrium effects on Stellite 21 and 712 alloy's 

microstructure and a base for interpreting corresponding wear behavior. This chapter 

comprises four main sections. The first one is related to the role of the alloying 

elements in modification of microstructure, phase formation, and general properties 

of cobalt based alloys; the second section describes alloy preparation and heat 

treatment; the third section illustrates the results of the microstructure examination 

while the last section presents the crystal structure of phases developed in the 

samples. 

3.1 General properties of Stellite alloys 

The nominal composition of Stellite 21 and 712 are given in table 3.1. Pure 

cobalt exhibits an allotropic phase transformation on cooling at 390°C (Ms) from a 

high-temperature stable y phase (FCC) to a low-temperature stable s phase (HCP). 

The transformation is reversible on heating, occurring at 430°C (As) [14]. When 

alloying elements are present, the transformation temperatures are affected, e.g., As 

is increased to 970°C for a Co-27Cr-5Mo-0.05C alloy [16]. However, under most 

cooling conditions, the transformation tends to be sluggish in a cobalt-based alloy; 

therefore, the cobalt matrix is a mixture of s and metastable y at room temperature 
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[26,380-382]. The volume fractions of the two cobalt allotropes determine the 

mechanical behavior of the alloy, e.g., the ductility is increased with increasing y 

phase [231,380,383]. As a result, alloying elements are carefully balanced to avoid 

lower ductility. 

Table 3.1: Nominal composition of Stellite 21 and 712 alloys as provided by Delloro 

Stellite Inc. 

Element Co 

Stellite 21 - composition[wt%] Bal 

Stellite 712 - composition[wt%] Bal 

Cr 

27 

29 

Mo Ni 

5.5 2 

8.5 2.5 

Fe 

3 

2.5 

Si 

1 

1.5 

Mn 

1 

1 

C 

0.25 

1.8 

The y-*s transformation may be induced by: 

(1) plastic deformation (strain-induced transformation - SIT) [380,384,385], 

(2) quenching from y phase field when casting [19,386], 

(3) aging at temperatures near 800°C [16,387,388]. 

The transformation is affected by several factors including the grain size of the 

parent phase [380,384], cooling rate [19,386,389], temperature and the duration of 

solution heat treatment prior to aging [16,22], and cooling procedure (e.g. quenching 

from the solution temperature directly to the aging temperature) [16]. The SIT can be 

linked to the absorption of energy in various wear situations, which explains the 

excellent galling resistance of cobalt base alloys [27,390]. Furthermore, the residual y 

phase has relatively low stacking fault energy (SFE) [380], which increases the work 
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hardening capability by hindering dislocation movement. For lower SFE (15 mJ/m ) 

the SIT mechanism prevails, while twinning is the predominant deformation mode at 

20 mJ/m2 [380]. 

Chromium improves the resistance to corrosion and oxidation and is the main 

carbide former (e.g. C^Ce). The amount of carbon present affects the formation of 

carbides and thus influences hardness, ductility and wear resistance of the alloy. 

Molybdenum is utilized as a solid-solution strengthener and to provide additional 

strength to the matrix by forming an intermetallic compound C03M0. Molybdenum 

also benefits the corrosion resistance of the alloy [14]. Molybdenum and chromium 

decrease the SFE [380,391] and can stabilize the s phase, while iron, nickel and 

manganese increase the SFE and stabilize the y phase [13,14,392,393]. 

Silicon and manganese are used for the casting procedure to enhance 

castability in terms of deoxidation, sulfur control and fluidity [14]. 

Both solid solution strengthening and carbide precipitation are used to confer 

Stellite 21 and 712 alloys adequate high-temperature mechanical properties. 

Carbides impede grain boundary growth, dislocation movement, and grain boundary 

sliding (creep resistance). Above temperatures of 1000°C the benefit of carbides is 

reduced (due to agglomeration and size increase of carbides); thereby solid solution 

strengthening becomes more important for the alloy high temperature strength [14]. 

Stellite 712 (table 3.1) contains high amounts of molybdenum for solid solution 

hardening and has relatively high carbon content (1.8%) that is necessary for 

increasing the amount of carbides, which will confer higher abilities to withstand the 

effect of wear at high temperature. 
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3.2 Alloy preparation and heat treatment 

There are several ways to introduce reactive elements to an alloy, including 

ion implantation, coatings or alloying. However, the reactive element effect is 

similar and independent of the method chosen to introduce the active elements to the 

alloy [240]. 

Ion implantation offers some advantages such as controlling the 

concentration of the reactive element into a thin surface layer, providing a 

homogeneous distribution of the reactive element, and not altering the substrate's 

microstructure. Coatings also offer some advantages, including relative ease of 

application and low cost in terms of reactive element quantity used. However, both 

methods have the major disadvantage of not providing an adequate supply of 

reactive element to reestablish protection when the oxide fails by spallation or 

mechanical contact. 

Alloying may have a negative impact on Stellite alloy's properties by 

reducing the high-temperature ductility due to internal oxidation of the reactive 

element compounds [281] or making it difficult to control the composition during 

casting procedures. However, hardening due to dispersed reactive elements and their 

oxides or intermetallic compounds could benefit the wear resistance. In addition, the 

segregation of reactive element at oxide grain boundaries, an important step for the 

reactive element effect to happen, should be favored for alloy additions rather than 

oxide dispersion additions. Alloying with the addition of a reactive element is an 

effective method of incorporation into bulk Stellite alloys in order to improve their 
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wear resistance under the harsh wear conditions (e.g., galling wear) encountered in 

practice. 

Stellite 21 and 712 alloys provided by Deloro Stellite Inc. were re-melted 

with added yttrium powder (-40 mesh) in an arc-melting furnace (MRF INC. SA338-

V&G). Figure 3.1 presents the SEM images of the yttrium powder and the 

corresponding EDS analysis that confirmed that no other impurity elements were 

present. 
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Figure 3.1: a) SEM images of yttrium powder that was alloyed to Stellite 21 and 712 

alloys and b) the corresponding EDS analysis. 

Several groups of alloy samples were made containing 0, 0.5, 1, 2, and 5-

wt% yttrium, respectively. The cast samples had the following dimensions: 
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10x10x30 mm. Special care was taken in order to limit yttrium exposure to oxygen. 

The melting and solidification conditions are given in Table 3.2. In order to increase 

the degree of homogenization, all samples were turned over and re-melted 

consecutively five times. 

Table 3.2: Experimental Conditions for Re-melting of Stellite 21 

Parameters Melting conditions 

Vacuum pressure before filling with Ar gas 

Ratio of vacuum/back-fill with Ar gas 

Protection gas 

Gas flow during melting and cooling 

Pressure during melting and cooling 

Electrode type 

Electrode diameter 

Arc current 

No. of turning over and re-melting 

-90 to-95 kPa (27-28" 

3 times 

Argon 

21/min 

10kPa(1.5psi) 

Thoriated tungsten 

4.8 mm 

160/240 A 

5 times 

Some difficulties were encountered during arc melting regarding arc stability, 

which were attributed to the presence of yttrium. The presences of rare earths (e.g., 

less than 0.02wt% cerium that is used for desulphurization and to modify sulphide 

shape during rolling procedures) in the composition of steels that are welded create 

arc instabilities, leading to "flaring" behavior. The flares originate at rare earth 

oxysulphide inclusions that float around the weld pool when the electrode polarity is 
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positive. The oxides of rare earths have a low work function and thereby emit 

electrons very easily [394-396]. 

Due to Lorentz forces within the weld pool, these oxides move around from 

one area to another, causing multi-directional forces on the arc column. Under the 

present conditions, the electrode was on negative polarity, so the flaring was 

minimized as electron emission takes place at the electrode tip and not at the sample. 

However, the arc was unstable with reduced penetration. 

The reactive element was likely still able to emit electrons due to plasma 

impingement on the sample surface, which could create a back-reaction force in the 

arc column. As a result, the maximum arc time was reduced to 8 s in order to protect 

the electrode. 

The samples were homogenization annealed at 815°C for three hours 

followed by air cooling. After the homogenization treatment, samples were cut using 

an abrasive disc cutter machine (Buehler, NY, USA). 

3.3 Results of microstructure examination 

Standard techniques were used to prepare specimens for optical 

metallography. Final polishing was performed using a 0.05 urn alumina slurry. A 

solution of HC1 and 30% H2O2 (volume fraction 6:1) was used to etch the samples. 

Microstructures of the samples were observed using an optical microscope (Olympus 

PME3-ADL). Figure 3.2 and 3.3 illustrate microstructures of Stellite 21 and 712 

samples with and without yttrium additions, respectively. 
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c) d) 

e) 
Y and Mo 
rich zones 

Figure 3.2: Optical microstructures of Stellite 21 alloy modified with: a) 0%Y; b) 

0.5%Y; c) 1%Y; d) 2%Y; e) 5%Y. 
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Figure 3.3: Optical microstructures of Stellite 712 alloy samples with a) 0%Y, b) 

0.5%Y, and c) 5%Y. The light and dark domains are dendritic and interdendritic 

regions, respectively. 

All the samples showed a typical dendritic microstructure. The unmodified 

Stellite 21 sample had a finer form than the yttrium-modified ones. No marked 

differences in microstructure were observed among the specimens. However the 

inerdendritic regions of the 5% yttrium-containing specimens showed a slightly 

different response to etching. The changes in the shades of grey for the different 
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domains resulted from changes in composition and the formation of a new phase, 

Co2YSi2 (see chapter 3.4), which could influence the etching effect. 

Figure 3.4 presents EDS maps of molybdenum and yttrium in Stellite 21 

samples containing 0, 0.5, and 5-wt% yttrium, respectively. Corresponding SEM 

back-scattered electron images are also presented in figure 3.4. 

Molybdenum is concentrated in the interdendritic regions. The 1% and 2% 

yttrium-containing samples have similar molybdenum and yttrium distributions as 

the samples presented in figure 3.4. Yttrium was not homogeneously distributed but 

appeared to be concentrated in some small regions in the interdendritic regions 

especially where the molybdenum was rich. 

SEM images of heat-treated (homogenization) and untreated Y-free and 

5%Y- containing Stellite 712 specimens are presented in figure 3.5. 

Figure 3.6 presents EDS maps of molybdenum, chromium, cobalt, nickel and 

yttrium in Stellite 712 sample containing 5-wt% yttrium after heat treatment. It was 

demonstrated that rich molybdenum eutectics and chromium eutectics, respectively, 

were formed in the interdendritic regions. The 0.5%, 1% and 2% Y-containing 

samples had similar molybdenum and chromium distributions but as the amount of 

yttrium increased it seems that the chromium-rich eutectic became slightly coarser 

due to enhanced atomic diffusion at the high homogenization temperature. No silicon 

was detected in the chromium-rich phase in all specimens. 
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Figure 3.4: SEM and EDS compositional dot maps of Stellite 21 alloy modified with: 

a) Yttrium free; b) 0.5%Y; c) 5%Y. 

Similar to Stellite 21, yttrium was distributed where molybdenum was rich. 

Before the homogenization treatment, yttrium was not homogeneously distributed in 

the 5%Y-containing sample and appeared to be concentrated in some interdendritic 

regions. According to binary phase diagrams (e.g. Co-Y, Ni-Y), yttrium has very 

limited solid solubility in the elements present in Stellite 21 and 712 at room 

temperature; therefore, yttrium could segregate in the interdendritic regions. 
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- * «/'•:•«!» 

c) d) 

e) 

Figure 3.5: SEM images of Stellite 712 alloy samples with a) 0%Y - untreated; b) 

5%Y - untreated; c) 0%Y - heat treated; d) 5%Y - heat treated; e) 0%Y - heat 

treated, at higher magnification 
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Figure 3.6: EDS compositional dot maps of Stellite 712 alloy containing 5%Y; a) Y, 

b) Cr, c) Mo, d) Co, e) Ni, f) corresponding SEM image. 

According to a binary Mo-Y diagram, molybdenum and yttrium are insoluble 

in each other at room temperature. 

It is known that molybdenum solutes diffuse preferentially to stacking faults 

[389] which might provide more space to accommodate yttrium atoms that have a 

larger radius (0.181 run), compared to other elements in the alloy (e.g. Co, Ni, Fe, 

Cr, and Mo). This might be a reason why yttrium was more concentrated in the 

molybdenum-rich regions. 

Exposure at 815°C for three hours (homogenization treatment) promoted the 

diffusion of molybdenum to the interdendritic regions. Segregation of molybdenum, 

a HCP stabilizer, could play a strong role on the generation of preferential nucleation 

sites for isothermal cobalt martensite. However, the homogenization temperature and 
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duration were too low and short, respectively, to promote carbide dissolution or 

coarsening. 

3.4 Crystal structure of phases developed in the samples 

A Rikagu X-ray diffractometer using Cu Ka radiation (X = 0.154056 nm) was 

used to determine the crystal structures of phases developed in the samples. The 

samples for X-ray examination had a dimension of 10x10x1 mm. Prior to X-ray 

analysis, the specimens were polished using a 0.05um alumina slurry then etched to 

remove the deformed surface layer caused by polishing. 

Figure 3.7 presents X-ray diffraction patterns of Y-free, 1% and 5% yttrium-

containing Stellite 21 samples, respectively. X-ray patterns of 0.5, and 2% yttrium-

containing Stellite 21 samples were similar to that of the sample containing 1% 

yttrium. 

Identified major phases were: 

• Co3Mo (HCP), 

• y-Co (FCC), 

• s-Co (HCP). 

As shown in figure 3.7, some minor phases such as M23C6 (where M was Cr, Co, 

Mo, or Fe - e.g., Cri7Co4Mo2C [14,26]), or NiCrCoMo may be present but cannot 

not be positively identified due to peak superposition. Reference [14] indicates that 

M23C6 usually forms in cobalt based alloys and NiCrCoMo may also be present. 
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Figure 3.8 illustrate X-ray diffraction patterns of Y-free, 0.5% and 5% Y-

containing Stellite 712 samples, respectively. X-ray patterns of 1 and 2% Y-

containing Stellite 712 specimens are similar to that of the specimen containing 0.5% 

yttrium. Identified phases were: 

• Co3Mo (HCP), 

• y-Co (FCC), 

• s-Co (HCP) 

• Cr23C6(FCC). 

which were similar to these found in Stellite 21. An additional minor phase was 

identified: Fe2Mo3 (Table 3.3). NiCrCoMo phase may be present but cannot be 

positively identified due to the peak superposition. 

The X-ray result was consistent with these reported in literature 

[14,24,26,49]. Addition of a small amount of yttrium did not result in the formation 

of any new phase. All specimens contained both y and s cobalt allotropes at room 

temperature. This happened because the e phase was hard to generate under normal 

cooling conditions such as air cooling [389]. The metastable y phase could fully 

transform to s phase if the y phase is aged at 815°C prior to cooling. 

For 0.5, 1, and 2 wt% yttrium-containing samples, no extra x-ray diffraction 

peaks were detected, probably because the amount of yttrium was not sufficient for 

the formation of new phases or more probably because any phases formed were too 

small to be detected. However, a new phase (Co2YSi2) was formed at higher yttrium 

contents, e.g. at 5%. 
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Figure 3.8: X-ray diffraction patterns of Y-free, 0.5%, and 5% yttrium-containing 

Stellite 712 samples, respectively. 
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Table 3.3: XRD of phases in Stellite 712 corresponding to the peak numbers in 

figure 3.9. 

Phase 
Peak number 

_ __ _ _ _ __ _ _ _ _ _ ___ 

8-Co '- "- '- : (100) - (002) (101) I I - (110) 

y-Co ( I l l ) - - (200) - (220) 

Ni-Cr ( I l l ) - - (200) - (220) 

Co-Mo 

Co3Mo - - - (200) - - (002) (201) - - (220) 

Cr 2 3Q - (420) - - (422) - (511) - (440) (600) - (822) 

Fe2Mo3 - - X X - X - X - - - X 

Co2YSi2 (103) (112) (200) . . . -

Note: "x" indicates that the h k 1 are not indexed. 

As described in the next section, the mechanical behavior of Stellite 21 was 

improved by the y-»e transformation as well as by the formation of the C03M0 

intermetallic and by M23C6 carbides. It appears that yttrium did not affect the 

existence/extent of these phases but produced a slightly coarser microstructure. 
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4.0 EVALUATION OF THE MECHANICAL PROPERTIES 

This chapter presents results of the studies on changes of mechanical 

properties of Stellite 21 and 712 when alloying different amounts of yttrium to the 

alloys. The purpose of this investigation is to provide a framework for interpreting 

their wear behavior. This chapter comprises two main sections: the first one 

describes the changes of hardness at both macro and micro levels while the second 

section estimates the amount of cobalt allotropes present in the samples after heat 

treatment and strain hardening, respectively. 

4.1 Hardness 

Macro-hardness was measured using a conventional Rockwell hardness tester 

under a load of 1471 N. The HRC value reported is an average of five measurements. 

Results of the macro-hardness measurement (HRC) on Stellite 21 are given in figure 

4.1. It was demonstrated that yttrium did not markedly influence the hardness of the 

alloy. 

Similar to Stellite 21, the macro-hardness of Stellite 712 samples was not 

affected by the yttrium addition; both show a value around 52 HRC. 

Local mechanical properties of different phases in the samples were 

determined using a micro-mechanical probe (Fisher Technology Ltd., Windsor, CT, 

USA) under different maximum loads (from 20 to 1000 mN). Each reported value is 

an average often measurements. 

91 



Stellite 21 - Hardness 

45 
& 40 
£ 35 
1 30 + 
•§ 25 
fl 20 

* 15 
2 10 
3 5 

^ 0 

T93 38.7 37.1 

noY 0.5%Y 1%Y 2%Y 

Amount of Yttrium added to the alloy 

5%Y 

Figure 4.1: Macro-hardness (HRC) values of yttrium-free and yttrium-containing 

Stellite 21 samples. Error range: ±0.3 HRC. 

The technique is based on Vickers indentation, which provides information 

on local hardness and elastic behavior [397]. The rj value, a measure of elastic 

behavior, and indentation depth were determined. The elastic behavior was 

established using the ratio of elastic deformation energy (We) to the total 

deformation energy (Wtot) [398]: 

TJ Wtn 
{4.1} 

The area enclosed by the loading curve and the maximum depth of penetration (area 

ABC) represents Wtot, and We is represented by the area DBC (figure 4.2). 

Figures 4.3 and 4.4 present plots of r| ratio and depth versus indentation load 

for dendritic and slightly harder interdendritic areas of Stellite 21 samples as shown 

in figure 3.2. 
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Figure 4.2: A load-depth curve from micro-hardness test. 
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Figure 4.3: Curves of r| ratio and indentation depth versus indentation load: 

Dendritic regions. Error range: ±5%. 
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Figure 4.4: Curves of iq ratio and indentation depth versus indentation load: 

Interdendritic regions. Error range: ±5%. 

The local mechanical properties of various phases or domains in Stellite 712 

samples were also evaluated using the micromechanical probe. Similar to Stellite 21, 

yttrium additions did not significantly modify the mechanical properties of these 

regions in the Stellite 712 samples as illustrated in figure 4.5. 
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Figure 4.5: Curves of r| value and indentation depth versus indentation load: a) 

Interdendritic regions; b) Dendritic regions; Error range: ±5%. 
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4.2 Stress induced y ->• 6 transformation in Stellite 21 samples with and 

without yttrium addition 

Deformed and un-deformed specimens were examined using the X-ray 

diffraction technique in order to check if the y-»s transformation was induced by 

stress. Un-deformed specimens were polished using a 0.05 urn alumina slurry then 

etched in order to remove additional strain caused by polishing. The deformation was 

achieved by hammering, which was performed in the same manner to all samples. 

Statistically, the hammering effect should be the same to all samples. Macro-

hardness (HRC) of the deformed specimens was also measured in order to determine 

the degree of strain hardening for all samples. 

Figures 4.6, 4.7, and 4.8 respectively present X-ray diffraction patterns of 

deformed and un-deformed yttrium-free and yttrium-containing samples. Relative 

fractions of metastable y phase (x), and s phase (1-x) were estimated from integrated 

intensities, I, of (1011) 8, and (200)y peaks using the following equation [399]: 

1011 

The quantitative analysis (Equation {4.2}) indicated that the fraction of e 

phase in the stress-free specimens was 0.2 for the yttrium-free sample, 0.25 for the 

0.5% yttrium-containing sample, and 0.3 for the 5% yttrium-containing sample, 

respectively. Those amounts are considerably less than the saturation level of 0.9 

[384]. 
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It is clear that athermal martensite was hard to generate under the present 

solidification conditions. 

a 
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Figure 4.6: X-ray diffraction patterns of unstrained and strained Yttrium-free 

samples 

Po - (002) s, (511 )M23C6, (002)Co3Mo, 

Pi - (1011) s, (400)M23C6, (201)Co3Mo P2 - (200)y, (600)M23C6, (200)NiCrMo 
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Figure 4.7: X-ray diffraction patterns of unstrained and strained 0.5% Yttrium-

containing samples 

Po - (002) e, (511)M23C6, (002)Co3Mo, (11 l)y 

Pi - (1011) e, (400)M23C6, (201)Co3Mo P2 - (200)y, (600)M23C6, (200)NiCrMo 
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Figure 4.8: X-ray diffraction patterns of unstrained and strained 5% Yttrium-

containing samples 

Po - (002) e, (511)M23C6, (002)Co3Mo, (11 l)y 

Pi - (1011) s, (400)M23C6, (201)Co3Mo, (200)Co2YSi2 

P2 - (200)y, (600)M23C6, (200)NiCrMo 

99 



The relatively medium cooling rate also created less favorable conditions for 

defects that could serve as nucleation sites of isothermal martensite during 

homogenization treatment. Development of defects (e.g., stacking faults) is known to 

be favored at high cooling rates [389] and stacking faults might serve as potential s 

martensite embryos. However, the amount of athermal martensite is usually lower in 

fine grained materials and increases with increasing grain size [386]; thereby the 

lower s phase amount on yttrium-free samples could arise from its finer 

microstructure when compared with the yttrium-containing samples. 

The above results demonstrated that alloying yttrium did not significantly 

affect the ratio of the cobalt allotropes. 

After deformation, the fraction of s phase increased to 0.45 in the yttrium-

free sample, to 0.51 in 0.5% yttrium-containing sample, and to 0.75 in the 5% 

yttrium-containing sample, respectively. The y-»s transformation was induced in 

Stellite 21 by strain, and it appears that yttrium additions promoted the 

transformation. Such a transformation could improve the performance of the alloy 

when subjected to mechanical attack due to strain hardening and formation of 8 

phase with (0001) planes preferably oriented parallel to the worn surface which is 

easily shared during sliding wear [90,400]. 

Is should be pointed out that the changes in peak Po intensity could be 

influenced by texture induced by deformation. However, a strong texture may not be 

possible due to inhomogeneous hammering. Therefore, if the effect of texture 

existed, it should be minor or negligible. 
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The hardness of 5% yttrium containing sample increased from 37.4 HRC to 

42 HRC caused by the deformation treatment, while that of the yttrium-free sample 

increased from 39.4 HRC to 41HRC. The trend was similar for the other yttrium-

containing samples. It appeared that the yttrium-containing samples had a higher 

strain-hardening capability. 

Although the difference in hardness between the deformed yttrium-free and 

yttrium-containing samples was small, the higher "strain hardening" capability with 

yttrium addition would benefit the wear resistance of the alloys. 
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5.0 EVALUATION OF OXIDE'S SCALE MECHANICAL PROPERTIES 

This chapter report results of studies on the mechanical properties of the 

oxide's scales developed on yttrium-free and yttrium-containing Stellite 21 and 712 

alloys after oxidation at elevated temperatures. The goal of the investigation is to 

collect experimental data for interpreting the influence of yttrium on the wear 

behavior of cobalt-based alloys. This chapter comprises three sections: (1) the 

oxide's scale mechanical properties; (2) the interfacial strength of the oxide/matrix 

interface, and (3) the phases developed in the oxide scale. 

5.1 The mechanical behavior of the oxide scale 

Stellite 21 and 712 samples with and without yttrium, respectively, were 

polished with a 0.05 um alumina slurry and then heated in a furnace and oxidized in 

air at 600°C for 20 minutes. The sample's dimensions were 15mm x 8mm x 6 mm. 

The hardness of oxide scales on yttrium-free and yttrium-containing samples were 

investigated (using a nano-mechanical probe (Hysitron, Minneapolis, USA) at room 

temperature after being oxidized at 600 C. The nano-mechanical probe was a three-

sided diamond pyramid (tip angle=90°). The test was performed under several 

maximum loads (from 20 to 150uN) and corresponding load-depth curves were 

recorded. Hardness and elastic behavior of the oxide scales were determined from 

the curves and each reported value was an average often measurements. The smaller 

the indentation depth under a given maximum load, the harder is the material. 
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Figure 5.1 and 5.2 show load-depth curves of yttrium-free, 0.5% and 5% 

yttrium-containing samples of Stellite 21 and 712, respectively. Indentation depth 

and r| values determined from the indentation test are presented in Table 5.1 and 5.2. 

Displacement [nm] 

Figure 5.1: Nano-indentation curves of the oxide scales on Yttrium-free and Yttrium-

containing samples of Stellite 21. 

0 2 4 6 8 10 
Displacement [nm] 

Figure 5.2: Nano-indentation curves of the oxide scales on yttrium-free, 0.5% and 

5% yttrium-containing Stellite 712 samples, respectively. 
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Table 5.1: Mechanical properties of the oxide scale obtained from nano-indentation 

test (error range depth: ±0.4 nm, r|: ±2%) 

Material 

Yttrium free Stellite 21 

Stellite21-0.5%Y 

Stellite 21 - 1%Y 

Stellite 21-2%Y 

Stellite 21-5%Y 

Maximum load 

[HN] 

40 

80 

100 

150 

40 

80 

100 

150 

40 

80 

100 

150 

40 

80 

100 

150 

40 

80 

100 

150 

Maximum depth of 

indentation [nm] 

4.8 

6.7 

8.6 

11.6 

2.8 

4.9 

6.1 

8.2 

3.9 

6.6 

7.5 

10.2 

3.2 

5.7 

6.7 

9.6 

3.2 

6.3 

8.3 

11 

il 

[%] 

44.8 

46.5 

47.5 

43.7 

66.1 

61.5 

63 

63.6 

59.5 

58 

58.1 

57.4 

64 

63 

61.3 

58 

61 

56.4 

60.8 

56.5 



Table 5.2: Mechanical properties of the oxide scale obtained from nano-indentation 

test (error range depth: ±0.4 nm; r\: ±3%). 

Material 

Y-free Stellite 712 

Stellite712-0.5%Y 

Stellite 712 - 1%Y 

Stellite 712-2%Y 

Stellite 712-5%Y 

Maximum 

load [uN] 

20 

40 

80 

20 

40 

80 

20 

40 

80 

20 

40 

80 

20 

40 

80 

Maximum depth of 

indentation [nm] 

4.6 

8.4 

13.4 

4.4 

6.8 

11.3 

5.1 

7.0 

12.7 

5.6 

9.5 

13.8 

5.8 

9.4 

14.7 

T\ 

[%] 

33.8 

31.0 

34.0 

42.3 

40.0 

51.7 

32.2 

34.2 

35.2 

27.4 

22.4 

21.0 

37.0 

32.0 

29.5 

The oxide formed on the unmodified Stellite 21 sample was the softest with 

the largest indentation depth and the smallest n ratio, while the 0.5% yttrium-

containing sample showed the best mechanical properties. The nano-indentation tests 
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demonstrated that the oxide scale developed on yttrium-containing Stellite 21 

samples was harder and had higher n values. 

Similar to that on Stellite 21, the oxide scale formed on the 0.5% yttrium-

containing Stellite 712 was the hardest with the lowest indentation depth and the 

highest r\ value. However, high yttrium concentrations did not benefit the oxide scale 

of Stellite 712 in terms of hardness and r\ value as Table 5.2 and figure 5.2 illustrate. 

5.2 Evaluation of the interfacial strength of the oxide/matrix interface 

The interfacial strength at the oxide/matrix interface of the oxide scales 

developed on yttrium-free and yttrium-containing samples was investigated at room 

temperature (using a micro-scratch tester (Center for Tribology, Inc., Mountain 

View, CA, USA) after being oxidized at 600°C for 20 minutes. The micro-scratch 

test was performed using a pyramidal tungsten carbide tip under a linear increasing 

load from 0 to ION. The tip was moved at a horizontal velocity of 0.05 mm/s. The 

electrical contact resistance (ECR) between the tip and the sample was monitored in 

situ. When the tip contacts an oxidized surface, at the beginning of the test, the 

electrical contact resistance is high because the oxide layer acts as an insulator. As 

the tip moves horizontally along the surface, under a normal load that is increased 

continuously, the oxide is broken when the load reaches a certain level. As a result, 

metallic contact is established between the tip and the substrate, leading to a drop in 

the electrical contact resistance. The first drop in the electrical contact resistance 

(ECR) corresponds to failure of an oxide scale. The critical load corresponding to the 
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ECR drop represents the critical force required to scratch off the surface oxide from 

the sample and is therefore a measure of the oxide adherence to substrate. 

Figure 5.3 and 5.4 show results of micro-scratch test for yttrium-free, 0.5% 

and 5% yttrium-containing Stellite 21 and 712 samples, respectively. The results 

presented are the average of at least seven micro-scratch tests. The average error was 

± 0.25 N. The yttrium-containing samples showed higher values of critical load than 

the unmodified sample. Same trend was observed also for 1 and 2% yttrium-

containing samples. 

The micro-scratch results indicated that the oxide scale developed on yttrium-

containing specimens was quite adherent to the substrate compared with that on 

yttrium-free specimens. It should be pointed out that the scratch test is only a 

technique for qualitative evaluation of the interfacial strength since the scratch 

resistance is affected not only by the interfacial strength but also by the mechanical 

properties of the oxide scale. 
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Time [s] 
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a) 

b) 

c) 

Figure 5.4: Micro-scratch test with in situ monitoring changes in electric contact 

resistance on Stellite 712 specimens: a)Yttrium-free; b) 0.5%Y; c) 5%Y. 
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5.3 Crystal structure of phases developed in the oxide scale 

Structures of the oxide scales formed at 600°C on different samples were 

investigated using the low incidence X-ray diffraction technique. The angle between 

X-ray and the sample surface was 2°. 

Figure 5.5 and 5.6 present low incidence X-ray diffraction patterns of oxide 

scales developed at 600°C on yttrium-free, 0.5%, and 5% yttrium-containing Stellite 

21 and 712 samples, respectively. The X-ray diffraction patterns for 1 and 2% 

yttrium-containing samples were similar to that of 0.5% yttrium-containing sample. 

The main oxide phase developed on unmodified Stellite 21 was identified as 

Cr2C>3. Several minor phases were identified including CoO, NiO, and M017O47. 

Other minor phases such as C0M0O4, SiC>2, CoMn204; C0M0O3, and CoCr204 could 

be present. These phases cannot be positively identified due to peak overlap. 

However, as shown in chapter 7, at longer oxidation periods, manganese and silicon 

rich oxides were observed in the oxide scale, as confirmed by SIMS analysis. The 

oxide scale grown on yttrium-containing samples contained an additional phase: 

Y203. 

The oxide scale developed on yttrium-free Stellite 712 was formed mainly by 

Cr203. Possible minor phases were M017O47, and CoMn204. The oxide scale grown 

on the samples containing 0.5 and 1% yttrium did not have the cobalt-manganese 

oxide but contained a new phase: Y2O3. The presence of the yttria phase could be a 

reason why the oxide scale developed on 0.5 and 1% yttrium containing samples 

showed higher hardness. 
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Figure 5.5: Low angle X-ray diffraction patterns of the oxide scales developed on: I) 

yttrium free; II) 0.5%Y; III) 5% yttrium-containing Stellite 21samples, respectively 

Where: a - Cr203; b - CoO; c - CoMo04; d - CoCr204; f - Moi7047; g - C0M0O3; 

h - CoMn2C>4; j - NiO; k - Si02; y - Y2O3; s - substrate (CPS stands for counts per 

second). 
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Figure 5.5 (continued):Low angle X-ray diffraction patterns of the oxide scales 

developed on: I) yttrium free; II) 0.5%Y; III) 5% yttrium-containing Stellite 21 

samples, respectively 

Where: a - Cr203; b - CoO; c - C0M0O4; d - CoCr204; f - M017O47; g - C0M0O3; 

h - CoMn204; j - NiO; k - Si02; y - Y203; s - substrate (CPS stands for counts per 

second). 

Besides, the absence of the cobalt-manganese oxide could also be beneficial to the 

oxide scale. It has been reported that manganese is richer in the outer region of oxide 

scales on Cr-containing alloys [56,205,235,262,401]. 

It appears that the diffusion of manganese ions in chromia scales is much 

faster than chromium ions [402]. Consequently, if the diffusion of Mn is reduced 

possibly by the existence of large yttrium atoms, the Cr203 phase may thus take more 

volume fraction in the oxide scale, resulting in a stronger oxide scale. 
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Figure 5.6: Low angle X-ray diffraction patterns of the oxide scales developed on: a) 

yttrium free; b) 0.5%Y; c) 5% yttrium containing Stellite 712 samples, respectively, 

a - Cr203; b - M017O47; c - CoMn204; y - Y203; s - substrate (CPS stands for 

counts per second). 
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However, Y203 phase as well as M017O47 were not detected in the oxide 

scales developed on 2 and 5% Y-containing specimens. The absence of M017O47 may 

be attributed to possible effect of yttrium on the diffusion of Mo into the oxide scale. 

It is unclear why Y2O3 phase was not detected in the oxide scales on specimens with 

2 and 5% yttrium. It might be related to the enhanced interaction between Y and Mo, 

leading to the following two possible effects: 1) the enhanced interaction could also 

affect the migration of yttrium itself towards the oxide scale when Mo was blocked 

by yttrium in the surface region, and 2) the amount of Y2O3 particles in the oxide 

scale more likely be too small to be detected using XRD. Further studies are 

necessary in order to clarify this issue. Anyway, the absence of the yttrium and 

molybdenum oxide phases in the oxide scales developed on specimens containing 2 

and 5% yttrium could explain their lower hardness. 
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6.0 WEAR BEHAVIOR 

This chapter is focused on the evaluation of the wear performance of yttrium-

free and yttrium-containing Stellite 21 and 712 alloys, from room temperature up to 

600°C. The purpose of this work is to investigate the effects of yttrium additions on 

the wear behavior. Chapter six comprises two sections: (1) the wear performance of 

yttrium-free and yttrium-containing samples from room temperature up to 600°C; (2) 

how much an oxide scale contributes to the high-temperature wear resistance. 

6.1 Wear performance of yttrium-free and yttrium-containing samples from 

room temperature up to 600°C. 

6.1.1 Stellite 21 

Sliding wear tests were performed with a high-temperature pin-on-disc 

tribometer (CSEM Instruments, Neuchatel, Switzerland). The disc was the sample 

under study (15x8x5 mm) and the pin was an alumina ball with its diameter equal to 

6 mm. The counterface was chosen to be a ceramic material because at the testing 

temperatures used for this study its mechanical properties will not be changed. Also, 

alumina has a high hardness; thereby, it was expected that it would not be 

significantly worn during the tests. All tests were performed at a sliding speed of 1 

cm/s along a circle path of 0.8 mm in radius under a normal load of 2 N. Prior to 

each wear test the surface of specimens was polished using 6|xm-diamond paste. 
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The volume loss was determined by measuring the profile of wear track using 

a contact profilometer (Tencor Instruments, USA). Figure 6.1 shows the average 

wear rate versus temperature under a normal load of 2 N for 4000 laps. All samples 

reached wear maxima around 200°C followed by a decrease and then an increase in 

the wear loss as the temperature was continuously raised. The wear loss of the 

yttrium-free Stellite 21 sample was the greatest at all temperatures. The difference in 

the wear volume between yttrium-free and yttrium-containing samples became more 

obvious at higher temperatures. 

111111111111111111111111111ii1111111111111111111ii1111111111111111 

0 100 200 300 400 500 600 
Temperature [ C] 

Figure 6.1: Wear loss with respect to temperature of Stellite 21 samples with and 

without yttrium. Error range:±10[(4,m3/mm]xl04. 

Reflected light microscopy and SEM were used to observe morphologies of 

worn surfaces. EDS was used to determine the local chemical composition of the 

worn surfaces. Figure 6.2 illustrates optical micrographs of wear tracks on the 
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samples after sliding wear tests at 600 C for 4000 laps. The yttrium-free Stellite 21 

sample showed larger (broader and deeper) wear tracks compared with the yttrium-

containing samples as proved also by profilometer measurements. 

c) 

Figure 6.2: Micrographs of wear tracks at 600UC - 4000 laps: a) Yttrium-free; b) 

0.5%Y; c) 1%Y; d) 5%Y - containing Stellite 21 samples. 

d) 
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After sliding at elevated temperatures, glaze layers with a shiny and smooth 

appearance were observed on the worn surfaces. Such glaze layers formed not 

necessarily at high temperature; it was observed that the glaze formed even on a 

surface worn at 150°C. The EDS analysis indicated that the glaze layers formed on 

the worn surfaces were heavily oxidized. The composition of the glaze layers was 

similar to that of the alloy but contained oxygen. Distribution of the glaze was not 

uniform over the wear track; some portions of the wear track did not retain any glaze 

layer (figure 6.3 a). At 600°C the glaze layer was more compacted and covered more 

areas (figure 6.3 b). It appeared that the wear debris particles were agglomerated and 

compacted under the external force to form the glaze layer (figure 6.3 c). 

Mechanical properties of glaze formed during wear at elevated temperatures 

were assessed at room temperature using a micro-mechanical probe (Fisher 

Technology Ltd., Winsor, CT, USA) under a maximum load of 5 mN. The results 

demonstrated that yttrium did not influence either the mechanical properties or the 

coverage of the glaze layer. 

The decrease of wear loss in the temperature range from 200 to 450°C could 

be attributed to the formation of oxide scale and a compacted glaze layer. When the 

temperature exceeded about 450°C, the wear rate increased again probably due to 

increased softening of the matrix, which could not effectively support the protective 

oxide scale and the glaze layer. 

It was demonstrated that the presence of yttrium, particularly at the 0.5% 

level, markedly enhanced the high-temperature wear performance of Stellite 21, 

especially at temperatures above 500°C. Yttrium did not significantly alter the bulk 
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mechanical properties of Stellite 21 as well as the mechanical properties or the 

coverage of the glaze layer; thereby, the wear resistance of Stellite 21 at elevated 

temperatures was improved only through the positive effect of yttrium on the oxide's 

mechanical properties and its adherence to the substrate. 

"r$*" ft v Wft*s*'aH^HP*«l 

a) 

Glaze layer 

b) 

Figure 6.3: Morphology of wear track on sample after sliding for 2000 laps at: a) 

150°C - 0.5%Y; b) 600°C - 2%Y; c) 600°C - 2%Y a closer view 
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At higher temperatures, the diffusion of yttrium to grain boundaries could 

inhibit the outward diffusion flux of chromium ions and favors inward diffusion of 

oxygen ions [39, 403]. The inward diffusion of oxygen ions may benefit the oxide's 

mechanical properties (due to the growth of a fine-grained oxide scale containing the 

Y2O3 phase -see chapter 7) and the oxide adherence to substrate (probably due to the 

inhibition of vacancy coalescence at the metal-scale interface, and formation of 

oxide pegs at the interface as will be discussed in chapter 7). Yttrium could also 

reduce the thickness of oxide scale thus minimizing the interfacial stress and further 

benefiting interfacial bonding (see chapter 7). 

The glaze layer may help enhance the wear resistance of Stellite 21. The 

composition of the glaze layer was similar to that of the alloy but it contained 

oxygen. EDS did not detect yttrium in the glaze layer. This implies (besides the 

unaffected mechanical properties of the glaze) that yttrium did not affect the 

mechanical behavior of the glaze layer. 

It must be pointed out that yttrium had also a small positive influence on the 

wear behavior at room temperature. This might not be attributed to the positive 

effects of yttrium on the oxide scale which is too thin to withstand mechanical attack 

and significantly affect wear rate. Examination of the worn surfaces has shown the 

presence of a debris film that may cover up to 30% of the worn surface (figure 6.4). 

EDS analysis revealed that the composition of the debris layer was similar with that 

of the glaze layer developed at elevated temperature but the oxygen content was 

much lower. It could be considered that the debris layer consisted of a mixture of 

metallic and oxidized debris. 
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a) b) 

Figure 6.4: Morphology of wear track after sliding wear at room temperature: a) 

2%Y, b) detailed view showing wide spread cracking of the debris layer. 

The presence of oxidized debris at room temperature may arise due to 

frictional heating as detailed in chapter two. However, large loads and sliding speeds 

(order of m/s) are usually needed for the above condition to occur [128]. It is 

unlikely that the surface temperature generated during sliding testing at low loads 

and sliding speeds is significantly higher than room temperature [404]. As a result, 

tribochemical reaction should be mainly a consequence of mechanical factors rather 

than frictional heating. Under sliding wear, chemical reactions could proceed much 

faster than under static conditions [405,406]. For example, the activation energy of 

formation of spinel oxide Fe(Fe2-xCrx)04 on a 316 stainless steel markedly decreased 

when sliding wear was performed [407]. Also, plastic deformation and fragmentation 

of worn debris induce numerous defects, a larger number of broken chemical bonds 

and a large surface to volume ratio, which may favor the oxidation process. 
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However, the coverage of the debris layer over the worn surface was similar 

for all the samples, with and without yttrium. The debris layer may not account for 

the observed wear loss difference at room temperature. Micro-indentation tests under 

a maximum load of 25 mN have shown that the worn surfaces were strain hardened 

but no discernable difference was observed between yttrium-free and yttrium 

containing samples as the worn surface properties were heterogeneous. 

One possible reason to explain the small difference in the wear volume loss 

between yttrium-free and yttrium-containing samples is the effect that yttrium might 

have on promoting the y-»s transformation under mechanical loading as shown in 

chapter 5. Such a transformation could improve the performance of the alloy when 

subjected to mechanical attack due to formation of s phase with (0001) planes 

preferably oriented parallel to the worn surface which are easily shared during 

sliding wear [91,400]. 

6.1.2 Stellite 712 

Sliding wear tests of Y-free and Y-containing Stellite 712 samples were 

performed at room temperature and at 600°C, respectively. The wear tests showed 

that the alloyed yttrium did not affect the wear behavior at room temperature, mainly 

because the microstructure and mechanical properties of the alloy were not modified 

by the yttrium addition. However, the situation changed at elevated temperatures. 

Figure 6.5 illustrates average wear rates (from at least two tests) of Y-free and Y-

containing specimens at 600°C. 
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Figure 6.5: Average wear rate of yttrium-free and yttrium-containing Stellite 712 

samples at 600°C (error range:± 8[um3/mm]xl04). 

As shown, the presence of small amounts of yttrium, particularly at 0.5% 

level, considerably enhanced the high-temperature wear performance of Stellite 712. 

The improvement in wear performance could be mainly attributed to improved 

oxidation behavior. The oxide scales on 0.5% and l%Y-containing specimens were 

more protective than that developed on Y-free specimen as the nano-indentation and 

micro-scratch tests demonstrated. This is consistent with the results on Stellite 21. 

However, when a larger amount (e.g., 2 or 5%) of yttrium was added to the 

alloy, the wear performance was negatively influenced. In this case, the hardness of 

the oxide scale was reduced as the nano-indentation test demonstrated, although its 

adherence to substrate was improved. As a result of the decrease in hardness, the 

oxide scale may not effectively withstand the wearing force, leaving larger bare 
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metal surface area under oxidation attack. Furthermore, the oxide scale developed on 

specimens containing more yttrium could be less homogeneous and rougher than 

oxide scales developed on Y-free specimen and those containing a small amount of 

yttrium (see chapter 7). A rough and less homogeneous oxide scale with possibly 

higher residual stress due to lower homogeneity would experience larger stress 

concentration when in contact with a counterface. As a result, the probability of 

failure could be higher when the surface is subjected to wear attack. 

It should be indicated that the improved high-temperature wear resistance by 

yttrium is unlikely to be attributed to possibly improved high-temperature strength of 

bulk material. As demonstrated, yttrium did not affect mechanical properties of the 

bulk material at room temperature even with the formation of a new second phase 

(C02YS12) when the yttrium content was high enough. If the new second phase can 

help to maintain the material strength to elevated temperatures, one may expect that 

the sample containing the highest yttrium content (5%) would perform the best. 

However, such phenomenon was not observed. Therefore, the enhanced oxide scale 

should play a main role in improving the high-temperature wear performance of Y-

containing Stellite 712. 

Figure 6.6 illustrates optical micrographs of wear tracks on the Y-free and 

0.5% Y-containing samples after sliding wear tests at 600°C. After sliding at 

elevated temperatures, no glaze layer was observed on the worn surfaces. As a result, 

the improvement in the wear behavior of Stellite 712 with a small amount of yttrium 

mainly results from the positive effects of yttrium on the mechanical behavior of the 

oxide scale and its adherence to the substrate. 
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a) b) 

c) 

Figure 6.6: Micrographs of wear tracks (wear at 600°C) on Stellite 712 specimens: 

a) yttrium-free; b) 0.5%Y; c) yttrium-free - a closer view. No glaze layer was 

observed on both samples. 

6.2 The role of oxide scale in resisting wear at elevated temperatures 

The emphasis of this study was put on the role of oxide scale in resisting 

high-temperature wear and the efficiency of alloying yttrium in reducing wear of 
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Stellite 21 at elevated temperatures. To achieve this goal, wear tests were performed 

for yttrium-free and yttrium-containing Stellite 21 samples at elevated temperatures 

in air and in an argon environment with an argon flow (10 liter/min), respectively. 

Sliding wear tests were performed on a high-temperature pin-on-disc tribometer. The 

same experimental setup, as presented in chapter 6.1, was used to perform wear tests. 

All tests were performed at a sliding speed of 1 cm/s along a circular path of 0.8 mm 

in radius under three normal loads of 2 N, 5 N and ION, respectively. 

Figure 6.7 shows wear volume losses of the samples at 200°C under a normal 

load of 2 N for 2000 laps, in argon and in air, respectively. 

Wear Loss - 200°C -2N -20001aps 

Figure 6.7: Average wear rate at 200 C under a load of 2N after sliding for 2000 laps 

in air and in argon, respectively. 

The wear losses were determined from the profile of wear tracks using a 

profilometer. As shown, the yttrium-containing samples showed higher wear loss in 

the argon environment than in air. Since the oxide scale on yttrium-containing 
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samples is more protective than that on yttrium-free sample as the nano-indentation 

and the micro-scratch tests demonstrated, it is understandable why the yttrium-

containing samples had less wear loss in air than in argon. In air, the stronger oxide 

scale on the yttrium-containing samples enhanced the resistance of the alloy to wear. 

In the argon environment, the oxide formation was suppressed and this decreased the 

difference in wear loss between yttrium-free and yttrium-containing samples. This 

phenomenon is more obvious when the wear tests were performed at higher 

temperatures, e.g., 600°C as shown in figure 6.9 and discussed later. 

Figure 6.8 illustrates optical and scanning electron micrographs of wear 

tracks on 0.5% yttrium-containing and yttrium-free samples after sliding wear tests 

at 200°C under a normal load of 2 N for 2000 laps. A glaze layer with a shiny 

appearance was observed on all worn surfaces after sliding at 200°C in air (e.g. 

figure 6.8a). Such a glaze layer began to form soon after the test was started. It 

appeared that the wear debris particles agglomerated and compacted under the 

external force to form the glaze layer. The EDS analysis indicated that the glaze 

layer formed on the worn surfaces was heavily oxidized. The glaze layers had a 

composition similar to that of the alloy but contained oxygen. Distribution of the 

glaze was not uniform over the wear track (figure 6.8a). Little glaze formed when the 

test was performed at 200°C in argon (figure 6.8b). The worn surface was relatively 

smooth and covered by small islands of contaminant layer that contained partially 

oxidized fine worn debris (figure 6.8c,d). The above observations indicate that 

oxidation occurred on the sample surface in air, while in the argon environment 

oxidation was suppressed to a large degree. As a result, the yttrium-containing 
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samples, mainly due to their enhanced oxide scales, shown improved wear 

performance; 0.5% yttrium additions resulted in the most positive effect on wear 

resistance. However, too much yttrium added to the alloy reduced the benefit 

because of the formation of a yttrium-containing phase (C02 YSi2) which appeared to 

negatively affect wear resistance [85]. 

a) b) 

c) d) 

Figure 6.8: Morphology of wear track on samples after sliding for 2000 laps at 

200°C: a) 0.5%Y in air; b) 0.5%Y in argon; c) Yttrium free in argon (SEM); d) 

0.5%Y in argon (SEM). 
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The glaze layer may also play a role in resisting wear, since it more or less 

helps to withstand the wearing force as well. Mechanical properties of glaze layers 

formed on worn samples during wear were assessed using a micro-mechanical probe 

under a maximum load of 5 mN. No difference in mechanical properties was 

observed between glaze layers, respectively on yttrium-free and yttrium-containing 

samples. EDS did not detect yttrium in the glaze layer. This implies that yttrium did 

not affect the mechanical behavior of the glaze layer but it might influence its 

adherence to the substrate. 

Figure 6.9 shows the wear average wear rates from at least two tests, of 

yttrium-free, 0.5%, and 5% yttrium-containing samples at 600°C under a normal load 

of 2 N for 10000 laps in argon and in air, respectively. 

Wear Loss - 600°C -2N -lOOOOlaps 

Figure 6.9: Wear loss at 600 C under a load of 2N after sliding for 10000 laps in air 

and in argon, respectively. 

129 



At the higher temperature, oxidation was promoted. In this case, the wear loss 

of the yttrium-free Stellite 21 sample was higher in air than in argon while the wear 

losses of yttrium-containing samples, whose oxide scales were stronger, showed 

more wear loss in an argon atmosphere than in air. The difference in wear loss 

between yttrium-free and yttrium-containing samples in air was much larger than 

that at 200°C, implying that the benefit of yttrium to the oxide scale and thus to the 

wear resistance of Stellite 21 were greater at higher temperatures. In addition, the 

small difference in wear loss between yttrium-free and yttrium-containing samples in 

argon and the observed larger decrease in wear loss of yttrium-containing samples in 

air clearly demonstrated the positive role of the strengthened oxide scale by yttrium 

in resisting wear at elevated temperatures involving oxidation. 

However, the oxide scale did not always function. This was demonstrated by 

wear tests under higher loads. Figure 6.10 shows volume losses of yttrium-free and 

yttrium-containing samples at 600°C under a normal load of 5 N for 10000 laps in 

argon and in air, respectively. 

Under the higher load, all samples showed larger wear loss in air than in the 

argon environment. Similar to the oxide scale, the glaze layer did not function either. 

Under the higher load, the glaze layer was not able to withstand the wearing force 

and was removed from the rubbing surfaces leaving fresher metal surface under 

oxidation attack. The cycle of oxidation - oxide removal - reoxidation accelerated 

the wear loss. However, in the argon environment less oxidation reduced the 

synergism of wear and oxidation and thus minimized the wear loss. In addition, the 

glaze formation was also diminished, which could further decrease the wear loss. 
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Wear Loss - 600 C - 5N -lOOOOlaps 

Figure 6.10: Average wear rate at 600 C under a load of 5N after sliding for 10000 

laps in air and in argon, respectively. 

However, yttrium still benefited the alloy against wear damage in air, since 

the improved mechanical properties and higher adherence of the oxide scale on the 

yttrium-containing samples helped to withstand the wearing force, leading to lower 

wear rates. 

When sliding wear was performed in argon, there was little difference in 

wear losses among yttrium-free and yttrium-containing samples because of less 

oxidation. This provides another evidence for the positive role of oxide scale in 

resisting wear. 

Figure 6.11 shows volume losses of yttrium-free and yttrium-containing 

samples at 600°C under a normal load of 10 N for 3000 laps in argon and in air, 

respectively. At very larger loads (10 N) the effect of oxide scale on high 

temperature wear is minimal. This is also proved by the larger wear loss in air than in 
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the argon environment. The wear behavior was similar with that observed at 5 N but 

at larger loads the beneficial effect of yttrium on oxide scale mechanical properties 

do not benefit the wear rates as the oxide layer cannot withstand the applied load and 

is easily removed from the surface. This is proved by the little difference in wear 

losses among yttrium-free and yttrium-containing samples, both in air and in argon 

environment. 

Wear Loss - 600°C - ION - 30001aps 

Figure 6.11: Wear loss at 600 C under a load of 1 ON after sliding for 3000 laps in air 

and in argon, respectively. 

It is clear that there exists a critical load above which the oxide layer has little 

influence on the wear rates. At lower loads than the critical one, enhancing the 

properties of the oxide layer will markedly improve the wear behavior. 

In order to obtain more general information, the critical contact stress above 

which the oxide scale had little influence on the average wear rates was estimated. 
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Before the oxide scale is damaged, the contact between the pin and the target sample 

could be treated as an elastic contact using Hertz's theory [408]. According to 

Hertz's theory of contact between a rigid sphere and a flat surface, the radius of the 

circular contact, a, depends on the applied load, P, the sphere radius, R, and the 

elastic properties of the materials [408]: 

3 3 PR 
a5=-^- {6.1} 

A E 

where E represents the reduced elastic modulus, which is given by: 

i (i-v).d-y,2) 
E' E0 Ex 

In equation {6.2} Eo,vo, Ei, and vi represent the elastic modulus and Poisson's ratios 

of the specimen and the counterface, respectively. 

The mean contact stress is given by: 

p 

Tea 

The mechanical properties of the counterface (i.e., alumina ball) found in literature 

are: Ex = 350-400GPa [409,410] and v = 0.23-0.27 [409,410], while those of the 

specimen the oxide layer (composed mainly of chromia as demonstrated in chapter 

3.4) are E0 = 2 0 2 - 327GPa and v = 0.29 [409]. For estimation, the value of the 

mechanical properties was chosen as follows: Ex =375GPa, E0 =260GPa, 

v0 = 0.25, and vx = 0.29. 

The calculation shows that the critical contact stress corresponding to a load 

of 5 N, above which the the oxide scale had little influence on the average wear 
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rates, is 960 MPa. However, this value must be treated with caution as the oxide 

scale is composed of chromia and other possible oxides that have lower Young's 

modulus such as CoO (131 GPa), NiO (192 GPa), Si02 (87 GPa) or Y203 (123 GPa). 

In addition, Young's modulus usually decreases with increasing temperature, by up 

to 20% at 600°C [409]. 
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7.0 OXIDATION BEHAVIOR OF YTTRIUM-FREE AND YTTRIUM-

CONTAINING STELLITE 21 AND 712 

This chapter presents results of the study on the effect of yttrium addition on 

the oxidation behavior of Stellite 21 and 712 alloys at elevated temperatures for 

relatively longer time. The purpose of this research is to obtain a better 

understanding of yttrium effects on high-temperature oxidation behavior and 

corresponding improvement of the performance of the alloys. This chapter comprises 

two sections, which present the studies on the oxidation behavior of yttrium-free and 

yttrium-containing Stellite 21 at 600°C and 1000°C, respectively. 

7.1 The oxidation behavior of yttrium-free and yttrium-containing Stellite 21 

and 712 samples at 600°C. 

Yttrium-free and yttrium-containing Stellite 21 samples (15x10x5 mm) were 

oxidized at 600°C in air. Prior to the oxidation treatment, the samples were ground 

with abrasive papers and finally polished with a 0.05 um alumina slurry, followed by 

ultrasonically cleaning with alcohol and acetone. 

Various experimental techniques were used to examine the produced oxide 

scales, including AFM (Atomic Force Microscopy), SIMS (Secondary Ion Mass 

Spectroscopy), and micro- and nano-mechanical probes. 

The hardness of oxide scales on yttrium-free and yttrium-containing samples, 

resulting from oxidation at 600°C for 1 min, was investigated at room temperature 
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using a nano-mechanical probe (Hysitron, Minneapolis, USA) with a three-sided 

diamond pyramid tip (tip angle=90°). The test was performed under a maximum 

load of 25 uN and the corresponding force-depth curves were recorded. Hardness 

and elastic behavior of the oxide scales were determined from the indentation curves 

and each reported value was an average of fifty measurements. Indentation depth and 

r\ values determined from the indentation test are presented in figure 7.1. 
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Figure 7.1: Mechanical properties of the oxide scales resulting from oxidation at 

600 C for 1 min: a) Depth of indentation, b) Elastic behavior - r\ value. 
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As shown, the oxide formed on the unmodified Stellite 21 sample was the 

softest with the largest indentation depth and the least elastic behavior characterized 

by the smallest r\ ratio, while 0.5% yttrium-containing sample showed the best 

combination of the mechanical properties. The benefit of the yttrium addition could 

arrive from the presence of hard yttria phase in the oxide scale and resultant 

modification to the properties of the oxide (see chapter 5). 

In order to understand the effect of yttrium on the oxidation behavior of 

Stellite 21 alloy, the morphology of the oxide film developed after isothermal 

oxidation at 600°C for 1 min was examined. 

SEM investigation of the oxide scale developed on yttrium-free and yttrium-

containing samples revealed that no spallation occurred when cooling down in air 

from 600°C. However, the SEM images recorded were not able to reveal the grain 

morphology due to very small features present on the surface. In addition, EDS 

results were influenced by the substrate due to the relatively thin scales developed. 

Attempts to examine sections of the scales, transverse to the oxide/matrix interface 

by SEM-EDS also were unsuccessful due to the small thickness of the oxide scale, 

which made it difficult to show the presence of oxide pegs (figure 7.2). 

Atomic force microscopy technique was used to study the morphology of the 

oxide film developed after isothermal oxidation at 600°C. AFM is a very sensitive 

technique, which provides improved vertical resolution compared with SEM [411]. 

Secondary electrons used to modulate the image in SEM are derived both from the 

surface and various depths below the surface. AFM is based on the measurement of 

intermolecular forces between a sharp tip and the sample's surface [412]. 
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Figure 7.2: SEM image of the polished cross-section of the scale formed on yttrium-

free sample. 

As a result, the surface imaged using AFM are much rougher than those 

imaged using SEM [411]. The sharp pyramidal tip used by AFM is mounted on the 

underside of a cantilever. When the tip is brought close to the surface, the 

intermolecular forces (predominantly inter-atomic repulsive forces but also other 

"long-range" forces could act, such as Coulomb forces or capillarity forces due to an 

absorbed film on the surface), to cause the cantilever to bend. A laser beam is 

reflected form the top surface of the cantilever onto a four-quadrant photo-detector 

as the sample is scanned [411,412]. The variation in relative light intensities 

produces a varying potential signal, which is used to construct the AFM image [411]. 

As a matter of fact, the tip is actually touching the surface (100 nN contact force for 

contact AFM mode); as the contact surface is very small, the contact stress could be 

high and could disrupt the sample's surface [411]. Under the present experimental 

conditions, the contact stress does not affect the oxide film due to its high hardness. 
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It was noticed that after collecting about 50 images, the AFM tip was changed as the 

high hardness of the oxide film caused wear of the AFM tip and affected its 

resolution. 

An atomic force microscope (Digital Instruments, Santa Barbara, CA, USA) 

was used to determine the three-dimensional topography of the sample surfaces 

within a scan area of 2um x 2jam with a scan rate of 1 Hz. The mean surface 

roughness (Ra) was determined from the AFM images using the NanoScope SPM 

image analysis software (Version 4.42). Each reported roughness value is an average 

of fifty measurements. 

It is well known that an AFM profile shows positive or negative background 

slopes due to the tilt of the sample holder [413]. Prior to the surface roughness 

calculation, the tilt was removed by digital leveling. However, the extent of leveling 

might affect roughness values [413]. For this investigation, only first level leveling 

was used as it is sufficient to remove the effect of sample tilt [413]. 

Figure 7.3 illustrates AFM three-dimensional topographic images (2x2um) of 

the oxide scales developed on yttrium-free and Y-containing Stellite 21 samples, 

respectively. The oxide scale on the yttrium-free sample showed the largest 

roughness (figure 7.4) while that on the 0.5% yttrium-containing samples, which 

appeared to be the most homogeneous scale, showed the least roughness. 

Roughness of the oxide scale could influence the wear behavior; each contact 

point had high stress concentration that might lead to premature failure of the oxide 

scale, thus exposing fresh metal surface for further oxidation. 
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Top views of the oxide scales formed during oxidation for lmin were 

obtained from the recorded AFM images using the NanoScope SPM software 

(version 4.42). 

Figure 7.3: AFM three-dimensional topographic profiles (2 x 2|am) of the oxide 

scales developed on samples of Stellite 21 after oxidation at 600°C for 1 min: a) 

Yttrium-free; b) 0.5%Y; and c) 5%Y. Vertical scale: 50 run. 
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Figure 7.4: Roughness of the oxide scales formed at 600 C for 1 min on Stellite 21 

with and without yttrium. 

Figure 7.5 presents representative images, from which the mean grain size of 

the oxide scale was determined along randomly selected directions. The mean size 

diameter was calculated using the random line intercept method [414]. Three 

concentric circles were drawn on the microstructures having a radius of 10, 20, and 

30 mm; then the total length of the circles was corrected for the magnification. The 

number of grain boundary intersections with the lines per unit length (nO was 

counted (one entry for each intersection, 1.5 for each triple point intersection, and 0.5 

when a grain boundary was tangent to a line). The mean size diameter is given by the 

following relation: d = C —, where C represents a constant equal to 1.78 for typical 

microstructures. 
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Figure 7.5: AFM images of the oxide scales developed after oxidation of Stellite 21 

samples at 600°C for 1 min a) Yttrium-free; b) 0.5%Y; c) 5%Y. 

Figure 7.6 illustrates the mean grain sizes of the oxides formed on different 

samples. As shown, the oxide's mean grain size (diameter) is smaller for the yttrium-

containing samples. It is known that yttrium has high affinity for oxygen and could 
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act as active nucleation sites for chromia, which may decrease the distance between 

adjacent chromia nuclei and thus reduce the space for them to grow laterally, 

leading to a decrease in the grain size. In addition, yttria phase could segregate at the 

oxide grain boundaries [258] and hinder oxide grain growth when exposed to 

elevated temperatures for a long period of time. 

100-r 

Figure 7.6: Mean grain sizes (diameter) of oxide scales developed on Stellite 21 

samples with and without yttrium after lmin-exposure in air at 600°C. 

SIMS experiments were performed on yttrium-free and yttrium-containing 

Stellite 21 samples that were oxidized at 600°C for 125 hours in order to investigate 

the influence of yttrium on the distribution of elements in the oxide scales and their 

thickness values. 

The target surface was bombarded by an energetic beam of focused ions (e.g., 

Ar+, Ga+, Cs+, O") in a high vacuum environment during SIMS experiments 
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[412,415-419]. The primary ions that hit the surface transfer their energy 

(momentum) to the target atoms and initiate the emission of sputtered particles. The 

sputtered particles may be mono-atomic or molecular clusters [418]. A small fraction 

(less than 1%) of these sputtered particles became charged (positively or negatively) 

depending on the electronic properties of the matrix (called the matrix effect). 

Sputtering of the surface by electropositive species such as Cs+ leads to an enhanced 

production of negative secondary ions that makes the elemental analysis less 

sensitive to matrix effects and /or to residual elements such as hydrogen, and oxygen 

present in the vacuum environment during analysis [418,420]. The secondary ions 

are analyzed using a mass spectrometer [416-418]. One or more of the secondary ion 

signals are registered as a function of sputtering time (or depth) for depth profiling 

analysis. The quantitative analysis of a SIMS pattern is relatively complicated, due to 

the variation in detection sensitivity from element to element [419]. The spectra 

generated during the first minutes of sputtering (around 10 nm) are not useful due to 

gradual build up of the concentration of the implanted primary ions in the surface; 

therefore, ion yields and sputtering rates vary until equilibrium is established [419]. 

The element distribution as a function of distance from the surface was 

determined layer by layer, achieved by sputtering a surface area of 200 x 200um 

using a Cs+ primary beam with its energy equal to 1 keV and current of 2 nA, 

respectively. An area of 50 x 50um in the center of the scanned area was analyzed 

for all samples in order to avoid any crater side-wall effects. Positive ions were 

analyzed for all samples. The sputtering rate was determined by dividing the final 

crater depth (measured using a contact profilometer, Tencor Instruments, USA) by 
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the sputtering time with the assumption that the depth of the sputtered region was a 

linear function of the sputtering time. 

Figures 7.7 to 7.9 show SIMS composition profiles of oxide scales on 

yttrium-free, 0.5%Y-, and 5%Y-containing Stellite 21 samples. The interface 

between the oxide scale and the substrate can be determined based on the change in 

secondary ion yield between the oxide scale and the alloy substrate. The distributions 

of elements in the surface layer were similar for the samples with and without 

yttrium. Cr+ Y+ and Mn+ ion signals are used to represent their oxides (figures 7.7 to 

7.9) rather than using signals of CrO+, YO+ and MnOrf1" since intensities of the later 

species are relatively weak. All oxidized samples show peaks of Co+ and Si+ signals 

at approximately 2/3 of the scale thickness (away from the oxide/substrate interface). 

The Cr+ peak appears on the top of the Co+ and Si+ peaks, closer to the oxide surface. 

Previous glancing incidence XRD examination (see Chapter 5) and the 

presently determined Cr+ distribution through the oxide scale indicate that the oxide 

scale is mainly composed of chromium oxide. However, the oxidation process is 

complex due to the presence of minor alloying elements, leading to the formation of 

a layered oxide scale. The amount of Mn oxides is higher in the outer part of the 

scale, implying a higher diffusion rate of Mn ions through chromia than the other 

alloying elements [402]. 

As shown, yttrium is relatively rich at the oxide/substrate interface. Yttrium 

has a low diffusion rate and could block the diffusion of other elements [421]. 
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Figure 7.7: SIMS composition-depth profiles of the oxide developed on Y-free 

Stellite 21 sample after oxidation at 600°C for 125 hours. 

As illustrated in figures 7.7-7.9, the oxide scale thickness was decreased with 

increasing the yttrium amount. 
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Figure 7.8: SIMS composition-depth profiles of the oxide developed on 0.5% Y-

containing Stellite 21 sample after oxidation at 600°C for 125 hours. 
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Figure 7.9: SIMS composition-depth profiles of the oxide developed on 

containing Stellite 21 sample after oxidation at 600 C for 125 hours. 



The oxidation mechanisms of Stellite 21 with and without yttrium were 

investigated using the 180/160 SIMS technique. Samples were oxidized at 600°C first 

in 16C>2 for 8 hours then in 18C>2 for 24 hours without cooling when the 16C>2 

environment was changed to the 18C«2 one. Figure 7.10 illustrates Cr216C>3 and Cr21803 

SIMS profiles of the oxide scales obtained after the dual gas oxidation. For the 

yttrium-free sample, there is a separate Cr21803 layer on the top of Cr21603 layer, 

indicating that oxidation took place predominantly by an outward diffusion of Cr 

cations while the SIMS profiles of the yttrium-containing samples indicate that 

inward 180 diffusion through the 160 layer occurred during oxidation in 18C>2, which 

was a result of the change in the oxidation mechanism from predominant outward 

cation diffusion to predominant inward anion diffusion. 

The improved adherence of oxide scales on the yttrium-containing samples 

(see Chapter 5) could largely benefit from the predominant inward oxygen diffusion 

because this suppresses vacancy condensation at the oxide/matrix interface which is 

usually caused by the outward diffusion of metallic elements. 

Furthermore, the inward oxygen diffusion may enhance the effect of oxide 

keying into the grain boundaries of the substrate, thus further increasing the oxide 

adherence to the substrate. It is known that yttrium may congregate at the oxide grain 

boundaries in the form of Y2O3 or perovskite compounds such as YCrC«3 and inhibit 

outward diffusion of chromium ions; this helps achieve the change from the outward 

diffusion of metallic elements to the inward diffusion of oxygen ions [280]. 

Krishnamurthy & all [422] suggest that the oxide film has relatively 

homogeneous compressive stress distributed within it, 
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Figure 7.10: Negative SIMS profiles of oxide scales formed at 600 C in O2 for 8 

hours followed by 24-hours oxidation in 18C>2 on a) yttrium-free, b) 0.5% yttrium-

containing, and c) 5% yttrium-containing Stellite 21 samples. 



except in the regions near the oxide grain boundaries where the stress changes from 

compressive near the oxide/matrix interface to tensile near the oxide surface. As the 

ratio of cation diffusivity to that of anion decreases, both the tensile stress near the 

oxide surface and the stress gradient through the oxide scale decrease [422]. This 

may also help to minimize wear attack, bearing in mind that the residual tensile 

stress is detrimental. 

The change in surface morphology should be related to changes in the 

oxidation rate: a slower growing oxide scale may result in a smaller surface 

roughness since oxide crystals grow slowly in the direction perpendicular to the 

surface, which may help lateral growth to diminish the height difference between 

adjacent crystals. 

It should be mentioned that the reduction of the oxide grain size by yttrium 

may also play a positive role in improving the mechanical properties of the oxide 

scale such as hardness, elastic behavior, and resistance to scratching. A nano-

structured oxide should have not only its hardness enhanced but also its toughness 

[423]. The formation of a stronger and tougher oxide film would certainly help to 

minimize wear attack at elevated temperatures. 

During longer exposure at elevated temperatures, the properties of the oxide 

scale could change, which may affect the wear behavior of the material at elevated 

temperatures. Oxidation experiments with an exposure time from 1 min to 125 hours 

were performed at 600°C in order to investigate the evolution of oxide scale 

properties. Figure 7.11 illustrates changes in roughness, surface grain size, and 

hardness of the oxide scales (50 um maximum indentation load) formed on samples 
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with and without yttrium, respectively. As shown, the grain size, roughness and 

indentation depth increased with the oxidation time following a parabolic behavior. 

The increases in grain size and roughness were more pronounced for the yttrium-free 

oxide scale which may be related to its growth mechanism: the relatively faster 

outward diffusion of metallic ions and lower nucleation rate due to fewer active 

nucleation sites compared to that with the active yttrium addition. As well, the 

presence of yttrium in its oxide form could block grain growth by pinning the 

movement of grain boundaries in the oxide scale. 

The decrease in hardness of the oxide scale with the oxidation time could be 

related to the change in oxidation mechanism as well as the faster diffusion rate of 

Mn. 

After exposure at 600°C, the top surface of the oxide surface layer was rich in 

manganese oxides (figs. 7.7-7.9), which may imply that Mn atoms could diffuse 

more readily than others in the present system. For a long exposure period, the ratio 

of manganese oxide to the chromia oxide could increase at the outer surface when 

oxidation took place by the predominant inward diffusion mode (i.e. yttrium was 

present). 

Mn oxide could be weaker than the Cr oxide. In order to confirm this, nano-

indentation tests were performed on oxide scales developed on pure Cr and Mn 

samples after oxidation at 600°C for 8 hours. Figure 7.12 illustrates obtained force-

depth curves, which demonstrate that the Mn oxide is much softer than the Cr oxide. 

This explains why the measured hardness of oxide scales on Stellite 21 with and 

without yttrium addition decreased with the oxidation time. 
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Figure 7.11: Changes in grain size, roughness, and hardness or indentation depth (50 

um maximum indentation load) of oxides formed on different samples with respect 

to the oxidation time: a) grain size, b) roughness, c) depth of indentation. 
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Figure 7.12: Nano-indentation curves of oxide scales developed on pure Cr and Mn 

samples after oxidation at 600°C for 8 hours. 

It is worth indicating that the mechanical properties of the oxide scale formed 

after long exposure times are not homogeneous. The decrease in hardness of yttrium-

containing oxide scale does not mean that yttrium negatively affected the oxide's 

mechanical properties, since the degradation in mechanical properties only occurred 

at the top surface. Instead, the beneficial effect of yttrium on the oxide adherence and 

mechanical behavior (not at the top surface of a thick oxide) considerably increase 

the resistance of Stellite 21 to wear at elevated temperatures as demonstrated in 

previous chapters of this thesis. 

The oxidation process could be described as follows: in the initial stage of 

oxidation all the component elements of the alloy will diffuse along grain boundaries 

through the substrate/gas interface. Diffusion through the grains is relatively slow at 
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this temperature; thereby, the diffusion process is taking place mainly along grain 

boundaries of the alloy. Nucleation of oxide takes place preferentially at grain 

boundaries, impurities, and dislocations. Yttrium could create additional sites for 

oxide nucleation, decreasing the inter-nuclei spacing and, consequently, the time 

required for the nuclei to grow laterally to form a continuous oxide layer. As a result, 

the grain size of the scale is decreased. 

The growth rates of NiO and CoO are relatively higher than that of C^C^. As a 

result, CoO nuclei will overgrow and undercut the transient nuclei forming a rich Co 

oxide layer on the top of the nuclei. The Co-rich oxide layer is not an effective 

barrier to cation/anion diffusion; thereby, Cr and Si will react with oxygen to form a 

continuous protective layer. According to the SIMS profile, it seems that the Si 

diffusion rate is lower than that of Cr, leading to a rich Cr oxide layer on top of the 

rich Si oxide layer. A silica rich layer could also influence the incorporation of 

cations into the scale. 

After the formation of the dense protective Cr rich oxide layer, further 

oxidation will be controlled by the transport of anions and cations through this layer. 

In addition, yttrium will affect the boundary transport of cations, especially Cr, and 

its supply through the oxide layer. As a result, the oxidation kinetics is reduced, 

leading to thinner oxide scales. Meanwhile, the inward diffusion of anions may 

dominate the oxidation process. The scale growth would be controlled by the 

proportion of boundaries affected by yttrium segregation which is a function of the 

amount of yttrium supplied at the interface. This explains why the oxide scales 

developed on alloys having larger amounts of yttrium are thinner. Manganese 
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diffuses faster through the grain boundaries than the other elements and thus enriches 

the top surface of the oxide layer. 

Regarding Stellite 712, based on previous results (see chapter 5), one may see 

that yttrium addition has similar effects on the oxidation behavior as that for Stellite 

21. However, the surface roughness of the oxide was affected by yttrium addition 

differently and seems to have a relatively larger influence on the wear behavior of 

this alloy. To clarify this, the AFM technique was used to study the morphology of 

oxide films developed after isothermal oxidation at 600°C for 25 hours on Y-free and 

Y-containing Stellite 712 samples. An atomic force microscope (Digital Instruments, 

Santa Barbara, CA, USA) was used to analyze the three-dimensional topography of a 

sample surface with a scan size of 10 x lOum and a scan rate of 1 Hz. The cantilever 

probe was a silicon nitride tip. Mean surface roughness (Ra) and 10-point mean 

roughness (Rz) were determined from recorded AFM images using the NanoScope 

SPM software, version 4.42. Each value of Ra and Rz reported is an average of fifty 

measurements. AFM three-dimensional topographic pictures (lOxlOum) and 

roughness profiles of the oxide surface layer developed on Y-free, 0.5%Y, and 5%Y-

containing Stellite 712 specimens after oxidation at 600°C for 25 hours are presented 

in figure 7.13. Table 7.1 presents the corresponding Ra and Rz values. The Y-free 

Stellite 712 specimen showed the lowest roughness and the most homogeneous outer 

surface of the oxide layer. 
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Figure 7.13: AFM three-dimensional topographic pictures (lOxlOum) and 

roughness profiles of the oxide scales developed at 600°C for 25 hours on a) 

Yttrium-free; b) 0.5%Y; c) 5%Y - containing Stellite 712 samples. 
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Table 7.1: Surface roughness of oxide scales developed on yttrium-free and yttrium-

containing Stellite712 samples after oxidation at 600°C for 25 hours. Error range: Ra 

±5%, Rz: ±4%. 

Material Mean roughness, Ra 10 Pt. Mean roughness, Rz 

Y-free Stellite 712 407 13^5 

Stellite712-0.5%Y 42.7 147.5 

Stellite 712 - 1%Y 49.2 167.5 

Stellite 712-2%Y 49 167.1 

Stellite 712-5%Y 59 184 

From the figures, one may also see that the oxide developed on the Y-free 

specimen was smooth (Fig.7.14 (a)), compared to those on Y-containing specimens 

(Figs. 7.14(b) and (c)). Yttrium is an oxygen-active element, which may affect the 

oxide growth in addition to its properties. Therefore, the growth of oxide on a 

specific area should be influenced by the local yttrium concentration. Since yttrium 

concentration was not very homogeneous as fig.3.7 illustrates, a relatively rough 

oxide scale could thus be generated, compared to that developed on a Y-free 

specimen. 

A rough and less homogeneous oxide scale with possibly higher residual 

stress due to lower homogeneity would experience a larger stress concentration when 

in contact with a counterface. 
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Figure 7.14: AFM images of oxide scales developed at 600°C for 25 hours on 

different Stellite 712 samples: a) Yttrium-free; b) 0.5%Y; c) 5%Y. 



As a result, the probability of failure would be higher when the surface is 

subjected to wear attack. This could explain why only a small amount of yttrium 

addition to Stellite 712 positively affected its wear resistance. 

It is clear that in addition to hardness, grain size, thickness, elastic behavior 

of the oxide layer and its adherence to the substrate, roughness and surface 

homogeneity play also important roles in resisting high-temperature wear. 

7.2 Oxidation of yttrium-free and yttrium-containing Stellite 21 samples at 

1000°C. 

The effectiveness of the reactive elements seems to reach a maximum in a 

temperature range from 0.4 to 0.6 of the absolute melting temperature of the oxide 

scale (e.g. >750°C for chromia scales) and then decreases with a continuous decrease 

in temperature [203,291]. Yttrium-free and yttrium containing Stellite 21 samples 

were oxidized at 1000 C and atmospheric pressure of air in order to evaluate the 

maximum benefits of yttrium to the oxidation behavior. Prior to the oxidizing step 

the samples (15x10x5 mm) were polished with 0.05 |im alumina slurry in the final 

polishing step, then ultrasonically cleaned with alcohol and acetone. The samples 

were heated to the oxidizing temperature at a rate of 20°C/min, maintained at 1000°C 

for 125 hours, then cooled with the furnace open for 10 min and then were removed 

from the furnace and left to cool down to room temperature. The above cooling 

procedure was chosen because at higher cooling rates large areas of oxide scale were 
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lost by spallation. A wide range of experimental techniques including SEM/EDS, 

micro- and nano-mechanical probe, were used to examine the resulting oxide scales. 

SEM images of the oxide surface morphology of yttrium-free and yttrium-

containing samples after oxidation at 1000°C are presented in figure 7.15. 

Large spalled areas were identified on the surface of the yttrium-free sample, 

as indicated by arrows in image 7.15 a. Less spalled areas were present on the 

surface of the 0.5% yttrium-containing sample while almost no spallation occurred 

on the surface of the 5% yttrium-containing sample. Lower spallation is an indicator 

of better oxide scale adhesion; thereby, the results demonstrated that the oxide scale 

adherence to the substrate was increased with increasing yttrium amount when 

cooling down from 1000°C. 

At higher magnifications it was shown that the surface morphology of the 

oxide developed on yttrium-free sample was composed of large facetted grains 

(columnar grains) of around 3 to 5urn diameter (figure 7.16 a). This morphology is 

typical for chromia scales [310,424]. The oxide external surface of 5% yttrium-

containing sample shows a fine and equiaxed grain structure (figure 7.16 c). The 

oxide grains developed on 0.5% yttrium-containing sample are much finer than those 

observed on the unmodified alloy with some large columnar grains still present 

(figure 7.16 b). 

It was shown in literature that one possible effect of adding reactive elements 

to alloys is to reduce the oxide grain size [5,205,207,209,217,218,231,234-

239,243,244,247-249]. 
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Figure 7.15: SEM images of the oxide surface morphology: a) Y-free, b) 0.5%Y, c) 

5%Y. 
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Figure 7.16: Detailed view of the oxide surface morphology: a) Y-free, b) 0.5%Y, c) 

5%Y. 
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However, it is not very clear if the reactive element additions promote the 

finer grain size of the oxide throughout the scale thickness or just at the scale/gas 

interface [217]. In other instances, the reactive elements did not promote a finer 

oxide grain size [311,332]. The oxide developed on a Co-45%Cr alloy with and 

without yttrium after oxidation at 1000°C for 25 hours showed a similar grain size 

near the oxide/matrix interface but increased toward the oxide/gas interface [261]. 

Oxide scale failure depends on the fracture toughness of the oxide and the 

distribution of defects present in the scale [250]. Most of the spallation originated at 

defects (voids) present in the scale (see figure 7.15). Figure 7.17 shows a detail of a 

zone where spallation of oxide occurred due to the presence of a void. It is believed 

that reactive elements reduce the amount of defects at the oxide/substrate interface 

following the sulfur getter mechanism or the dynamic segregation model as 

mentioned in Chapter 2. 

Spallation may involve scale fracture following two routes: (1) nucleation of 

a shear crack within the oxide scale, usually at a pre-existing defect, followed by 

propagation toward the oxide/substrate interface and detachment of wedged-shaped 

sections of the scale which happens when the strength of the oxide/substrate 

interface is higher than the compressive fracture strength of the oxide, and (2) 

decohesion at the oxide/substrate interface that results in progressive buckling and 

rumpling of the oxide scale leading to failure [425]. 

It seems that failure of the oxide scale following the first route was the 

primary mechanism by which the oxide scale failed. Failure did not take place on 

larger areas at the oxide/substrate interface for the yttrium-containing samples. 
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Figure 7.17: Details of an area where spallation occurred; a) 5%Y, b) 0.5%Y. 

This is beneficial for prolonging the alloy lifetime through reducing the 

surface area of fresh metal exposed to the environment thereby reducing the metal 

loss by oxidation. Also, in figure 7.17 b, one may see that the nucleation of new 

165 



oxide grains took place homogeneously to a certain degree on the spalled surface, 

implying that bulk diffusion could be predominant at this temperature. 

SEM investigations of the oxide surface revealed that the oxide scale was 

formed mainly by chromium oxide (most probable C^Ch -see composition at point 

1 and 2 - table 7.2 and figure 7.18) but the oxide scale also had a fairly large 

manganese oxide concentration on the top surface (point 1). 

Figure 7.18: SEM image of the oxide scale developed on 5% yttrium-containing 

sample showing the locations of the EDS point analysis. 

In addition, the white-like areas showed a chemical composition close to that 

of the substrate; thereby, it could be assumed that these represent failure of the scale 

near the oxide/substrate interface. The presence of the large amount of manganese 

oxide near oxide/gas interface is consistent with that reported in literature for other 

alloys systems (chromia formers) where manganese was a residual element 
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[56,235,244,262,401]. The amount of manganese in the alloy is low; thereby, its 

large amount in the outer part of the oxide scale could be explained by the fast 

diffusion of manganese ions in chromia scales (two order of magnitude faster than 

chromium ions) [402]. 

Table 7.2: Chemical composition of the scale developed on 5% yttrium-containing 

sample as revealed by EDS analysis. 

Element —> 

Position •!• 

1 

2 

3 

O 

[%] 

3.97 

5.25 

0.41 

Mo 

[%] 

-

-

4.24 

Cr 

[%] 

64.72 

93.45 

17.06 

Fe 

[%] 

0.41 

-

0.87 

Co 

[%] 

11.5 

0.98 

74.79 

Ni 

[%] 

0.47 

0.32 

3.04 

Mn 

[%] 

18.3 

-

-

It seems that yttrium enhanced the manganese ion diffusion to the external 

surface of the oxide scale as proven by the overall EDS analysis on the oxide scale 

(see table 7.3). However, yttrium was not detected in the scale, probably because 

yttrium may be mainly located at the oxide/substrate interface [235,292,426,427]. 

The oxide scale's hardness was evaluated using a nano-mechanical probe 

(Hysitron, Minneapolis, USA). The same experimental setup as presented in Chapter 

4 was used to perform the measurements. The test was performed under a 200 urn 

maximum load and corresponding load-depth curves were recorded. Hardness and 

elastic behavior of the oxide scales were determined from the curves and each value 

reported was an average of sixty measurements. The results are presented in figures 
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7.19 and 7.20. The oxide scale formed on 5% yttrium-containing sample showed the 

lowest hardness of the oxide scale while the yttrium-free and 0.5% yttrium 

containing samples showed similar hardness. 

Table 7.3: The overall chemical composition of the top surface of the oxide scales. 

Sample 

5%Y 

Y-free 

O 

[%] 

3.35 

3.42 

Mo 

[%] 

0.34 

0.86 

Si 

[%] 

0.96 

1.27 

Cr 

[%] 

62.99 

51.22 

Fe 

[%] 

0.32 

0.55 

Co 

20.75 

37.45 

Ni 

[%] 

1.15 

1.22 

Mn 

[%] 

10.14 

4.01 

Stellite 21 - nano-indentation of oxide scale 1000°C/ 125h 

Yfree 0.5%Y 5%Y 

Amount of Yttrium added to the alloy 

Figure 7.19: Hardness of the oxide scale developed at 1000°C for 125 hours. Error 

range: ±3%. 
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Figure 7.20: r\ ratio of the oxide scale developed at 1000°C for 125 hours. Error 

range: ±3%. 

However, the yttrium-containing samples possess larger r| ratios, which are 

an indication that these scales behave more elastically under applied stress. The 

presence of larger amounts of manganese oxide on the top layer of the oxide scale 

developed on the 5% yttrium-containing sample could be the reason why its hardness 

was lower than that of yttrium-free sample. The larger n ratio calculated for the 

yttrium-containing samples could arise also from the smaller grain size of their oxide 

scales. 

Cross-sections of the oxide scales were examined by SEM-EDS. Prior to the 

SEM investigation, the samples were mounted in Bakelite, ground and polished with 

0.05 um alumina slurry for the last step and then cleaned with acetone. Figure 7.21 

and 7.22 shows SEM images of the oxide scale's cross sections. 
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Figure 7.21: SEM images of the cross-section of the scale formed on a) 

b) 0.5%Y, and c) l%Y-containing Stellite 21 samples. 



Internal oxidation 
rich Si/Y domain 

Substrate 

Internal oxidation 
- rich Y domain 

a) 

b) 

Substrate 

Figure 7.22: SEM images of the cross-section of the oxide scale formed on a) 5%Y, 

and b) the substrate in cross-section after exposure at 1000°C for 125 hours. 

The images showed the difference in scale thickness between the samples 

with and without yttrium after oxidation for 125 hours at 1000°C. It is clear that the 

oxide scales on the yttrium-containing samples were significantly thinner (e.g. 6 urn 

for 5% yttrium-containing sample) than that on the unmodified alloy (around 15 

um). Clearly, yttrium led to a decrease in the oxidation growth rate. 
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In addition, thicker oxide scales could fail at lower levels of applied stress 

than thin scales. However, a wavy interface between the oxide and the substrate is 

preferred because of the larger interfacial area as well as the periodic array of tensile 

and compressive zones that reduce the probability of a crack extending into a region 

of compressive stress [428]. 

At the oxide/metal interface protrusions or pegs were observed. It was shown 

in literature that small additions of silicon to chromia former alloys could lead to the 

formation of silica rich pegs along grain boundaries or to a continuous layer of 

silicon oxides at the oxide/substrate interface [218,235,237,239,244,306,338,429-

432]. As shown in figures 7.21 and 7.22, a silicon enriched internal oxidation zone 

has been formed. Apparently, yttrium promoted the formation of silicon oxide at the 

oxide/substrate interface for the samples containing up to 2% yttrium. This 

observation is in agreement with the literature [239,306,339]. For the 5% yttrium-

containing sample, the yttrium rich phases intersecting the oxide/substrate interface 

could be also regarded as pegs. The rich silicon oxide at the oxide/substrate interface 

could act as a barrier to outward cation diffusion. However, a continuous layer of 

silicon oxide at the oxide/substrate interface could be detrimental to overall 

spallation behavior because silica has inferior fracture toughness than the chromia or 

the substrate; thereby, the detachment of the oxide scale could be favored [433]. 

The oxide pegs could improve the scale adherence to the substrate due to 

their potential to arrest crack propagation at the oxide/substrate interface; therefore, 

they may limit spallation of the oxide scale [339]. The pegs promote the mechanical 

stability of the scale through keying, by intrusion into the substrate. 
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It seems that large additions of reactive element (5%) lead to an increase of 

the internal oxidation depth. The size of the internal oxidation depth on the yttrium-

free sample and those containing up to 2% yttrium was relatively similar (40 um). 

Due to its high affinity for oxygen, the reactive element will easily oxidize internally. 

It is known that rare earth oxides show unusual diffusion properties [283]. Diffusion 

of metal atoms through rare earth oxides is not significant when temperature is below 

one-half of the melting temperatures (~1200°C - known as Tammann temperature) 

but oxygen becomes mobile even at temperatures lower than 300°C. Despite the high 

oxygen mobility, the rare earths are thermally stable compounds [283]. Furthermore, 

very low solubility of yttrium favors the internal oxidation process. The yttrium-rich 

phases formed in the 5% yttrium-containing sample could act as short diffusion paths 

for oxygen, enhancing its penetration inside the substrate which, however, could 

result in a non-homogeneous distribution of yttrium in the oxide scale. 

Cross-sectional EDS analysis of the oxide showed that the amount of yttrium 

oxide in the rich silicon oxide domains was higher near the oxide/substrate interface. 

This could happen as a consequence of yttrium segregation at the oxide/substrate 

interface. 

In order to obtain more information on the oxide pegging, the oxide scale was 

removed by polishing with 0.05 um alumina slurry to reveal the oxide/substrate 

interface. Figure 7.23 presents SEM images of the oxide/matrix interface. Based on 

these images it is clear that the oxide layer was keyed to the substrate by pegs 

composed of rich silicon and yttrium oxides. The internal oxide domains can be seen 
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along grain boundaries and also within the grains. Within the grains, the pegs likely 

formed at stacking faults or dislocations. 

a) b) 

Figure 7.23: SEM images of the oxide/substrate interface; a) yttrium-free; b) 0.5%Y; 

c) 5%Y-containing Stellite 21 samples. The dark colored domains are cross sections 

of oxide pegs after the oxide scale was removed. 

Yttrium additions promoted a finer and more homogeneous distribution of 

the pegs, which could explain the improved spallation behavior with increasing 

yttrium content. 
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The mechanical properties of the pegs could largely affect the spallation 

behavior. Local mechanical properties of pegs and substrate were determined using a 

micro-mechanical probe (Fisher Technology Ltd., Windsor, CT, USA) under a 

maximum load of 100 mN and corresponding load-depth curves were recorded. Each 

reported value is an average of twenty measurements. Hardness and elastic behavior 

of the oxide scales were determined from the curves. The results are presented in 

figure 7.24. The oxide pegs formed on yttrium-free Stellite 21 sample showed the 

lowest hardness with the largest indentation depth while those developed on yttrium-

containing sample showed higher hardness; 5% yttrium-containing sample had the 

hardest pegs. This is related to the beneficial presence of a yttrium-oxide phase 

inside the silicon-rich pegs. The r\ value, which is a measure of elasticity, was not 

significantly modified by the yttrium addition. It is worthy to observe that the 

hardness of the pegs is lower than that of the substrate, especially for the yttrium-free 

sample. In addition, the peg-like structure was coarser and relatively uneven on 

yttrium-free samples. Lower inter-peg distances and even distribution could 

favorable affect the spallation behavior of the oxide scale. It seems that the 

effectiveness of pegs to reduce spallation depend to a larger degree on metallurgical 

factors rather than interaction with the oxide scale. 

The local mechanical properties of the alloy substrate near the oxide/substrate 

interface were determined using a micro-mechanical probe under a maximum load of 

25 mN as described previously. For each sample, 50 measurements were performed 

at different distances from the oxide/substrate interface at random locations. 
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Figure 7.24: Depth of indentation and r| ratio of the substrate and peg-like 

structure near the oxide/matrix interface. 

Position of each measurement was recorded and then identified using a light 

microscope (Olympus PME3-ADL, Japan). The distance from the interface was 

determined using the image acquisition computer software (Image-Pro Plus). The 

indentation depth versus distance from the interface is presented in figure 7.25. 
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Figure 7.25: Depth of indentation versus distance from oxide/substrate interface 

a) Y-free; b) 0.5%Y; c) 5%Y - containing Stellite 21. 



The dotted lines represent the lower and upper limit of the depth of 

indentation values recorded from the bulk regions of the samples. The higher is the 

indentation depth the lower is the hardness. It was observed that for the yttrium-free 

sample there exists a region (6-7um) just below the oxide/substrate interface that 

showed a considerably lower hardness than the substrate. The substrate of the 

yttrium-containing samples did not show any regions with lower hardness. 

EDS line scan analysis was performed in order to determine the concentration 

profile of the main alloying elements near the oxide/substrate interface. No variation 

in elemental concentration was detected in the substrate just below the 

oxide/substrate interface, except for chromium. Figure 7.26 presents the chromium 

profiles across the oxide/substrate interface. It was demonstrated that the chromium 

profile had a steeper decrease across the region just below the oxide/substrate 

interface for the yttrium-free sample. The depression of chromium was less 

significant for the yttrium-containing samples. The above observation explains the 

hardness drop just below the oxide/substrate interface of the yttrium-free specimen. 

Reducing the amount of chromium depletion in the alloy, just beneath the growing 

oxide scale was also reported in literature for alloys containing yttrium and cerium 

additions [434]. This is an indirect proof that yttrium reduces the amount of 

chromium required to form a protective chromia scale. 

It is clear that the reactive element addition proved to be effective in a similar 

manner, both at higher (1000°C) and lower (600°C) temperatures. 
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8.0 CONCLUSIONS AND POSSIBLE FURTHER RESEARCH TOPICS 

This Chapter summarizes the effects of yttrium additions on Stellite 21 and 

712 microstructure, mechanical properties of the alloy and its oxide scale, thermal 

stability, oxidation behavior, and high temperature wear performance. Possible 

further research topics are suggested. 

8.1 Conclusions 

1. Stellite 21 consists mainly of C03M0, s, and y cobalt phases. Some minor phases 

such as M23C6 and NiCrCoMo are possibly present. Small additions of yttrium 

did not result in the formation of new phases in the alloy but coarsened its 

microstructure. However, a new phase (Co2YSi2) was formed at higher yttrium 

contents, e.g., at 5%. Identified phases in Stellite 712 were similar to those found 

in Stellite 21 but contained one additional minor phase: Fe2Mo3. Similar to 

Stellite 21, Stellite 712 formed a new phase (Co2YSi2) when a relatively large 

amount of yttrium was added. 

2. The bulk hardness of Stellite 21 and 712 was not significantly affected by the 

yttrium addition. 

3. Strain-induced y-*s transformation (SIT) may play an important role in the wear 

behavior of Stellite 21 alloy. It was shown that yttrium promotes the SIT. 
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4. Alloying with yttrium markedly enhanced the mechanical properties of the oxide 

scale, as well as its adherence to the substrate. The oxide scale developed on 

yttrium-containing samples contained a new phase, Y2O3. However, at larger 

yttrium addition to Stellite 712, the hardness and roughness of the oxide scale 

were negatively influenced. 

5. The presence of yttrium particularly at a 0.5% level markedly enhanced the high-

temperature wear performance of Stellite 21 and 712. Such an improvement may 

largely result from the superior mechanical properties of the oxide scale 

containing the Y2O3 phase. The formation of a glaze layer also benefited the 

high-temperature wear resistance of Stellite 21 to some degree. However, the 

yttrium addition did not noticeably influence the mechanical behavior of the 

glaze layer. 

6. The benefit of an oxide scale to the wear resistance of Stellite 21 was 

demonstrated by its lower wear in air than in argon. However, the oxide scale 

became less protective as the normal force was increased. Under high loads (5 N) 

the oxide film was easier to destroy and the cycle of oxidation- oxide removal -

reoxidation could accelerate wear or result in more wear in air than in argon. 

However, yttrium still benefited the wear resistance at elevated temperatures in 

air under a larger wearing force. When the load was increased to 10 N the oxide 
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scale's mechanical properties played a minimal role in resisting high temperature 

wear. 

7. The 0.5% yttrium-containing sample showed the best performance under all 

conditions at elevated temperatures especially due to its strongest oxide scale 

with the highest adherence to the substrate. Larger amounts of yttrium negatively 

affected the high temperature wear performance. 

8. It was demonstrated that addition of yttrium to Stellite 21 and 712 had a marked 

impact on their oxidation behavior. Yttrium led to a significantly improved oxide 

scale having enhanced adherence to the substrate, higher hardness, smaller grain 

size, and smaller thickness. It is believed that reactive element additions are more 

effective at temperatures above 900°C. The reactive element addition proved to 

be effective in a similar manner, both at higher and lower temperatures. It was 

also shown that the oxide scales developed on Stellite 21, with and without 

yttrium are very complex, consisting of different layers. It was demonstrated that 

yttrium additions lead to a change in the oxidation mechanism from 

predominantly outward cation diffusion to predominantly inward anion diffusion. 

9. Yttrium has been found to be present near the oxide/substrate interface and at 

grain boundaries which help reduce the diffusion of both anions and cations 

across the interface. The decrease of grain boundary diffusion could arise from 

yttrium segregation at grain boundaries and at the interface (demonstrated in 
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literature), as its solubility in chromia is low. The 0.5% yttrium-containing 

sample showed the best performance and the most homogeneous oxide at lower 

temperatures. 

10. At higher temperatures, the oxide layer is keyed to the substrate by pegs 

composed of rich silicon and yttrium oxides. Yttrium additions led to a finer and 

more homogeneous distribution of the pegs, which could explain the improved 

spallation behavior with increasing yttrium content. Also, yttrium modified the 

morphology of the scale formed: the oxide grain size was reduced after transient 

oxidation, having the lowest roughness and the most homogeneous outer surface. 

Exposure to 1000°C produced internal oxidation of yttrium and silicon. The 

penetration of oxygen in the alloy is faster along grain boundaries and yttrium-

rich phases. Chromium was depleted from the region just below the oxide/matrix 

interface for the unmodified sample, while less depletion occurred for yttrium-

containing samples. The absence of yttrium depletion in the alloy and the 

similarities of the oxidized zone and the microstructure of the original matrix 

could be attributed to the low solubility of yttrium and/or the presence of an 

intermetallic compound (C02YS12). 

11. At longer exposure times at elevated temperature the properties of the oxide 

scale could be negatively influenced. It was demonstrated that roughness and 

grain size increased with exposure time following a parabolic behavior. The 
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increase was more pronounced for yttrium-free scales, which was related to their 

growth mechanism. 

8.2 Suggested further research topics 

1. One promising strategy to improve oxidation behavior is the addition of two 

reactive elements [339,435]. The reason of co-doping is to reduce the amount of 

the reactive element needed to maintain a good scale adhesion, and a slow 

growth rate of the oxide scale. Relatively few studies have been performed on the 

effects of co-doping on oxidation behavior. Most of these studies have focused 

on nickel and iron based alumina-forming scales alloys. The main effects of co-

doping on high temperature oxidation compared to single reactive element 

additions were to reduce further the oxidation rate, the amount of internal 

oxidation, and the amount of reactive element oxides incorporated into the oxide 

scale. 

Investigating the effects of co-doping reactive elements in Stellite alloys on their 

wear and oxidation behavior may be worthy being studied. As a suggestion, the 

reactive elements that should be considered for co-doping in addition to yttrium 

are Hf, Ce and La. 

2. It was shown in Chapter 1 that different processing techniques could have a large 

influence on the wear behavior of the alloys, since each technique could result in 

specific microstructural features. As a result, it would be of interest to determine 
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the effect of processing techniques (such as HIP, hardfacing) on the wear 

performance of Stellite alloys as well as the influence of yttrium in each case. 

3. It was shown in Chapter 3 that yttrium had a deleterious effect on arc stability of 

GTAW and GMAW welding processes; thereby, further research is needed to 

find the proper welding process that could be used to deposit materials having a 

large amount of reactive element. Plasma or laser welding might be the right 

choice. In this case it seems that yttrium will not be used as a metallic addition 

but rather as an oxide addition to the welding powder due to its high oxygen 

reactivity and the lower cost of the reactive element oxide. However, the effect of 

welding parameters on the microstructure and mechanical properties of the 

welded layer as well the wear resistance must also be assessed. 

In addition, reactive element oxides such as ceria and lantana are used to improve 

the thermionic emission of tungsten electrodes used by the GTAW process. It 

will be desirable to use negative polarity on the electrode wire of a GMAW 

process to increase deposition rates and, thus productivity. This may be achieved 

by using filler metals having a coating containing reactive elements. However, 

previous attempts at using emissive coatings such as CaSC«4 or NaC03 under 

negative polarity were not of practical use. Small amounts of yttrium (Y-SiFe 

compound) could be used to a flux-cored wire coupling with an "acidic" SMAW 

electrode (E4303) to improve the mechanical properties of the weld metal [226]. 

This represents a promising strategy that could avoid the arc instabilities 

provoked by yttrium presence. 
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4. As was presented in Chapter 3, the temperature at which y-»s transformation 

occurs in alloyed cobalt depends on the alloying elements. The transformation 

temperature for Stellite 21 alloy has not been determined; thereby, DSC 

experiments are recommended. The influence of yttrium on the transformation 

temperature could be investigated. The potential answer to the above subjects 

would lead to a better understanding of the high-temperature behavior of alloys 

with and without yttrium. In addition, finding the means to control the 

transformation allows controlling the fraction of y and s phases that in turn could 

control the wear behavior. 

5. Yttrium improved the strain hardening capability of the Stellite 21 alloy (see 

Chapter 4.2). Further research is needed to determine on the atomic level the 

mechanism by which yttrium affects the strain induced transformation. The 

effects of aging temperature and duration on the fractions of y and s phases as 

well as the effect of yttrium on athermal martensite formation need further study. 

6. It has been demonstrated that the properties of the oxide layer play a major role 

in the high-temperature wear behavior under relatively low loads. In practice, the 

high-temperature alloy scales are based on different types of oxide such as 

chromia, alumina, or titania. However, there is no knowledge as to which of 

these oxide scales is more suitable for applications where high temperature wear 

is a concern. Ranking the wear resistances of different oxide scale combinations 

186 



developed on different alloys might be proven useful in designing new alloys and 

methods to resist high temperature wear. 
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