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Abstract

The microstructure and mechanical property variations across different regions o f the heat-affected 

zone (HAZ) o f a Grade 100 microalloyed steel were examined for a range o f heat inputs from 0.5 to 2.5 

kJ/mm. Autogenous gas tungsten arc welding was performed on plates o f Grade 100 steel to create the 

HAZ. The weld thermal cycles were recorded by embedding thermocouples at different locations in the 

plates. Examination o f precipitate alterations (dissolution, coarsening and reprecipitation) was carried out 

theoretically and/or experimentally using transmission electron microscopy (TEM). Iron matrix phase 

transformations and grain size changes were examined with optical microscopy as well as TEM (both thin 

foils and carbon replicas). Hardness measurements (macro-, micro- and nano-hardness) were mainly used 

for examination o f mechanical properties across the HAZ.

Hardness measurements across the HAZ showed hardening in 0.5 kJ/mm weld samples and 

softening in the 1.5 and 2.5 kJ/mm weld samples. This was mainly due to the difference in cooling rates, 

since fast cooling results in microstructures with finer structures (especially grain size) and higher levels of 

solutes and sub-structure in the matrix. The coarse-grained HAZ (CGHAZ) had a higher hardness relative 

to the fine-grained HAZ (FGHAZ), regardless o f the heat input, due to the formation of bainitic and 

martensitic fine structures (laths/plates) inside large prior austenite grains. The CGHAZ-0.5 kJ/mm 

consisted o f packets o f untempered lath martensite and coarse regions o f autotempered martensite or aged 

massive ferrite. Increasing the heat input to 1.5 and 2.5 kJ/mm resulted in mainly bainitic microstructures 

(e.g., granular bainite) with some acicular ferrite and grain-boundary ferrite in the CGHAZ. The FGHAZ 

was mainly made up o f polygonal ferrite, with considerable amounts o f bainitic ferrite in the case o f the 0.5 

kJ/mm weld sample. Nb-rich carbides mostly survived the thermal cycles experienced in FGHAZ, but were 

dissolved in the CGHAZ due to exposure to higher temperatures. Ti-rich nitrides mostly survived even in 

the CGHAZ, but they had limited contribution to grain growth control due to their coarse distribution in the 

base metal. Transformation twins were observed in some regions across the HAZ. Their formation is 

believed to relieve high thermal, solidification-induced and transformation-induced stresses, at places 

where deformation by slipping was not achievable.
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List of Symbols and Abbreviations

a bcc iron
A Atomic weight; also solubility product constant
A, Lower critical temperature (Fe-Fe3C phase diagram)
A 3 Upper critical temperature (Fe-Fe3C phase diagram)
Ac Coarsening constant
Acl A i temperature upon heating
A c3 A 3 temperature upon heating
AF Acicular ferrite
AP Atom probe
A r] A i temperature upon cooling
A r3 A3 temperature upon cooling
B Solubility product constant
b Burgers vector
bcc Body-centred cubic
bet Body-centred tetragonal
BM Base metal
c Heat capacity
C.E. Carbon equivalent
CCT Continuous cooling transformation
CGHAZ Coarse-grained HAZ
CR Controlled rolling
CTOA Crack tip opening angle
CTOD Crack tip opening displacement
CVN Charpy V-notch
d Plate thickness
At Cooling time
At8_5 Cooling time from 800 to 500C
E Voltage
EDX Energy dispersive X-ray (spectroscopy)
f  Fraction
F A general function specified by its subscript
fA Area fraction
fee Face-centred cubic
FGHAZ Fine-grained HAZ
FIB Focused ion beam
FIM Field ion microscopy
fv Volume fraction
y fee iron
G Elastic shear modulus
GF Grain-boundary ferrite
GIF Gaton image filter
GMAW Gas metal arc welding
GTAW Gas tungsten arc welding
r) Arc/thermal efficiency
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HAC Hydrogen assisted cracking
HAZ Heat-affected zone
hep Hexagonal close-packed
HIC Hydrogen induced cracking
HSLA High-strength low alloy
HSMA High-strength microalloyed
i Intercept length
1 Current
ICHAZ Inter-critical HAZ
ICP Inductively coupled plasma
1RCGHAZ Intercritically reheated CGHAZ
ks Solubility product
A. Thermal conductivity
L Interparticle spacing
LBZ Local brittle zone
LM Lath martensite
M Martensite
M Metal element in precipitate compounds
M-A Martensite/retained austenite
M s Martensite-start temperature
M X Binary precipitate compound
Ns Number per unit area
N v Number per unit volume
OM Optical microscopy
OR Orientation relationship
PAGS Prior austenite grain size
Pcm Carbon equivalent for low-carbon microalloyed steels
PF Polygonal ferrite
PM Plate martensite
0 A temperature function
q Welding power
Q Activation energy
q/v Heat input
p Density
r Radial distance from the centreline o f the heat source; also particle radius
R Gas constant
r0 Initial particle radius
cj Stress
SANS Small angle neutron scattering
SAW Submerged arc welding
SMAW Shielded metal arc welding
SCC Stress corrosion cracking
SCHAZ Sub-critical HAZ
SEM Scanning electron microscopy
SMYS Specified minimum yield strength
t Time
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T Temperature
T0 Initial temperature
TEM Transmission electron microscopy

T f in e Temperature below which the fine carbides precipitate
Tra Melting point
TMCP Thermo-mechanical controlled processing
TP Peak temperature
Ts Solidus temperature; also dissolution temperature
V Welding travel speed
W HAZ width
WF Widmanstatten ferrite
WM Weld metal
X C/N element in precipitate compounds; also particle size
X Particle size
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Chapter 1 

Introduction

1-1. Overview
Despite many achievements over the past decades in the development o f novel processing methods 

for production o f metallic materials with improved mechanical properties, there has been little development 
in welding processes to control the microstructural evolution in the weld metal (WM) and the heat-affected 
zone (HAZ). One significant example o f the former from the steel industry was the development o f thermo
mechanical controlled processing (TMCP) to control the microstructural evolution in steels. This has 
resulted in fine-grained microstructures formed by controlled rolling, microalloying and subcooling below 
the equilibrium temperature for the transformation o f austenite to ferrite [1], Fine-grained microstructures 
show an excellent combination o f mechanical properties, such as strength and toughness. The strength o f 
polycrystalline materials is a function o f the grain size, following the well-known Hall-Petch relationship. 
Fracture toughness and impact transition temperature are also related to grain size [2],

The developments o f semi-automated pipeline welding, power beam processes (laser or electron), 
multi-torch systems, cored wires, etc., have been advances related to speed for economics o f construction, 
while still trying to maintain or improve the integrity o f the welds and weld properties [3]. Most o f the 
improvements in weldability, however, have come from modifications in the base metal (BM) and filler 
metal chemical compositions. Reduction o f carbon content in the BM o f high-strength low-alloy (HSLA) 
and microalloyed steels has resulted in increased weldability, by reducing the tendency to formation of 
untempered or twinned martensite during welding. Microalloying to form carbides and nitrides has 
contributed to grain refinement through solute drag effects and grain boundary pinning [4]. Introducing 
oxide-based or nitride-based nucleants into the steel (in the BM and/or the filler metal) has been another 
method for microstructural control through the formation o f acicular ferrite and refinement o f the 
microstructure [5]. It should be added that it is the responsibility o f both the steel and welding industries to 
work together, as the progress o f one without the other would not be useful. This becomes important as the 
high-strength structural steels are increasingly used for welded construction [6 ].

The WM and HAZ microstructure alterations are mainly a product o f thermal processes. The weld 
zone is very similar to a casting. Metallurgists realized a long time ago that the coarse and inhomogeneous 
microstructures in the castings are responsible for their poor mechanical properties. The HAZ evolution is 
due to a rapid and intense thermal cycle [7]. Wrought materials on the other hand, produced by mechanical 
forming o f the cast material, had superior properties due to a higher degree o f homogeneity and a finer 
structure. These essentially set the difference between microstructure and properties in the W M/HAZ and 
BM. HAZ alterations are o f more concern, as no chemical control can be applied there. Austenite grain 
growth is the major cause o f mechanical property deterioration in the HAZ [8 ]. Therefore in general, there 
is still a great demand for studies that find ways for improvements in the HAZ properties. This becomes 
more significant when a new grade o f steel (often with higher strength) is produced. These studies should 
start with characterization o f microstructures and properties.

Grade 100 microalloyed steel used in this study is a new grade o f high-strength, low-carbon 
microalloyed steel produced by IPSCO, Inc. The weldability o f this steel was studied previously by 
Hoskins [9], Although Grade 100 showed a good overall weldability (in particular in terms o f strength 
matching with BM), it demonstrated higher susceptibility to hydrogen cracking when compared with a 
Grade 80 steel (with lower C and Mn levels) in welded conditions. This was one o f the reasons for further 
microstructural examination o f the HAZ o f Grade 100 steel. One o f the recommendations o f the earlier 
study was investigation o f the role o f precipitates in conjunction with the iron matrix microstructural 
alterations during the welding with various heat inputs (0.5-2.5 kJ/mm).

1-2. Objectives and methodology
It was the objective o f this project to characterize the microstructural and property changes in the 

HAZ o f Grade 100 microalloyed steel. O f particular interest was understanding precipitate alterations 
during the weld thermal cycle, as well as their effects on iron matrix microstructure and mechanical 
properties. Three different analyses were designed:
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1) Thermal analysis (experimental and theoretical), to obtain temperature-time characteristics of the 
weld thermal cycles for various heat inputs and different locations across the HAZ. This was required for 
analysis o f precipitate alterations and interpretation o f other microstructural changes.

2) Microstructural examination, in terms o f precipitate alterations, iron matrix phase transformation 
and grain growth. These were carried out by optical microscopy (OM) and transmission electron 
microscopy (TEM).

3) Mechanical analysis. Mechanical properties were mainly assessed through hardness measurements 
across the HAZ. For the BM, tensile tests were also performed in addition to the hardness measurements.

Finally, correlation between the microstructure and mechanical properties was to be carried out in 
the BM and across the HAZ for several heat inputs (0.5-2.5 kJ/mm).

1-3. Thesis format and layout
In this thesis, a paper-based format is adopted and different aspects o f characterization o f the HAZ 

are handled in separate chapters. Each chapter starts with an introduction and is followed by background 
information collected from the literature. I f  applicable, theoretical calculations, experimental procedure, 
tests and results, and discussion o f the analyses and results are addressed next. These are followed by a 
short summary and the list o f references used in that chapter. Chapter 2 (Grade 100 microalloyed steel) and 
Chapter 3 (welding and HAZ) introduce the material and how the HAZ is formed, and therefore serve as 
background information for the analyses o f the next chapters. The main analyses in this study include 
thermal analysis (Chapter 4), precipitate analysis (Chapter 5), iron matrix phase transformation and grain 
growth (Chapter 6 ) and mechanical analysis (Chapter 7) in the HAZ o f the Grade 100 steel. Chapter 8  aims 
at connecting the main results o f these analyses by correlating mechanical property values (strength and/or 
hardness) and the microstructure both in the BM and the HAZ. This thesis is wrapped up with the 
concluding remarks (Chapter 9).

Note, that IPSCO’s Grade 100 microalloyed steel used in this study is referred to as Grade 100 steel 
throughout the thesis and the properties and characteristics o f this particular material w ill be discussed 
(unless otherwise stated specifically). It is realized that other Grade 100 microalloyed steels produced by 
other suppliers might have other properties or characteristics. Also note that the compositions w ill be stated 
in weight percent (wt%), unless specified otherwise.

This study can be considered as the start o f the characterization o f the HAZ in Grade 100 
microalloyed steel, and by no means is complete. Further study needs to be pursued. Nevertheless, it is 
hoped that the results o f this study w ill bring a better understanding o f the alterations in the microstructure 
and properties o f the HAZ, highlight the points where more study is needed and indicate areas that show 
promise for development and control o f HAZ properties.
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Chapter 2 

Grade 100 Steel

2-1. Introduction
The material used in this study is a Grade 100 microalloyed steel produced in the as-rolled condition 

by 1PSCO, Inc. Grade 100 steel is a high-strength low-carbon low-alloy structural steel. The designation 
100 refers to the specified minimum yield strength (SMYS) in ‘ ksi’ (approximately 690 MPa). The 
strength, gained through thermomechanical controlled processing (TMCP), is a result o f the combination o f 
two microstructural characteristics: small grains o f oriented bainitic ferrite and a distribution o f fine 
microalloy carbides and carbonitrides [ 1],

In this chapter, initially the microalloyed steels are introduced, and then different aspects o f steel 
making applied to Grade 100 are reviewed. Finally, different properties o f this steel are discussed. This w ill 
form the background information on the material to be used in the analysis o f the next chapters.

2-2. Microalloyed steels
Microalloyed steels are a group o f high-strength, low-alloy carbon steels, produced in the as-rolled 

condition [2]. The term 1 microalloyed steel’ was first used to address a class o f low-carbon high-strength 
steels, containing a small amount of niobium and/or vanadium [3], Now, this class definitely includes more 
elements like aluminium, vanadium and titanium, in amounts o f less than 0.1% of each element. So the 
term ‘microalloyed steel’ refers to those steels whose strength is increased drastically by addition o f a small 
amount o f such elements (like titanium, niobium, and vanadium), through grain refinement and/or 
precipitation hardening mechanisms [3]. They may also benefit from addition of small amounts o f other 
elements, such as boron and aluminium.

The beneficial properties o f microalloyed steels do not mainly originate from their chemistries per 
se, but from the thermomechanical treatments they undergo throughout processing. Thermomechanical 
controlled processing (TMCP), which consists o f controlled rolling (CR) and interrupted accelerated 
cooling (IAC or simply AC), has provided “ on-line control”  o f the microstructure and mechanical 
properties [4-6]. This is perhaps why IAC is also referred to as on-line accelerated cooling (OLAC).

Now microalloy additions have been extended to medium and high carbon steels; the carbon level in 
microalloyed steels normally varies from a few hundredths o f a percent to the eutectoid composition [7]. 
However, the microalloyed steels used for linepipes are normally characterized by a low carbon content 
(<0.14%) and total alloy content in the range o f 2-3 % [8 ].

2-2-1. Classifications
As carbon has traditionally been the element by which different grades of steel have been defined, 

the same classification is still valid in microalloyed steels. So there are three classes o f microalloyed steels,
i.e., low carbon (<0.2%), medium carbon (0.2-0.5%) and high carbon (0.5-0.8 %).

Another classification is according to the main microalloying element(s). Some examples are 
niobium-bearing microalloyed steel, titanium-bearing microalloyed steel, or titanium-niobium-bearing 
microalloyed steel.

The other way to address these steels is according to their main/matrix phase, e.g., ferritic-pearlitic 
microalloyed steel, ferritic-bainitic microalloyed steel, and multiphase microalloyed steel.

A very common designation used in North America, however, is that o f the American Petroleum 
Institute (API), where a number designates the specified minimum yield strength (SMYS) in ‘ ksi’ , e.g., 
X70 or X I00 pipeline steels. The designation suggested by Canadian Standards Association (CSA) [9], 
however, uses “ Grade”  instead o f “ X”  and the accompanying number designates the SMYS in megapascal. 
Therefore, CSA Grade 690 would be strength-wise equivalent to API X I00 or the Grade 100 designation 
used in this thesis.

2-2-2. Applications
Modem microalloyed steels have proven to be "the most cost-effective, multipurpose materials" 

[12], Examples o f microalloyed/HSLA steels application areas are the automotive industry, gas pipelines, 
mining, naval vessels and offshore platforms [13],
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The development of microalloyed steels used for linepipes was based on the need for higher 
strength, good impact toughness, weldability, resistance to hydrogen assisted cracking and, above all, 
economy. The increase in the use o f oil and gas brought the need for transporting larger volumes over 
longer distances. Larger diameter pipes, which could tolerate higher transmission pressures, would save a 
lot o f money. A significant weight saving also occurs in applications o f high-strength structural steels, used 
in bridges and vehicle fabrication (typically in truck frames and bodies), which leads to greater payloads 
and improved fuel economy. Reduction in the fuel consumption has important worldwide environmental as 
well as political (peace related) benefits too. The increase in strength reduces the tonnage required, which 
means energy savings in iron extraction and steel refinement. This, as Gladman explains [3], translates into 
reduced environmental contamination and material conservation.

2-3. Production aspects of Grade 100 steel
2-3-1. Chemical composition and effect of alloying elements

Grade 100 steel is a low-carbon steel microalloyed with Ti, Nb and V. The chemical composition o f 
the Grade 100 steel used in this work is shown in Table 2-1. It contains 0.08% C, 0.01% N and 
approximately a total o f 0.2% Ti, Nb and V as primary microalloying elements.

Table 2-1. Chemical composition (wt%) o f Grade 100 microalloyed steel produced by IPSCO [1, 14]

c Mn Si S p Ti Nb V Mo Cr Ni Cu A1 Ca N

0.08 1.80 0.24 0.001 0.013 0.06 0.09 0.05 0.30 0.2 0.26 0.42 0.05 0.005 0.01

It is obvious now that lowering the carbon content o f the base metal has a beneficial effect on the 
HAZ toughness o f microalloyed steels. This can be attributed to a decrease in M-A constituent and an 
increase in autotempered martensite by an increase in the martensite start (Ms) temperature. However, any 
reduction in carbon content must be balanced by addition o f microalloying elements to achieve the desired 
microstructure; otherwise sideplate microstructures may develop [13],

It seems that the effect o f microalloying elements on microstructure, and consequently the HAZ 
toughness, can be studied from two angles. One is their effect on the transformation kinetics, and the other 
is their precipitation effect on the microstructure. In the latter, precipitates may act as precipitation 
hardening particles, or they may slow austenite grain growth by pinning the austenite grain boundaries.

The effect o f alloying elements on the y/oc transformation can be readily seen in Fig. 2-1, where the 
shift o f the continuous cooling transformation (CCT) diagram by each element is shown schematically. The 
most important elements used in microalloyed or HSLA steels are manganese, copper, boron, nitrogen, 
vanadium, titanium, niobium, molybdenum and nickel.

Carbon
Carbon, which is normally present in iron for increasing its hardness and/or hardenability, has a 

primary use for the formation o f carbides in microalloyed steels. As mentioned earlier, carbon levels should 
be kept low for improvement o f hydrogen assisted cracking (HAC) resistance and weldability. Carbon 
content in pipeline applications is recommended to be <0 .1 0 %, or even more conservatively between 0 . 0 1  

and 0.05% [15], Extremely low carbon content (<0.01%), however, was reported to embrittle the grain 
boundaries in the HAZ, resulting in intergranular fractures and subsequently deteriorating hydrogen- 
induced cracking (HIC) and Charpy impact properties, especially in Nb-bearing steels [15], This, although 
not clearly explained, was attributed to the effect o f Nb and C on the grain boundary strength. It was 
observed that the fraction o f intergranular fracture increased with an increase in Nb content or decrease in 
C content. This was even found to be more pronounced at high sub-critical reheating temperatures (i.e., 
550-700 °C; simulating inter-critically reheated coarse-grained HAZ). Some researchers consider a 
threshold value o f 0.09%C, to avoid the peritectic reaction during solidification, which is believed to be 
responsible for microsegregation and therefore deterioration o f the HAZ toughness [16],

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



5

Manganese
Manganese, along with nickel and copper, are austenite formers and therefore suppress the y/a 

transformation temperature and slow the rate o f transformation [13]. They stabilize the austenite by 
reducing the nucleation rate for ferrite formation [8 ]. The lower the transformation temperature, the finer 
the ferrite grain size and the better the HAZ toughness. These elements, i f  added in sufficient quantities 
(especially Mn o f 1.5-2.0%), w ill cause formation o f lower transformation temperature products, such as 
acicular ferrite and bainite. This is why acicular-ferritic steels often contain 1.4-2.0% Mn [8 ],

To avoid inhomogeneity and anisotropy in mechanical properties o f the rolled sheets and the HAZ 
microstructure, which originate from solidification segregation and banded microstructure in rolling, 
manganese additions should be limited [13]. Manganese also reduces weldability [17].
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FIG. 2-1. Schematic showing the effect o f (a) heat input, and (b) microalloying elements and prior austenite grain size
on the CCT curve [13].

Silicon
Silicon is often used in steel making as a deoxidant. Si has a solid solution strengthening effect and 

in low carbon steels compensates to some degree for the decrease of strengthening due to reduction o f 
carbon [11]. It also increases notch toughness and hardenability. Si increases the carbon equivalent and 
hence reduces weldability [17],

Nickel
Nickel (0-0.4%) can also enhance Iow-temperature fracture toughness, though it is not as effective as 

manganese [8 , 13]. Additions o f nickel in amounts o f about half the copper content are effective in 
maintaining the surface quality during hot working, which is endangered by the presence o f copper (usually 
>0.5%) which may cause hot shortness [17]. N i reduces weldability [17],
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Conner
Copper in amounts up to -0.35% is very effective in improving the resistance o f carbon and 

microalloyed steels to atmospheric corrosion [17]. Higher amounts o f -0.5-1.5% are added to microalloyed 
and HSLA steels because o f copper’s considerable contribution to strength through precipitation hardening 
[13, 18]. Copper does not seem to affect the transformation kinetics [ 8 ],

Molybdenum
Molybdenum strongly affects the transformation kinetics in the range o f 600-700°C. It shifts the 

ferrite and pearlite curves o f the CCT diagram to the right (longer times) and therefore promotes the 
formation o f lower-temperature products like acicular ferrite, bainite, and martensite [13], Acicular-ferritic 
steels often contain 0.25-0.35% Mo [8 ], Mo improves weldability [17]. It also forms mutually soluble 
carbides with Nb.

Chromium
Chromium (0-0.3%) seems to promote the formation o f low-temperature products by stabilizing 

austenite and retarding the y-a transformation [8 ]. It also improves resistance to abrasion as well as to 
atmospheric corrosion, but reduces the weldability [17].

Boron
Boron is one o f those elements that have received a lot o f attention since the 1970’s, especially after 

the introduction o f low-carbon bainitic steels. Boron promotes the formation o f bainite and martensite by 
preventing ferrite nucleation at austenite grain boundaries, and, therefore, suppressing the y/a 
transformation. To achieve this, boron should not form compounds with N, and therefore addition o f Ti 
and/or A1 are necessary in boron-bearing steels, to absorb all N in solution. Boron is known to have a 
synergistic effect with Mo and Nb on the retardation o f ferrite formation [8 , 13]. Addition o f 10 ppm of 
boron is enough to suppress ferrite formation in the coarse-grained HAZ.

Addition o f a small amount o f boron is favourable as it can replace large additions o f elements like 
Mn, Mo and Ni, to obtain fully bainitic steels. This also eliminates the considerable reduction in weldability 
o f the steel because o f the presence o f Mn, Mo and Ni in those quantities [8 ],

Titanium
Titanium is frequently used in microalloyed steels because o f the high thermal stability o f TiN even 

at peak temperatures above 1300°C. This precipitate effectively restricts austenite grain growth. 
Furthermore, it has been claimed that sufficient addition of Ti to V-N steels also promotes the formation o f 
fine polygonal ferrite, which makes the “ effective grain diameter”  smaller, and reduces the amount and size 
o f M-A constituent in the coarse-grained HAZ [19], These improvements in microstructure increase the 
impact toughness.

Depending on the level o f Ti and N in the steel, TiN may form in the liquid. These particles are 
usually too large to have any significant grain-boundary pinning effect in austenite. It has been confirmed 
that the particle size for optimum grain-boundary pinning in austenite is less than 50 nm, and the optimum 
level o f T i is -0.015% [20], Ti content in excess o f that required to combine stoichiometrically with N w ill 
tie up C at lower temperatures o f the austenite region. Ti and Nb carbides are mutually soluble and usually 
appear as Ti/Nb carbides. These carbides can act as austenite grain refiners. Another compound o f interest, 
used in some Ti-bearing steels for achievement o f properties, is T i0 2 that has extremely low solubility even 
at 1450°C [21],

Niobium
Niobium was the first microalloying element added to steels that made the development o f the new 

group o f high-strength low-alloy steels possible. The trials and studies on the effect of Nb additions go 
back to the 1950’s, after the discovery o f extensive ore bodies in Canada and Brazil, which dramatically 
decreased the price o f niobium [3]. Small additions of Nb (0.03%) have beneficial effects in steel 
fabrication when thermomechanical controlled processing (TMCP) is applied, as it dramatically reduces the 
rate o f recrystallization o f austenite during hot rolling. Inclusion o f Nb is a requirement by steel fabricators 
in Japan. Some of the benefits, beyond the usual applications o f Nb, are control o f HAZ softening caused 
by reduction o f the carbon equivalent, effective increase o f the steel strength by promoting bainite
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formation and increase in hot rolling efficiency by extending the non-recrystallization-region temperature 
range [22], A ll this occurs without lowering the HAZ toughness, as the addition is small.

Niobium has considerable effects on microstructure (recrystallization and transformation), both 
when in solution and when in carbonitride precipitate form. Nb has the most pronounced effect on 
increasing the no-recrystallization temperature [23]. Both experimental observations and theoretical 
analyses show that this effect is relatively small when Nb is in solution, compared to the retarding effect o f 
strain induced precipitation ofNb(C, N) [24]. Nb in solution lowers the A c3 temperature (8 °C per 100 ppm 
Nb) and reduces the ferrite nucleation rate [8 , 13]. By shifting the CCT diagram to longer times and lower 
temperatures, Nb promotes the formation o f Widmanstatten ferrite and bainite in the coarse-grained HAZ
[13]. Nb(C,N) on the other hand, may accelerate the yla  transformation [13]. To benefit from the 
precipitation effect ofNb, small additions o f this element (<0 . 1  %) are sufficient [ 8 ],

The promotion o f upper bainite formation by the solute Nb is found to be detrimental to toughness, 
as it increases the “ effective grain diameter”  in the coarse-grained HAZ [19]. Niobium addition to 
microalloyed steels may increase the impact transition temperature (reduce toughness) significantly. Only a 
very small addition o f Nb (<0.05%), and only when the carbon content level is very low (e.g., 0.03%), can 
have no detrimental effect on the HAZ toughness for high heat input welding. For low heat inputs, the 
detrimental effect o fN b is smaller [2 1 ],

Vanadium
Vanadium has greater solubility in austenite than Nb and is more likely to stay in solution before the 

y-a transformation [8 ]. It has two effects on the transformation: one on the primary products and the other 
on the secondary products. Vanadium promotes the formation o f polygonal ferrite and shifts the ferrite nose 
to higher temperatures and shorter times. On the other hand, it suppresses the bainite and pearlite 
transformation and therefore promotes the formation o f M-A [8 , 13], This property o f vanadium has led to 
the production o f a low-carbon Mn-0.45%V steel with a martensite/polygonal-ferrite structure, suitable as 
an X-70 Iinepipe steel [8 ].

VC is the most effective precipitate for precipitation hardening. This is due to the inter-particle 
spacing o f these precipitates, which results from the relatively low precipitation temperature o f VC in 
ferrite. It is found that the precipitation strengthening in V-microalloyed steels (-0.10 %V) greatly 
increases with the carbon content o f the steel; an increase of -5.5 MPa in strength per 0.01 %C [25].

Nitrogen
N is considered an essential element in microalloyed steels, because o f its several beneficial effects 

as a result of interaction with other alloying elements like V, Ti and Nb. Nitride particles are effective in 
raising the y grain growth temperature during reheating and welding, preventing grain growth during 
rolling, delaying recrystallization, increasing the y-a transformation ratio and o f course in precipitation 
hardening [26].

However, there is much controversy as to whether or not nitrogen has a detrimental effect on HAZ 
toughness. It has been reported that free nitrogen and coarse nitride precipitates reduce the HAZ hardness 
and toughness and, therefore, high nitrogen contents should be avoided. Yet, there are other results that do 
not completely agree with this, and demonstrate that free nitrogen is not directly responsible for the HAZ 
properties in Ti-V steels. Careful addition o f microalloying elements and control o f the welding parameters 
(selection o f the correct heat input to control the cooling rate and the correct number o f passes) can result in 
enhanced toughness even with a high level o f N (Fig. 2-2). This is mostly attributed to a fine distribution o f 
TiN precipitates [26]. It is usually recommended that the N content should be above the stoichiometric 
level for TiN, in order to suppress the grain coarsening in the HAZ and improve the HAZ toughness [25].

Aluminium
Aluminium is commonly added to steel as a deoxidant. There is usually some residual aluminium 

content (-0.02-0.05%) in the steel. AIN has a very low solubility product in steel. The only common 
microalloy nitride that has a lower solubility product than AIN is TiN. AIN, with a distinctive hexagonal 
crystal structure, forms as a separate nitride from any other fee (face-centred cubic) microalloy carbides 
and nitrides. It should be noted that aluminium carbide is not stable in steel [3],
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Other elements
Calcium is essentially added for desulphurisation and to make the steel cleaner. Phosphorous 

improves the corrosion resistance but reduces toughness and weldability. Sulfur is not completely removed 
during the steelmaking process. It causes hot shortness during rolling and hot cracking in welding. 
Manganese counteracts these effects by forming manganese sulfide (MnS). Nevertheless, the S level should 
be kept below 0.05% [17].
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FIG. 2-2. Effect o f N level on HAZ toughness in 0.1%V steel [26].

2-3-2. Thermo-mechanical controlled processing (TM CP)
Studies on rolling practices and in particular controlled rolling (CR) were carried out extensively in 

the mid-1960s. Commercialization of continuous casting technology in that decade brought about a great 
deal o f economic benefits, compared to ingot casting practiced before. The cast product in continuous 
casting is already in slab form. The first stage in TMCP is reheating to a soaking temperature (1150- 
1350°C) for homogenization o f austenite. This is followed by CR at different stages, and finally cooling 
down to room temperature either naturally (in air) or by accelerated cooling (e.g., by water jets). CR, which 
is applicable to plain carbon steels as well as to microalloyed steels, can be carried out through some or all 
o f the following three stages [3]:

1- At temperatures above ~1000°C, where sequential rolling at recrystallization temperatures w ill break 
down the coarse “ as-soaked”  austenite grain structure.

2- Between A3 and ~1000°C, where further grain refinement takes place by deforming the austenite in 
the no-recrystallization zone, in the case o f microalloyed steels.

3- Below A j (normally limited to the inter-critical zone), where deformation causes work-hardening in 
the ferrite.

Relatively low temperature reheating and heavy reduction below the recrystallization temperature were 
found to be necessary for improvement o f toughness in low-carbon high-strength steels [15]. According to 
Williams et al. [24], lowering the finish rolling temperature below A3 to increase the strength o f the final 
product was found to be an “ inappropriate approach” especially in the case o f C-Mn-Nb-V steels (such as 
Grade 100). The addition o f Mo was found to be a better approach to compensate for strengthening through 
the effects on transformation kinetics (Section 2-3-1).

Microalloying additions have three major effects on the microstructural evolution during hot rolling
[3]:
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1- Undissolved carbonitrides at the soaking temperature (in particular TiN) can control to some degree 
the austenite grain growth and, therefore, influence the starting grain size at the commencement of 
CR.

2- Small amounts o f dissolved Ti, V, and especially Nb, may retard dynamic or static recrystallization 
during CR, by segregation to the grain and sub-grain boundaries. This is referred to as the “ solute 
drag” effect.

3- Strain-induced precipitation o f microalloy carbonitrides (especially NbCN) can pin the sub-grain 
boundaries and inhibit recrystallization.
In microalloyed steels, the no-recrystallization temperature is much higher than that in plain carbon- 

manganese steels. Recrystallization inhibition is done by particles o f relatively small diameter (<300 nm) 
and short inter-particle spacing (<1 pm) [23]. These particles can exert pinning forces on the austenite grain 
and sub-grain boundaries. Deformation at temperatures below the no-recrystallization temperature w ill 
result in pancaked austenite grains, which transform into much finer ferrite grains. Pancaking and 
recrystallization prohibition w ill affect all properties o f the resultant grains, such as size, sub-grain size 
(dislocation density) and even texture. The pancaked austenite grains w ill no longer have the preferred so- 
called cube crystallographic orientation; the main crystallographic orientations w ill be those called brass 
and copper. This w ill dictate specific textures for the resultant ferrite grains, which in turn w ill affect 
anisotropy of the mechanical properties [27].

Refinement o f prior austenite grain size and the retention o f strain energy in the deformed austenite 
grains are important for the refinement o f the ferrite grains. These factors increase nucleation rate by 
increasing the austenite grain boundary area, formation o f deformation bands and corrugation o f the grain 
boundaries, all o f which provide favoured locations for ferrite nucleation [3],

In the processes that employ OLAC after CR, a finished-rolled plate is immediately sent to the 
cooling zone for water-cooling in specified temperature ranges. It w ill be subsequently air-cooled to room 
temperature. OLAC can increase strength without sacrificing the toughness [15].

The thermo-mechanical cycle for Grade 100 steel is shown schematically in Fig. 2-3. The slab is 
reheated at about 1250°C, rough-rolled above 1000°C, finish-rolled in the no-recrystallization region (800- 
850°C), followed by accelerated cooling at moderate cooling rates (-15-20 °C/s) to a stop cooling 
temperature o f ~400-600°C, where it is slightly deformed (<10% strain) by levelling or rolling. This last 
stage o f deformation not only enhances the dimensional accuracy o f the product (removing bends and 
ripples and/or produce the exact plate thickness), but also is believed to accelerate precipitation by a further 
increase in the dislocation density in ferrite [ 1, 28],
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FIG. 2-3. Schematic illustration o f thermomechanical processing for Grade 100 (redrawn based on an schematic in
[28]).
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2-3-3. Microstructural developments
2-3-3-1. Precipitation

In order to have a strong steel, two sets o f microalloying particles (carbides and nitrides) are 
desirable [3]:

1- Those that remain undissolved in the austenite temperature range. These help maintain a fine 
austenite grain size (which w ill result to finer a grains after transformation), by pinning the austenite 
grain boundaries.

2- Those that precipitate during austenite/ferrite transformation (interphase precipitates) or after that in 
ferrite. These, in particular the latter, strengthen the matrix by dispersion hardening and are usually 
3-5 nm in size.
The presence o f C, N and the microalloying elements guarantees formation o f a series o f nitrides, 

carbonitrides and carbides during cooling in the thermomechanical processing o f Grade 100 steel steel, as 
listed below, after Akhlaghi and Ivey [29]:

1 - Large Ti nitrides (2-8 pm) that form in the liquid steel or during solidification.
2- Intermediate size Ti-rich carbonitrides (100-500 nm).
3- Intermediate size Nb-rich carbonitrides (30-150 nm). Types 2 and 3 form on cooling through the 

austenite range during processing.
4- Interphase fine precipitates (10-20 nm), primarily Nb-rich carbides, that form during the austenite- 

ferrite transformation (transformation induced).
5- Very fine (<5 nm) Nb-rich carbides that precipitate out in the ferrite in the 400-600°C range. These 

fine precipitates, with small particle spacing, contribute to the strength o f the steel through 
precipitation hardening.
Precipitation o f these carbonitrides w ill be discussed in detail in Section 5-3, from a thermodynamic 

point o f view, and the amount o f precipitation o f different compounds w ill be estimated at several 
temperature intervals as a result o f cooling during TMCP.

Whether or not Cu precipitates in Grade 100 steel is not clear. There have been no reports on such 
precipitation [29]. The fact that Cu precipitates are dissolved in acid make them unsuitable for collection by 
TEM carbon replicas, and their small sizes make them difficult to be discerned in the iron matrix o f TEM 
thin-foil samples. Nevertheless, as the copper level is low in Grade 100 steel (-0.4%), there is not much 
expectation for precipitation. On the other hand, it is suggested that the solubility lim it o f copper in iron 
and steel is approximately 0.1 at% (almost the same in wt% for Cu in steel), using atom probe field ion 
microscopy (APFIM). The critical size for these precipitates is believed to be in the range o f 2.3 to 3 nm (in 
radius). The precipitation o f copper, which is usually observed in the temperature range 400 to 650°C, 
consists o f several transformations as the precipitates grow [30].

2-3-3-2. Iron matrix phase transformation
The objective o f all TMCP is the development o f a fine microstructure. Ferrite nucleates in austenite 

and grows as the temperature drops below A3. The ferrite type, grain size and properties depend greatly on 
the effective austenite grain size, the austenite retained strain (as sub-grain boundaries and deformation 
bands) and the cooling rate, as these factors influence the nucleation sites and rate. Intergranular nucleation 
can occur at grain corners and edges, or even at grain faces if, for instance, cooling rate increases. 
Intragranular nucleation can occur on deformation bands in austenite grains with retained strain, or on non- 
metallic inclusions [3]. Basically, the effect o f increased cooling rate is the supercooling o f austenite and a 
decrease in transformation start temperature. This, being in favour of increased nucleation sites but less 
growth, results in finer transformed ferrite. However, there is a limit. At cooling rates above that limit, 
polygonal ferrite can be replaced by acicular ferrite, bainite or martensite. Fig. 2-4 shows the continuous 
cooling transformation (CCT) diagram for Grade 100. The transformation originates from controlled-rolled, 
pancaked austenite grains at ~850°C. Fig. 2-4 shows the effect of cooling rate on the transformation 
product. Also on the diagram, the corresponding hardness values of the transformed material for each 
cooling rate are shown. Fig. 2-5 shows these effects better. The amount o f each phase constituent is 
estimated from the transformation curves on the CCT diagram. A cooling rate o f ~20°C/s results in a 100% 
bainitic microstructure with an accompanying hardness number o f -250 HV10. Other microstructural 
changes that take place in the processing o f the Grade 100 steel, after stop cooling (i.e., levelling/slight 
rolling), can result in slight work hardening and some precipitation hardening.

M ilitzer et al. (cited by Gladman [3]) have found that the effect o f austenite grain size on the 
transformed ferrite grain size is complicated. They show that decreasing the austenite grain size has little
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effect on the ferrite grain size at a given cooling rate, while reducing the austenite grain size at a given 
degree o f undercooling (same transformation temperature) dramatically refines the ferrite grain size.
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FIG. 2-4. CCT diagram o f Grade 100 steel obtained based on cooling from the finish-rolling temperature o f 850°C [31].
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2-4. Properties o f Grade 100
There are several aspects and properties o f microalloyed steels, which have made this group o f 

steel distinctive. The main properties o f industrial interest, which are still under development, are the 
mechanical properties (such as strength and toughness), weldability, formability, and resistance to 
environmental situations (such as hydrogen-induced cracking and stress-corrosion cracking). Some o f these 
properties are briefly reviewed below, with emphasis on the properties o f Grade 100 steel.

2-4-1. Mechanical properties
2-4-1-1. Strength

It is known that a microalloying addition o f less than one part in a thousand can increase the strength 
o f a plain carbon steel 2-3 times [3]. Pipeline and structural steels with SMYS o f 60 to 100 ksi (400-700 
MPa) are the result o f microalloyed steel developments. This improvement w ill result in a higher 
strength/weight ratio for the steel, which in turn leads to economic benefits.

Fig. 2-6 shows an engineering stress-strain curve obtained from a tensile test on the as-received 
Grade 100 steel material. Round dog-bone tensile samples were machined to a reduced section diameter o f 
4 mm, reduced section length o f 20 mm and a total length o f 87 mm, according to ASTM A370 standard
[32], Three samples were prepared from each direction longitudinal and transverse to the rolling direction 
(RD). The flow curves were analysed to obtain the mechanical parameters (Table 2-2). As can be seen, 
there is only a little difference in the results from the two directions. This suggests little anisotropy and 
texture effect. The curves showed continuous yielding and the yield strengths were well above 690 MPa.
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FIG. 2-6. Stress-strain curve obtained from the tensile test o f Grade 100

Table 2-2. Tensile properties o f Grade 100

w.r.t. RD E (GPa) Y.S. (MPa) UTS (MPa) Elongation (%)

Longitudinal
214.6±22.0

788.0±33.4 920.8±5.7 I7.1±2.4

Transverse 800.1±13.4 935.8±1.9 16.3±2.4
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2-4-1-2. Toughness
The increased strength o f microalloyed steels should be accompanied with good ductility. In other 

words, good toughness is what is expected from structural and pipeline steels. Experimental determination 
o f impact toughness was deemed beyond the scope o f this study.

2-4-2. Weldability
There have been several problems associated with welding o f plain carbon, C-Mn and low-alloy 

steels. Some o f these problems take place during welding or post-weld heat treatment (PWHT), such as 
hydrogen assisted-cracking (HAC) in the HAZ or WM, reheat cracking in the HAZ or weld metal (WM), 
HAZ liquation cracking, lamellar tearing and solidification cracking in the WM. Some other problems are 
encountered during service, such as stress-corrosion cracking (SCC), fatigue/corrosion fatigue, creep and 
failure in hydrogen environments [2 0 ].

The word weldability has been used in the literature over the past decades with different 
connotations. Weldability literally means the ability to weld a material. This, however, finds limited 
application nowadays. Most o f the industrial materials can be welded with varying degrees o f ease or care, 
and no weld is completely free o f defects and discontinuities. So weldability o f a material is related to how 
susceptible a weld is to cracking during or after welding [20]. With the developments in welding 
metallurgy and practices, especially for steels, the term weldability is used as a criterion for the quality of 
the weld and even the service behavior o f weldments [33], The weldability o f a material depends not only 
on the material properties (such as chemical composition), but also on the welding parameters. Therefore, 
weldability tests can be mechanical tests to see i f  the mechanical properties o f the weld metal or HAZ (as a 
criterion for quality and susceptibility to a specific failure) are satisfactory or not [18, 34, 35].

The traditional way to increase the tensile strength was based on increasing the carbon and/or 
manganese level in steel, but this would result in reduced weldability [3]. According to Easterling [36], the 
weldability o f steels is usually expressed in terms o f a carbon equivalent (C.E.) lim it -  generally considered 
to be 0.4- that shows composition allowances to avoid cold cracking or hydrogen cracking. The current 
formulation o f C.E. according to IIW for carbon steels with carbon levels >0.15% is given by Equation 2-1
[37]. Fortunately, microalloyed steels had the advantage o f employing very low carbon levels and reduced 
manganese levels, meaning low carbon equivalents, which assure increased weldability, while 
demonstrating high strength [38]. These steels also have greater freedom in welding processing with little 
or no preheat, which reduces the cost [39]. For low carbon (<0.15%) microalloyed steels, the Ito-Besseyo 
formula (Equation 2-2) is a more accurate way to determine C.E. than the older equations [37], For Grade 
100 the value o f C.E. is found to be 0.58 according to the IIW equation and a value o f Pa„ (C.E. for low 
carbon microalloyed steels) o f 0.24 is obtained according to the Ito-Bessyo equation.

%Mn+%Si %Cr+%Mo+%V %Cu+%Ni 
C.E. = %C + ---------------- + -------------------------+ ----------------  (2-1)

6  5 15
%Mn + %Cr + %Cu %Si %Mo %V %Ni

Prn. = %C H--------------------------------1--------H------------ 1---------1----------15°/oB (2-2)
20 30 15 10 60

Mechanical tests by Hoskins [40] showed that Grade 100 steel has good overall weldability. The 
susceptibility o f welded Grade 100 to hydrogen cracking was found to be o f some concern (when compared 
with a Grade 80 microalloyed steel), unless very low levels o f diffusible hydrogen were available in the 
system. The susceptibility depended on the welding process and the heat input.

2-4-3. Susceptibility to HAC and H1C
Hydrogen-assisted cracking (HAC) and hydrogen-induced cracking (H1C) are sometimes 

interchangeably used in the literature. However, it seems appropriate and less confusing to distinguish 
between the two by referring to the failure during or after welding related to hydrogen as HAC and the 
failure during service in hydrogen environments as H1C.

HAC, sometimes referred to as cold cracking in welding, is a serious problem, in particular when the 
strength is high. “ HAC occurs by a mechanism that involves the concentration o f hydrogen in the biaxial 
stress field at the tip o f a crack by diffusion”  [13]. In fusion welding, hydrogen is generated in the arc from 
moisture and gets dissolved in the weld metal. It diffuses to the HAZ after solidification, and therefore
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cracking can happen either in the WM or HAZ after decomposition o f austenite [41], Although the fine
grained ferrite microstructure, achieved by addition o f the microalloyed elements and use o f 
thermomechanical processing, is expected to have improved resistance to HAC, stress-corrosion cracking, 
and brittle fracture initiation in the HAZ [42], reduction in the number o f sulfides in microalloyed steels, 
due to the reduction in the sulfur levels, is believed to make the steel more susceptible to hydrogen 
cracking. MnS inclusions provide a sink for hydrogen and so reduce the risk o f HAC. They also help 
nucleation o f acicular ferrite, and therefore, their absence causes the formation o f lower temperature 
transformation products and results in higher hardness values in the HAZ [20]. The susceptibility o f steel 
to HAC increases with strength and the presence o f hard microstructural constituents, and also depends on 
the microstructure in general even at a certain overall hardness [13, 43], The most susceptible phases (in 
order o f decreasing susceptibility) are twinned martensite, bainite (upper or lower), granular bainite and 
lath martensite (the least susceptible) [41, 44], Despite the controversy about the effect o f retained 
austenite, recent studies have shown that it is beneficial in preventing HAC [13]. For these reasons, lower 
electrode hydrogen contents are now a requirement for low-sulfur, clean steels [3], Careful storage and 
electrode baking procedures, or wire cleanliness and control o f flux type, coupled with a reduction in 
carbon and carbon equivalent and preheat (needed for steels o f 700 MPa yield strength and higher) are the 
only means to reduce the risk o f hydrogen cracking [45].

Taira et al. [15] believe that the susceptibility to HIC in as-rolled pipeline steels (X44 to X70) is due 
to the segregation o f Mn to the centerline, which promotes the formation o f a “ hard band”  (i.e., low- 
temperature transformation products) in this zone. They have observed that the HIC susceptibility is high in 
the steels containing 0.05-0.15%C, when the manganese level is above 1%.

2-4-4. Reaction to heat treatments
It is o f interest to know the reaction of any new grade o f steel to the conventional heat treatments 

and tests. Among these are aging, annealing and quenching. Strain aging can also reveal some properties 
and characteristics o f the material. For instance, it can show i f  there are sufficient interstitials in the steel to 
increase the strength through dislocation locking by the Cottrell atmosphere o f the interstitials. Some o f 
these tests have been carried out along with the main study on the HAZ and, therefore, are reported here.

2-4-4-I. Full annealing
Small samples (15x10x5 mm3) were cut from a Grade 100 plate. They were solution treated at 970°C 

for -10 min and then furnace cooled. The average hardness on the polished sample was 183.7 ± 5.9 HV500, 
compared with the hardness o f -285 HV50o o f the as-received sample.

Also, three tensile samples were machined similar to the samples from the BM (Section 2-4-1-1) from 
the annealed strips (950°C; 8  min; furnace cooled). The flow curves and the tensile properties are shown in 
Fig. 2-7 and Table 2-3, respectively. These tensile samples had higher hardness values (-208 HV) than the 
small samples discussed above. Nevertheless, all these results show that Grade 100 can have a very low as- 
annealed hardness of~180 HV and yield strength of~350 MPa.

2-4-4-2. Quenching
Penny-shaped samples (15x10x1.5 mm3) were cut from a Grade 100 plate. They were solution 

treated at 1150°C for 4 min and then quenched in iced-brine. The average hardness on the polished sample 
was 364.2 ± 3.6 HV50o This level o f hardness corresponds to the hardness o f martensite for this level o f 
carbon [46].

Also, three tensile samples were machined similar to the samples from the BM (Section 2-4-1-1) 
from the annealed-and-quenched strips (1150°C; 8 min; quenched in iced-brine). The flow curves and the 
tensile properties are also shown in Fig. 2-7 and Table 2-3, respectively, and these are compared with those 
o f the annealed sample. These samples had a slightly lower hardness (-353 HV) at the surface than those 
penny-shaped samples explained above. The hardness in the core o f the sample was probably even lower, 
as the cooling rate decreases with increasing distance from the surface. This can explain why the tensile 
samples showed higher ductility than expected from a fully martensitic sample. Nevertheless, all these 
results show that Grade 100 can have a very high as-quenched hardness o f -360 HV and yield strength o f 
-900 MPa.
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FIG. 2-7. Effect o f quenching and annealing on the flow curves for Grade 100.

Table 2-3. Tensile properties o f heat-treated samples o f Grade 100

Condition YS (MPa) UTS (MPa) Elongation (%)

Annealed 349.8±1.2 667.9±4.7 28.1±0.3

Quenched 877.6±1.4 1126.5±29.0 6.4±1.4

2-4-4-3. Sub-critical aging
To see the effect o f aging on Grade 100 some tests were initiated. These were not completed as the 

time required for the heat treatment tests and further microstructural and mechanical tests made them 
difficult to carry out in parallel to the main study o f the HAZ. These tests, which can show effect of 
precipitate hardening on the strength of Grade 100, are therefore recommended for future work.

Small cubic samples (10x10x8 mm3) were cut from Grade 100 plates. These were annealed at 
various temperatures from 200 to 700°C for I hour and then either quenched in water or furnace cooled. 
Fig. 2-8 shows the variation in the hardness as a result o f aging. The initial increase from -285 to -305, 
achieved at aging temperatures o f 200-300°C, is likely due to strain aging. The plates o f Grade 100 were 
cold worked slightly during leveling. This increases the dislocation density and frees the dislocations from 
the Cottrell atmospheres o f the interstitial solutes. Aging w ill facilitate diffusion o f the interstitials to the 
dislocation ends, hence locking them again, which w ill result in an increase in strength and hardness [47],

The drop in hardness at higher temperatures (400-700°C) is likely due to recovery (dislocation 
rearrangement) and/or precipitate coarsening. The chance for coarsening may found to be minimal, when 
some o f the published work on the precipitation hardening o fN b  carbonitrides is consulted (e.g., Bucher 
and Grozier, 1966, as cited in [3]). For instance, it was found that holding at 650°C for 5-^45 min w ill result 
in softening. About 1 hour at this temperature was needed to cause precipitation and to reach a maximum 
hardness. Coarsening o f the precipitates, that would result in a drop o f hardness, would only occur at this 
temperature for long periods o f holding, e.g., 110-230 min. However, it can be argued that the fine 
precipitates in the Grade 100 have considerable amounts o f V, Mo and Ti, which may add to the average 
mobility o f the microalloying solutes, hence, making coarsening happen at shorter times. Evidence of 
coarsening o f fine carbides was actually found for the sample aged at 600°C for 1 hour (see Fig. 5-45). As
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mentioned earlier, these tests are incomplete and more tests, such as holding for longer times, careful 
precipitate analysis and tensile tests, are required.

2-5. Summary
Grade 100 microalloyed steel is a high-strength low-carbon low-alloy structural steel produced in the 

as-rolled condition. The strength is gained through thermo-mechanical controlled processing (TMCP). 
Grade 100 contains 0.08% C, 0.01% N and approximately a total o f 0.2% Ti, Nb and V as primary 
microalloying elements. Carbides and carbonitrides o f Nb and Ti pin the austenite grain and sub-grain 
boundaries and hence retard recrystallization during rolling between ~1000°C and A 3. Accelerated cooling 
from above A 3 to temperatures well below A) cause formation o f fine-grained bainitic ferrite. It also 
suppresses interphase precipitation and, therefore, results in a finer precipitate distribution coming out in 
ferrite at the levelling stage. The fine precipitates with small interparticle spacing (3-5 nm) contribute to 
the strength o f the steel through precipitation hardening. Grade 100 shows good strength and ductility. The 
susceptibility o f the HAZ to HAC/HIC, however, can be o f concern, as the susceptibility to HAC/HIC 
increases with strength, the presence o f martensite, reduction o f sulfides and increase in Mn content.
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FIG. 2-8. Sub-critical aging o f Grade 100; aging time 1 hr.
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Chapter 3 

Welding and HAZ

3-1. Introduction
Welding is a process o f joining two pieces o f material permanently by making part o f them fuse 

together by forging or melting. As a result o f welding, the microstructure and properties o f the regions 
around the weld w ill change. Before any examination o f the thermal, microstructural or mechanical aspects 
o f these regions, welding processes and the resulting zones and sub-regions should be addressed. In this 
chapter, some o f the arc welding processes used in the welding o f microalloyed steels are briefly introduced 
first. The weld structure, in particular the HAZ, is defined and its different sub-regions are discussed next. 
This is followed by some o f the heat treatments associated with welding. Finally, the experimental 
procedure used to make HAZ samples in this study is described.

3-2. Welding processes
Welding processes have been grouped under two main branches: fusion welding and pressure 

welding [1], Fig. 3-1 shows the classification o f the most common welding methods. In fusion welding the 
binding between two pieces is made by melting part o f both pieces. Gas tungsten arc welding (GTA W) is 
an example o f fusion welding. In pressure welding, bulk fusion does not occur. The binding between two 
surfaces occurs through friction, sparking (that causes very localized melting), diffusion, etc. Cold roll- 
welding o f aluminum sheets is an example o f pressure welding.

The welding processes used in pipe making are generally under the fusion welding category and 
more precisely a sort o f arc welding. In arc welding, metals at the welded joint are melted by a heat source 
provided by an electric arc. Some o f the most important processes o f this kind are shielded metal arc 
welding (SMAW; a.k.a. manual metal arc welding- MMAW), gas metal arc welding (GMAW; a.k.a. 
MIG/MAG), gas tungsten arc welding (GTAW; a.k.a. TIG), and submerged arc welding (SAW). SAW and 
SMAW are the most common welding processes used for structural steels [2].
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FIG. 3-1. Classification o f the most common welding processes [1].

GTAW, which is used in this study to produce the weld HAZ, is the most widely used process where 
excellent weld quality is most important. The welds are free o f porosity and slag inclusions, since slag is
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never produced. High welding speeds can be used in all positions, and post-weld grinding can be 
eliminated. It is used for joining o f a wide range o f metals, even those considered hard-to-weld, such as 
aluminium. During GTAW, the pieces being welded are protected from the atmosphere by a continuous 
stream o f a shielding inert gas, usually argon or helium (Fig. 3-2a). The electrode material is normally 
tungsten, which is non-consumable. Filler metal may or may not be used [3], When no filler metal is used, 
the process is called autogenous.

SAW is an automatic or semiautomatic welding process, which employs higher heats and faster 
welding speeds. It is one o f the most common, economical and practical techniques used for the welding o f 
large-diameter steel pipes. In SAW the electrode rod (wire) and the coating flux are added to the weld area 
separately (Fig. 3-2b). The arc and melting take place under the flux (submerged). The arc streams run 
between the wire and the plate to be welded [3].
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FIG. 3-2. Schematics of two arc welding processes: a) Gas tungsten arc welding; b) submerged arc welding [3].

Pipe making out o f flat plates is carried out by either spiral or UOE (first forming a ‘U ’, then 
changing to an ‘O’ and finally ‘Expanding’ it) techniques for larger pipes, and direct forming to circular 
shapes and welding by ERW (electric resistance welding) technique for smaller pipes, as shown in Fig. 3-3
[4]. UOE and spiral welding are done by SAW, while ERW is a seam welding technique carried out by 
pressuring the heated edges together. In fusion arc welding, whether single-pass or multi-pass welding is 
required and whether one side or two sides o f the plate should be welded depend on the toughness 
requirement for a certain application. For example, one-side, one-pass SAW can be applied to structures 
with service temperatures of-10°C, one-side, two-pass SAW for -30°C, and multi-pass SAW for -50°C [5]. 
This is because heat input in multi-pass welding is smaller and, therefore, exposure time to high peak 
temperatures becomes shorter and HAZ width w ill be smaller. Also, subsequent passes temper the hard 
constituents in the CGHAZ.

ERW is a very fast process ( ~ 8  times faster than spiral) and therefore has economic advantage over 
arc welding. The disadvantages include a not-so-round profile and lower toughness than arc welding. One 
o f the reasons for the inferior quality is the “ fiber up-turn”  by weld upsetting, exposing centerline 
segregation to the weld fusion line and also hoop stresses [6 ],

3-3. Weld structure
In every fusion welding practice, the metal around the welding line can be divided into three main 

regions, i.e. weld metal (WM), heat-affected zone (HAZ) and unaffected base metal (BM) (Fig. 3-4). Each 
region has its own microstructure and properties as they undergo totally different thermal cycles. The weld 
metal is the weld pool region after solidification, and therefore experiences melting and probably a change 
in chemical composition due to dilution. The study o f the weld metal, although important, is beyond the 
scope o f this research. Some selected references on weld metal microstructure and properties o f HSLA and 
microalloyed steels can be consulted i f  needed [7-16], On the other end o f this spectrum, there is the rest o f
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base metal that is not affected metallurgically by the thermal cycle o f welding, as it is far enough from the 
fusion line.

(a)
Seam Weld

(b)
Spiral
Weld

FIG. 3-3. The two types o f pipe making: a) UOE/ERW; b) spiral [4],

Unaffected \  i . i »  v 
BM

h a  7 i  Unaffected 
' BM

FIG. 3-4. Schematic illustration o f the main three zones in the weld.

The main region o f interest in this research lies in between the above-mentioned regions, namely the 
HAZ metal. The HAZ has received a lot o f attention from experts in the welding and pipeline industries, 
because o f its inferior mechanical properties, especially at a sub-zone adjacent to the weld metal. The HAZ 
is defined as a region o f base metal, adjacent to the weld metal, which has undergone a metallurgical 
change because o f the welding thermal cycle [17].

It is not easy to detect all metallurgical changes, and the extent to which they can be detected 
depends on the microstructure examination technique applied and the precision o f that technique. For this 
reason, in some practical engineering applications, the term visible HAZ is used which can be defined as the 
part o f base metal that undergoes metallurgical change(s) detectable by optical microscopy. This outer 
boundary o f visible HAZ corresponds to ACj for transformable steels. To examine different sub-regions o f 
the weld HAZ, one should distinguish between the HAZ in single-pass welds and multi-pass welds. In 
multi-pass welds, as w ill be demonstrated, some zones undergo further thermal cycles.

3-3-1. H A Z  of Single-pass Welds
The HAZ o f single-pass welds may be divided into five zones, according to the peak temperature 

they undergo (Fig. 3-5). Some zones, such as the inter-critical and sub-critical HAZs, have further been 
divided into “ the inner”  and “ the outer parts”  by some researchers [18], due to a change in Vickers hardness 
and microstructure across these zones. In general, moving across the HAZ away from the fusion line, the 
peak temperature, the austenite grain size and the hardenability decrease.
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FIG. 3-5. Schematic diagram of different weldment zones and their corresponding positions on the Fe-Fe3C equilibrium
diagram for a given carbon concentration of 0.15% [19].

3-3-1-1. Partially melted zone (PM Z)
This very narrow zone (shown in Fig. 3-5 as a solid-liquid transition zone) has a peak temperature 

between the solidus and liquidus lines on the phase diagram, and the metal experiences partial melting [2 0 ], 
The effect o f dilution by the weld metal is mainly restricted to this region. Note, that many researchers 
regard this zone just as the fusion line/zone, as it is in fact the interface between the weld metal and the 
main HAZ. They divide the HAZ, therefore, into four regions, i.e., the zones described below [ 18, 21 ].

3-3-1-2. Coarse-grained H A Z  (CG HAZ)
The CGHAZ, also known as grain growth zone (as labeled in Fig. 3-5), usually has the poorest 

mechanical properties [5]. Here the peak temperature is in the range o f about 1100-1450°C, and therefore 
austenite grains grow greatly, to around 100 pm in a typical submerged arc welding process. In addition, 
the high temperature dissolves almost all precipitates. These two factors result in increased hardenability 
and low-temperature transformation products like bainite, and probably localized martensite in some 
regions- depending on carbon level in the base metal [20, 21]. The microstructure, in low-carbon 
microalloyed steels, consists o f coarse packets o f bainite in each grain, and the packets consist o f dislocated 
parallel laths. The majority o f carbon-rich particles are found at packet boundaries, while some may form at 
the lath boundaries too [2 0 ],

3-3-1-3. Fine-grained H A Z  (FG HAZ)
The fine-grained HAZ (a.k.a. the recrystallised zone as labeled in Fig. 3-5) is usually a wide sub- 

region in microalloyed steels, consisting o f fine ferrite grains. The peak temperature is higher than A(:j, but 
lower than the grain coarsening temperature (around 1100°C). As the temperature is not too high, sufficient 
amounts o f precipitates prevail to prevent austenite grain growth, and hence the large area o f grain 
boundaries promotes ferrite formation, transformed from austenite during cooling. Depending on the 
carbon level o f the base metal, the remaining austenite after transformation may transform to pearlite or
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ferrite-carbide aggregates [20]. The thermal cycle experienced in this region is equivalent to a normalizing 
heat treatment [2 2 ].

3-3-1-4. Inter-critical H A Z (IC H A Z )
The inter-critical HAZ, or partially transformed zone (as labeled in Fig. 3-5), experiences peak 

temperatures between Ac/ and AC3. Although the ferrite matrix is not completely transformed to austenite 
(temperature does not exceed ACj), the carbon-rich constituents transform to austenite on heating above the 
ACi temperature. On the cooling part o f the thermal cycle, depending on the cooling rate, the austenite may 
transform to pearlite, upper bainite, or martensite, resulting in a multiphase microstructure in this zone. 
Dislocation density reduction and precipitate coarsening are the other possible changes in the ferrite matrix 
[20 , 21].

The ICHAZ has been reported to have low fracture toughness for HSLA steels with ferrite-pearlite 
microstructures, especially with the presence o f relatively high amounts o f Si and V in solid solution, 
which increases the hardenability [23]. The eutectoid constituents transform to high carbon austenite upon 
heating. Not all the ferrite transforms to austenite, and therefore the carbon in those carbon-rich austenite 
grains cannot be shared by other grains. These grains can transform to local brittle zones (LBZ) o f 
martensite-austenite (M-A) or bainite constituents, depending on the cooling rate and the hardenability. 
This is not a concern in low-carbon steels microalloyed with Nb. Firstly, the eutectoid transformation does 
not usually take place in the TMCP o f the BM, due to both process characteristics (accelerated cooling and 
sub-cooling) and chemistry (presence o f microalloy carbides in the austenite). Secondly, even i f  there is 
little pearlite in the BM, chances are the hardenability o f the carbon-rich austenite in the ICHAZ is not high 
due to the presence o f more stable carbides o f Nb than V, and therefore upon cooling these regions 
transform to bainite more than they transform to M-A. These effects o fN b  and accelerated cooling were 
observed by Fairchild ei al. [23]. It should be noted that multi-pass welding w ill temper any martensite 
regions during subsequent thermal cycles, and therefore the ICHAZ o f ferrite-pearlite steels w ill not have 
LBZ [18].

3-3-1-5. Sub-critical H A Z  (SCHAZ)
As the peak temperature is below AC|, no considerable microstructural changes are observed, 

especially by optical microscopy, and this region is identical to the base metal. The only change, detectable 
by electron microscopy, is tempering, i.e. dislocation rearrangement and reduction. This is why this zone is 
also known as the tempered zone. Even strain aging, reported in the SCHAZ o f other steels, is not expected 
to happen in microalloyed steels due to the low concentration o f free N and C in these steels [20].

3-3-2. H A Z of Multi-pass Welds
When several weld passes are necessary to complete the welding process, the HAZ formed at each 

pass undergoes another thermal cycle by the subsequent pass. This w ill change the HAZ microstructure 
locally, depending on the relative location o f each region with regard to the fusion line o f the subsequent 
passes [19, 20, 23], Several combinations o f overlapping HAZ zones will lead to a complicated 
microstructure. Fig. 3-6 shows schematically the multi-pass effect on the HAZ in a three-pass welding 
process [5],

The tempering effect o f multi-pass welding is o f significance for low heat input welds, where low- 
temperature transformation products are formed. The CGHAZ has been reported to be eliminated in thick 
sections by a “ narrow-gap welding technique” , which uses multiple passes to normalize this region [2 1 ].

However, when examining the HAZ more carefully, one notices there are regions that are 
deteriorated because o f being subjected to the subsequent passes. Case C in Fig. 3-6, inter-critically 
reheated CGHAZ (IRCGHAZ), is one o f these regions. Reheating in y+oc two-phase region w ill lead to M- 
A formation in prior austenite grain and lath boundaries, which deteriorates the microstructure greatly. The 
M-A constituents become LBZ, very sensitive in the crack tip opening displacement (CTOD) tests [5], The 
IRCGHAZ has been considered the most crucial LBZ in a multi-pass weld HAZ o f modern TMCP steels 
[24, 25],

Multi-pass welding was reported to improve the HAZ toughness in high nitrogen, V-microalloyed 
steel (without Ti). It was found that VN precipitates, which dissolve during the first pass, reprecipitate in 
the following pass and inhibit the austenite grain growth in the subsequent passes [26].

It should be noted that even in multi-pass welding, the last pass creates a microstructure identical to 
the one by single-pass welding, as there is no subsequent welding pass, and the weakest region in the whole
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HAZ can be the one that controls the toughness. The only difference, however, is the inter-pass temperature 
that acts as a preheat for the last pass and decreases the cooling rate (Section 3-4-1).
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FIG. 3-6. Schematic illustration o f the effect o f multi-pass welding on HAZ microstructure [5],

3-4. Welding considerations
3-4-1. Preheating

Preheating is heating the parent metal before welding. Preheating to temperatures in the range 150— 
200°C may be applied to ferritic steels for two reasons [27]:

a) Decreasing the cooling rate, especially when the heat input is low, the ambient temperature is 
low, or the plate thickness is large.

b) Removing hydrogen from the weld area.
Preheating may not be as necessary in normal welding o f microalloyed steels (due to the low carbon 

equivalent) as in welding o f other steels. However, as the strength o f modern steels increases, especially 
above 700 MPa, a preheat o f around 100°C may become necessary, as the risk o f cold cracking increases 
with strength [28]. In multi-pass welding, preheating is only considered for the first pass, as the inter-pass 
temperature w ill be high enough.
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3-4-2. Post-weld heat treatment (PW H T)
PWHT is a heat treatment applied to weldments after welding. It may be applied to ferritic steels in 

the temperature range, e.g., 500-650°C, for different purposes [27, 29]:
a) Tempering the CGHAZ. The CGHAZ may have a martensitic structure with high hardness 

value, which is susceptible to HAC as the weld cools, and also to reheat or stress relief cracking. 
PWHT should be applied immediately after welding to temper this microstructure.

b) Reduction o f residual stress.
c) Removing hydrogen from the WM and HAZ, hence reducing the chance o f fabrication and in- 

service cracking.
However, there are some other microstructural changes that may happen during PWHT, such as:
a) Carbide spheroidization.
b) Carbide precipitation from enriched zones in ferrite.
c) Dislocation recovery.
These may have some opposing effects on mechanical properties. The overall effect o f these 

opposing factors can be presented in vector diagrams, like the one in Fig. 3-7. This diagram compares 
qualitatively, rather than quantitatively, the several factors that affect the toughness in a C-Mn weld metal
[14]. The actual vector size depends on the material composition and microstructure.

Therefore, PWHT is somewhat tricky. In general, it can restore the HAZ toughness and relieve the 
local brittle zones, and thereby reduce the susceptibility to hydrogen assisted cracking, by tempering the 
coarse high carbon martensite particles along the prior austenite grain boundaries. However, it is not 
recommended for some microalloyed steels, as some intergranular precipitation can take place, which 
results in reduction o f the HAZ toughness, promoting stress relief cracking [20].
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FIG. 3-7. Vector diagram of factors affecting toughness in C-Mn-Nb weld metal [14].

3-5. HAZ sample preparation
The HAZ samples used in microstructural and mechanical analyses in this study were obtained from 

weld samples prepared previously for another study [30] on the same material, i.e., Grade 100 microalloyed 
steel. A plate o f Grade 100 steel, 8  mm in thickness, was used for welding. The oxide scales were removed 
from both surfaces by milling to allow for good arc conductivity and stability, as well as to remove small 
bumps on the surface and make the surfaces very flat. Welding was performed by DCEN (direct current
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electrode negative polarity; a.k.a., straight polarity) autogenous GTAW (gas tungsten arc welding with no 
filler metal) shielded with argon gas. This provided bead-on-plate welds (as opposed to full penetration butt 
welds used mostly in industry) to be used for the HAZ examination (Fig. 3-8). Nominal heat inputs o f 0.5 
to 2.5 kJ/mm were applied by selecting an arc voltage o f 12.5 V, an arc current o f 150 A, and travel speeds 
o f 0.7 to 4.0 mm/s. The tungsten electrode rod had a diameter o f 1/8" (-3.18 mm) ending in a pointed cone 
shape with an angle o f 45°. The distance between the electrode tip and the plate was -1.75 mm in all cases.

For this study, the HAZ samples were cut out o f the welded plates and then mounted, ground, 
polished (standard metallographic procedures) and etched (2% Nital in most cases) in order to perform 
microstructural and mechanical analyses (Chapters 5 to 7). Transverse and longitudinal sections were 
made from the welded plates (Fig. 3-8a). Fig. 3-8b shows the macrostructure o f the longitudinal weld 
section (0.5 kJ/mm) revealed by etching with 2% Nital for -20 s. The various regions, i.e., BM, WM and 
HAZ, as well as the HAZ sub-regions, are visible. These sub-regions consist o f the CGHAZ, FGHAZ and 
ICHAZ. The SCHAZ, which is located between the ICHAZ and the unaffected BM, is not a visible sub- 
region.

i a R s B i S i i f f i  wm w mWelding Bead 

 Plate

CGHAZ | L

FGHAZ i
t.ilnin»ii—r M*

ICHAZ

Transverse  
(a) Section

Longitudinal
Section

FIG. 3-8. a) Schematic o f a weld section in transverse and longitudinal directions, b) Macroslructure o f 0.5 kJ/mm 
longitudinal weld section; hardness mapping indentations are also visible.

3-6. Summary
The HAZ is defined as a region o f base metal, adjacent to the weld metal, which has undergone a 

metallurgical change because o f the welding thermal cycle. The main sub-regions o f the HAZ in single
pass welds are the coarse-grained HAZ, fine-grained HAZ and inter-critical HAZ. In low carbon 
microalloyed steel, the CGHAZ receives the most attention as it experiences very high peak temperatures 
and as a result has the largest austenite grain size and the highest degree o f hardenability. As mentioned in 
the previous chapter, hydrogen assisted/induced cracking may be o f concern in a high-strength, low sulphur 
steel such as Grade 100. For this reason, preheat or PWHT may be needed for reduction o f hardness in the 
HAZ and removal o f hydrogen from the weld area.
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Chapter 4

Thermal Analysis of Welding in the HAZ

4-1. Introduction
During the weld thermal cycle, a series o f microstructural changes take place in the HAZ. In 

microalloyed steels, such as Grade 100, these changes consist o f phase transformations (reaustenitization 
and retransformation), grain growth and precipitate alteration (dissolution, coarsening and reprecipitation). 
A ll these changes depend on the actual thermal cycle experienced at a particular location. To be able to 
examine these changes, interpret them appropriately or predict them correctly, a series o f thermal history 
information is required:

1- The thermal cycle (T-t curves) at any location in the HAZ; this defines the extent o f any phase 
change or precipitate alteration by specifying the time spent above a certain temperature.

2- The peak temperature distribution across the HAZ.
3- The heating and cooling rates; the latter affects the y-a transformation and carbonitride 

reprecipitation.
This information is necessary, i f  microstructure is to be correlated with the properties. This becomes 

more significant i f  the effect o f heat input on the microstructural changes in the HAZ is to be examined for 
a given material, as the heat input is only a rough, simplified parameter specific to a welding process and 
particularly used in the welding industry, and has little scientific value when it comes to the study o f 
microstructures and/or properties. Since the values o f the above-mentioned parameters at all locations 
and/or times are difficult, i f  not impossible, to obtain experimentally, some mathematical models are 
required.

4-2. Historical Background
Perhaps, the most-widely used and the best-known analytical solutions to predict weld thermal 

history are those o f Daniel Rosenthal. Rosenthal was not necessarily a pioneer in this area as, for instance, 
“ some o f the results obtained independently by Rosenthal had been obtained earlier by Roberts, in 1923, 
who was interested in some diffusion problems and Wilson, in 1904, who considered some cases o f 
convection”  [1]. Rosenthal’s attempts on the mathematical theory o f heat distribution in welding were first 
published in 1935. He and Schmerber [2] verified the validity o f the theoretical assumptions and equations 
later in 1938 by performing experiments only for the plane state, i.e., 2D heat distribution. However, the 
main works o f Rosenthal that most researchers refer to are those from 1941 [3] and 1946 [4], in which he
analysed the heat distribution in welding and cutting for various conditions (ID , 2D and 3D) under a
“ quasi-stationary” state. His approach was based on the following simplifying assumptions:

1 - The thermal properties o f the material do not change with temperature.
2- The heat source is considered as a point on the plate surface directly below the arc.
3- Heat losses through the surfaces are neglected.
4- The plate is wide enough and long enough to be considered infinitely wide.
5- Heat created by the Joule effect in the plate is neglected.
6 - The physical state o f the plate does not change (no melting); this makes the analysis applicable only 

to the regions outside the fusion zone, i.e., the HAZ and BM.
Since the original papers were published, there have been many other rigorous approaches with more 

realistic assumptions to add to or modify Rosenthal’s work. Among these are the works o f Tanaka [5] with 
the assumption o f surface heat transfer, or that o f Kasuya and Yurioka [6 ] with the assumption o f an 
extended heat source beneath the plate surface (necessary for the case o f high heat input welding) in 
addition to taking into account surface heat transfer. Grosh and Trabant [1] added a function to the heat 
equation to account for the dependence o f thermal properties on temperature. Christensen et al. [7], without 
changing the assumptions of Rosenthal, worked on generalisation o f his equations o f temperature variations 
in a semi-infinite body (thick plates) in order to construct a “ temperature chart”  with dimensionless 
parameters, that can be used for estimation o f zone widths and depths, cooling rate and time o f residence 
between two temperatures for a wide range o f materials and variable heat input energies.

Some other examples o f refinement to Rosenthal’s equations with respect to the heat source are the
works o f Nunes [8 ], Dikshit and Atteridge [9], Eagar and Tsai [10], Ashby and Easterling [11], and Shah et
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al. [12]. Nunes replaced the point source by a multi-pole distribution. Dikshit and Atteridge split the heat 
source into different numbers o f equal parts at fixed locations on the workpiece and then calculated an 
effective heat input by summing the heat input o f each part, which was a function o f location. Eagar and 
Tsai assumed a Gaussian heat distribution. Ashby and Easterling considered a disk o f finite radius for the 
heat source. Shah et al. replaced the real source by an apparent diffuse Gaussian source above the surface. 
These refinements allow for having finite temperatures at the surface and, therefore, more accurate 
temperatures at the fusion line and the weld pool.

In addition to the above mentioned analyses which are based on instantaneous temperature 
distribution around a heat source, some researchers have tried to directly calculate parameters, such as peak 
temperature and cooling rate, by deriving a relationship between geometric parameters and the 
thermal/welding parameters. For instance, Adams analyzed a geometric characteristic o f peak temperature 
isotherm locus [13], Rykaline and Beketov [14] calculated the thermal cycles in high temperature regions 
o f the HAZ by equating the calculated and experimentally determined outlines o f the molten pool (i.e., 
solidus isotherm) and introducing certain auxiliary heat sources/sinks into the calculation, which allow for 
evolution and absorption o f latent heat o f melting at the solid-liquid boundary.

In addition to all these analytical solutions, numerical approaches have also been adopted in order to 
replace the rather simplified assumptions with more realistic ones. For instance, Kuo [15] used a finite 
difference method to predict temperature distributions in thin plates, which resulted in more accurate 
estimations in regions o f very high temperature, such as the weld pool and liquid-solid boundary. Goldak et 
al. [16] used a non-linear transient finite element method to compute temperature distribution from a non- 
axisymmetric 3D heat source. Unfortunately, all these modifications or replacements are rather complicated 
and in most cases not necessary for most applications concerning the temperature distribution and variation 
in the HAZ. It is worthy to mention that one o f the findings o f most o f these investigations (e.g., [6 ]) was 
that cooling rate (or cooling time) in the HAZ did not depend on the location o f the point heat source and, 
therefore, could be found from Rosenthal’s solution.

Ashby and Easterling [17] simplified the two limiting solutions derived by Rosenthal to obtain 
temperature/time profiles in the HAZ. One set o f solutions was derived for thick plates (assuming 3D heat 
flow) and the other for thin plates (assuming 2D heat flow). There was also an equation to determine a 
critical thickness for a given heat input (or a critical heat input for a given plate thickness, i f  used in 
reverse) at which the 2D condition changes to 3D [18], However, this criterion may be too simplistic. Real 
welds are more likely to lie between the two limiting solutions; a situation classified by some researchers as 
2.5D [19], for which there is no simple solution [3], The question then is where a particular case lies with 
respect to the 2D and 3D conditions.

4-3. Theoretical approach
4-3-1. Heat source energy

The energy o f the heat source in most fusion welding processes comes from the arc that forms 
between the tip o f an electrode and the workpiece (plate). In most early analyses, the heat source was 
assumed to be extremely small (having no volume) and infinitely intense. In reality, however, the source 
has a finite dimension and therefore a finite intensity. There are not many investigations based on the 
intensity o f the heat source, while this is the most important factor that, i f  sufficient, causes melting and is 
different from process to process and when the welding parameters vary [20]. The power density 
distribution is often approximated to be Gausian:

O' = — j  exp ( - ^ - )  (4-1)
jza a

Q ' is the power density, q is the power transferred to the workpiece, a is the effective radius o f the 
heat source and r is the radial distance from the centreline o f the heat source. The advantages o f increasing 
the power density o f the heat source are: deeper penetration, higher welding speeds, and better weld quality 
with less damage to the workpiece [2 0 ].

4-3-2. Heat input
Heat input, q/v, is defined in electric arc processes as:

q /v  = ~~~L  (4-2)
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E is the arc voltage, /  is the arc current, 7  is the thermal efficiency and v is the travel speed o f the 
electrode over the workpiece. Thermal efficiency, which is in fact the ratio between the actual heat input to 
the work piece and the energy output o f the welding machine, is lower than I, because some part o f the arc 
energy is dissipated to the surroundings by radiation, convection or conduction and is therefore lost. In this 
thesis, the term actual heat input (a.k.a. effective heat input or net heat input) refers to q/v with 7  < 1 , and 
the term nominal heat input refers to q/v with 7  = 1 .

Hess et al. [21] introduced an “ input factor”  to account for derivation from a point heat source. They 
noticed that the presence o f the molten metal pool constitutes a delayed heat input after the passing o f the 
electrode, and has an effect o f increasing the actual heat input. This is an interesting point that may cancel 
out some o f the other factors that act to reduce the actual heat input. These include the voltage drop due to 
losses in the components o f the welding configuration, making the actual arc voltage less than the power 
source voltage [2 2 ], or latent heat effects that temporarily cause some o f the heat to be removed and stored 
in the weld pool. Different forms o f correction o f the heat input, to account for the effect o f latent heat, 
have been proposed by Ashby and Easterling [11] and Shah et al. [12], However, as shown in Section 4-5- 
2 , the time for solidification is very short and so it does not seem necessary to account for the latent heat in 
the calculation o f effective heat input, as the heat should be returned to the sample upon solidification, 
before the thermal cycle wave reaches the HAZ. Therefore this should not by any means affect calculation 
o f peak temperature profiles and cooling time from 800 to 500°C.

In processes with higher heat densities, lower heat inputs to the workpiece are required. For instance, 
heat inputs required in high-energy beam welding are usually very low. The typical values o f heat input for 
different processes are shown in Table 4-1. Reducing the heat input is o f potential interest to many 
industries such as the aerospace and electronics industries [23], where microwelding applications are 
widespread, or structural and pipeline industries [24], where productivity and mechanical properties are 
important. The advantages o f application o f low heat input are: a) reduction in melting volume and HAZ 
volume, which in turn will result in reduction in the distortion and the volume o f degraded mechanical 
properties; and b) increase in welding speed, which w ill result in an increase in productivity. However, the 
drawback is an increase in the risk o f producing martensite and local brittle zones. This, however, can be 
controlled by a suitable weld-bead overlap technique [25],

Heat input as defined by Equation 4-2, and used widely in industry, expresses the amount o f thermal 
energy per unit length o f the weld run deposited on the workpiece. As seen in Section 4-3, plate thickness 
has a significant effect on the thermal cycle characteristics too; something that should be remembered when 
considering “ typical values o f heat input”  (Table 4-1). Therefore, it may be necessary to define another 
parameter that includes both heat input and the plate thickness. One example is a parameter that defines the 
“ heat input per unit length o f the weld per unit thickness o f the workpiece” , expressed in kJ/mm/mm” [20]. 
To reach the best definition, some experiments on the effect o f plate thickness on parameters such as 
cooling rate are required, which are beyond the scope o f this study.

Table 4-1. Typical values of nominal heat input for different processes [18]

Welding Process Approximate heat-input range 
(kJ/mm or MJ/m)

Electroslag 5-50
Submerged arc 1-10
Gas-metal arc 0.5-3.0

Manual metal arc 0.5-3.0
Gas-tungsten arc 0.3-1.5

Electron beam 0.1-0.6
Laser beam 0.1-0.6

4-3-3. Thermal efficiency
Thermal efficiency, a.k.a. arc efficiency, depends on many factors such as the weld process, welding 

equipment and setup, travel speed, the material to be welded (anode work function), arc voltage and 
current. Voltage and anode material have the greatest effect after polarity [26], Thermal efficiency, very 
much like thermal parameters o f materials (such as thermal conductivity), is not easy to determine, not well
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understood and has been subjected to manipulation to obtain the best correlation between the mathematical 
formulations and experimental data. The most accurate way to determine thermal efficiency is through 
calorimetric tests [20], In GTAW, thermal efficiency is highest for DCEN and increases as the travel speed 
increases. Fuerschbach and Knorovsky [23] reported arc efficiencies o f around 0.7-0.8  for GTAW-DCEN 
after conducting calorimetric tests on two types o f steels and a Ni-based alloy. Arc efficiency reached a 
plateau o f 0.8 as the travel speed increased. Values within the same range were also confirmed by Kou [20] 
and used by others (e.g., [12]). Although much lower values for the thermal efficiency in GTAW were 
reported in the literature elsewhere (e.g., [7], [3] and [18]), a value o f 77 = 0.75 obtained through more 
recent calorimetric experiments, is deemed more reasonable for the setup and welding characteristics used 
here, which is in agreement with the value reported in the ASM Handbook [26].

There is also another way to determine the efficiency, and that is through an equation, derived by 
Rosenthal (Equation 4-36 in Section 4-5-3), that estimates the saturation or equilibrium temperature after 
the welding on a plate o f finite width. As one o f the assumptions in deriving Equation 4-36 was the absence 
o f heat loss to the atmosphere, the test should be carried out in vacuum and the workpiece should be 
thermally isolated from all fixtures [27], However, there are some other assumptions in deriving the 
equation (see Rosenthal’s assumptions in Section 4-2) that are not very realistic. Unless a correction is 
applied to the equation, the values o f the thermal efficiency estimated may be somewhat (similar to the 
estimation o f the cooling time and peak temperature) questionable.

4-3-4. Rosenthal’s equations for 2D and 3D conditions
The differential equation for heat flow in welding can be expresses as follows:

d2T d2T d2T pc 8T
—  + —  + —  = — ■■—  (4‘ 3>dx2 dy dz k dt

The two limiting solutions to the Rosenthal equations o f a moving point heat source for regions 
outside the fusion zone are laid out below. The solutions give the temperature variation during cooling as a 
function o f time for a given location, the peak temperature, 7>, as a function o f distance from the heat 
source, and the weld time constant, (cooling time from 800 to 500°C), which is a criterion for cooling 
rate.

Thick plates (3D): 

q /v  1 2
T - T 0 = - — exp(-------) (4-4)

InXt  4 at 
q / v

1

0,

\7 teJ

q /v  

2 7tX0,

p er2
(4-5)

A/s_5 = ^ —  (4-6)

v 5 0 0 -7 ; 800 - T nJ
(4-7)

Combining Equations 4-4 to 4-7 together, gives the temperature variation as a function o f cooling 
time, peak temperature and initial temperature:

0 At -6AX.
T - T n = ^ —  exp[ !------- ] (4-8)

t et(Tp - T 0)
Thin plates (2D):

T - T „ =  q/V  |/2 exp(- — ) (4-9)
d(AnXpct) Aat
/  ^  \ I / 2  /'  2 ) q / v

T - T  =
V  ' 0

\7 teJ  d  pc2r
(4-10)
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AnXpcd 02

0.,  ̂(500 -  77, ) 2 (800 -  Tu) 2

Combining Equations 4-9 to 4-12 together gives:

(4-12)

0.At .. -Q A i
T - T 0 = ( - * - ) ' "  exp[ 2 r ] (4-13)

t 2et{T„-T0)2
The parameters in the above equations are defined and their values are reported in Table 4-2. The 

thermal property values do not differ among most o f the low alloy steels (e.g., [2 1 ]), making it possible to 
apply this information to all ordinary plain carbon and low alloy steels. Note that the unique characteristic 
o f the cooling rate is that it is independent o f the distance from the heat source in the HAZ. This 
characteristic has also been confirmed by numerical analysis (e.g., [28]) as well as experiments. Hess et al.
[21] reported only a slight increase in the cooling rate in the HAZ at points closer to the fusion line and 
confirmed the validity o f the assumption that cooling rate is only dependent on heat input, plate 
geometry/thickness, and plate initial temperature (i.e., preheating). This assumption is widely accepted now 
(e.g., [12, 18,29]).

Table 4-2. Definition, units, and values (for carbon steel) o f parameters used in Equations 4-3 to 4-13 [17]

Symbol Definition and unit Value
T Temperature ("C) -

TP Peak temperature (°C) -

t Time (s) -

Cooling time from 800" to 500°C (s) -

r Radial/lateral distance from heat source (m) -

To Initial Temperature (”C) 25
X Thermal conductivity' (J/sm'C) 41
a Thermal diffusivily (m2/s) 9.1 x 10'6

pc Specific heat per unit volume (J/m3'C) 4.5 x lO 6
d Plate thickness (m) 8 x 10°
<7 Arc power (J/s) -

V Travel speed (m/s) -

q/v Heat input (J/m) -

4-3-5. Method of weighting for intermediate-size plates5
When using the Rosenthal equations, the question o f whether to use thin- or thick-plate solutions 

arises. Equation 4-14 calculates a critical plate thickness, dc, over which the crossover between the 2D and 
3D conditions o f heat flow takes place [18],

f  \ \ ~]
■ + -----------  (4-14)d.. =

q /v

2  pc 500 -  T„ 800 -  T„J J
This equation can be used in reverse to find a critical heat input for a fixed plate thickness. 

Assuming a critical value for heat input, such that 3D conditions hold for values o f heat input below the 
critical one and 2D conditions for values above, is too simplistic. The real situation is expected to fall 
somewhere between the two for a plate o f finite thickness. Another criterion, presented by Adams [13], 
which states the equations that predict the highest peak temperature or the lowest cooling rate are more 
close to the real situation, is not reasonable either. Moreover, the criterion stated by Myers et al. [19], that 
the larger the dimensionless parameter G = pcvd/2X the closer the condition is to 3D, would not help in 
deciding which equation to use or which solution would be valid for situations between the extremes. The

5 A version o f this section has been accepted for publication. K. Poorhaydari, B.M. Patchett and D.G. Ivey. 2005.
Welding Journal (October issue), American Welding Society.
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same problem exists with the criterion o f “ relative plate thickness” , which suggests that the thick-plate 
condition prevails i f  a dimensionless parameter, r, is greater than 0.75, and a thin-plate condition applies i f  
it is less than 0.75 [30]. The parameter x is calculated with the following equation.

j PC (Tc - T a) 
q / v

(4-15)

Tc is a critical temperature, usually assumed to be 550°C for most steels.
A more reasonable, yet simple, method to answer this question is presented here. The actual values 

of parameters (as opposed to the lower-bound or upper-bound values), such as cooling rate and peak 
temperature profile, are estimated for a given weld section. This can be very useful as experimental 
measurement o f weld thermal cycles, for example by embedding thermocouples in the HAZ, is not trivial, 
and in some cases is impractical or unsatisfactory considering the small size o f the HAZ. In addition the 
weld process and configurations sometimes do not allow implementing the instrumentation for recording 
the thermal cycle. The approach, explained in this section, is based on deriving a parameter (i.e., HAZ 
width) that can be measured post-mortem on a sample, and used to calculate a weighting factor to apply to 
the thick- and thin-plate values o f the parameters o f interest. Although this approach is developed for 
transformable steels in this chapter, it can be expanded to other materials, so long as the HAZ has visible 
boundaries in the etched macro section and the peak temperatures for the boundaries are known.

It is well known that the visible HAZ boundaries in transformable steels correspond to the Ts 
(solidus temperature or peritectic temperature) on the side adjacent to the weld zone and to the Act (the 
lower critical temperature upon heating), or simply A, [18], on the side adjacent to the unaffected base 
metal. Therefore, the HAZ width, W, can be simply formulated as:
W = - r.,. (4-16)

rA1 and rTs are the distances o f the HAZ/BM and HAZ/WM boundaries, respectively, from the heat 
source. Finding the corresponding values o f rAi and rrs from Equations 4-5 and 4-10 and substituting them 
into Equation 4-16 w ill yield the HAZ width for thick- and thin-plate assumptions, respectively:

Ww a le  =  Cr ( q / v y

C ,=
2

1
2 1 1

nepc
. ( • l - r . F  ( r , - r Q) l_

w„Jhin-plate, =  Cr { q ! v )

C =
"  2  '

1
2

_ne _

( T s - A )

(4-17)

(4-18)

(4-19)

(4-20)
[ 2 d p c { T s - T a) { A ] - T 0) \

Based on the assumption that the actual situation lies between the two limiting solutions, the actual 
HAZ width can be related to the above values (Equations 3-17 and 3-19) as:
W, =  Wr r .... +  Fw . (Wn - W• ’ 77. (4-21)

A \-A c tu a l A \- lh ic k -p la te

Actual "  Thick-plate ' x W V "  Thin-plate ' '  Ih ick-p late  ^

Fw, varying between 0 and 1, is the weighting factor that determines the deviation from the thick- 
plate solution with respect to the thin-plate solution. It can be shown that Equation 4-21 can be easily 
derived, i f  the same kind o f relationship for estimation o f rA! and rTx was considered initially (i.e., the 
following equations), and then substituted into Equation 4-16.

F  • 0 A \- lliin -p !tU e  ^ A \- lh ic k -p h u A  ' )

+  F  . ( "  1 Ts-Viick-plalA (4-2j )

Rearranging Equation 4-21 gives the value o f Fw for any given weld sample:

Fw =  /  (Wmn_ph„e - Wmck_pkJ  (4-24)

It is proposed that the thermal parameters o f importance can be estimated by weighting the thick- 
and thin-plate solutions, using the weighting factor Fw:

^ Tx- Actual ^ Ts- Jhick-plati

^  ̂ Actual ^  ̂  I liic k  - plate + Fw (A  I,Ih in-p la te - At.,Ih ick-p la tt, ) (4-25)
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^/’ .Actual ^P Jhick - plait! Of ’  ̂̂ i‘ Jhiit-plaic ^I’ Jltick-plalc ) (4-26)
Equation 4-25 is similar to one proposed by Hess et al. [21], They proposed that a “ correction

factor” , which would represent “ the degree o f infiniteness” , should be calculated by determining the
instantaneous cooling rate at a particular time from an experimentally obtained thermal cycle. This value 
would then be compared with the corresponding values obtained from Rosenthal’s equations for thick- and 
thin-plate conditions through Equation 4-25. This correction factor would then be used to obtain corrected 
values o f the cooling rate at other times (or temperatures). The approach adopted here, and shown to be 
reliable in the next section, demonstrates that this factor can be obtained from the measurement o f the HAZ 
width independently and, therefore, the instrumented welding test can be eliminated. The need to apply a 
correction factor to the cooling time equations was also addressed, rather poorly, by Shah et al. [12], who 
added a correction factor coefficient, called “ notch factor” , to Equation 4-11 (thin-plate solution), to 
account for the effects o f joint geometry, not considered by the Rosenthal equations. However, there was 
no attempt to find a way to systematically determine the factor.

Another point is that, as mentioned earlier, the location o f the heat source does not affect the cooling 
rate, but shifts the peak temperature profile relative to the plate geometry. In reality, the heat source may 
not coincide to the top surface o f the plate. Going back to the fundamental assumption that the location and 
peak temperatures o f the HAZ boundaries are known, the exact peak temperature profile can be plotted 
with respect to the distance from the top surface o f the plate, which is a tangible reference point. A 
calculated profile (either based on thick-plate/thin-plate assumptions or weighted as proposed by Equation 
4-26) w ill be shifted and fitted into the known locations designated by the Ts temperature and the A j
temperature. Equation 4-27 formulates this mathematically.

>i = % ~  On ~ O  -  S Tp (4-27)

(T  -  T  )
S r = (Wr -  WM) .  (4-28)

,p K c M (Ts - A t)
The symbol * on r values in Equation 4-27 designates the distance o f a given point in the plate

(specified by a peak temperature) from the top surface. Otherwise, r designates the distance with reference
to the heat source. Therefore, rT/, values are a series o f points for which TP is calculated from Equation 4- 
26, rTs is one o f these points where 7). = Ts, and r Tx is measured from the weld section. Wc and WM are the 
calculated and measured values o f the HAZ width, respectively. The first terms in Equation 4-27 shift the 
entire profile so that the Ts temperature fits on the location o f the fusion line. The term STp in Equation 4-27 
(and calculated from Equation 4-28) represents an additional adjustment needed to fit the other points on 
the profile. This adjustment is proportional to the temperature difference in TP from the reference point 
used here for the initial shifting (i.e., Ts). Note that this adjustment is also proportional to the difference 
between the calculated and measured values o f the HAZ width, which is considerable when the calculations 
are based on thick- or thin-plate assumptions. For the case where calculation o f peak temperature is based 
on weighted values (i.e., Equation 4-26), the adjustment is minimal (even null theoretically as the 
calculated width should represent the actual width in the first place, but minimal due to accumulated errors 
from rounding throughout the calculations).
Note the following equations can be used to find the critical temperatures A / and Tm (melting point; an 
upper-bound value for 7)), in case this information is not readily available. The alloying additions are in 
wt% and the temperatures are calculated in K [31].
At = 996 - 30 N i - 25 M n - 5 Co + 25 Si + 30 A l + 25 M o + 50  V (4-29)

T  = 1810 - 90 C (4-30)

4-3-6. General form of cooling time equation
As mentioned earlier, there is no solution in simple form for the case o f a plate with finite thickness 

(i.e., 2.5D condition). However, looking at the solution form for 2D and 3D equations, a general form 
might be derived for cooling time:

Approach

{ q l v fAt , =  —— — . F  (4-31)t m I
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The values o f n, m, and F, (p, c, X, T0) are shown for 2D and 3D conditions in Table 4-3. It can be 
concluded that for an actual welding process, \<n<2 and 0<m<2. The challenge is to derive a general form 
for F, that converges to the value for 2D, when d is small relative to q/v, and to the value for 3D, when d is 
infinitely large relative to q/v.

Approach 2:

A ' 8-5 = A's-5.7;« ■ Fd (4-32)
Fd is the dimensionality factor, equal to unity for the 3D condition and a function o f (q/v, p, c, X, d, 

T„) for the 2D condition.

q ! vFd =  —   (4-33)
2 pcd 0,

1 10, =  --------------  + --------------  (4-34)
(500-r 0) (800- T0)

Apparently, Easterling used Frj = 1 as the criterion for transition from 3D to 2D conditions, which 
yields Equation 4-14. However, as w ill be shown later, a sudden transition from 3D to 2D does not happen 
in real welds. Therefore, there is a need to find a general form for FD that converges to unity, when d  is 
very small relative to q/v, and to the value o f Equation 4-33, when d  is infinitely large relative to q/v. The 
other task would be defining a parameter, such as q/v/d2, to determine the dimensionality condition and 
limits for cases o f 2D and 3D.

Table 4-3. Values of n, m and F, in Equation 4-31

Condition n m F,

Thick-plate 1 0
1

2nXdx

Thin-plate 2 2
1

AnXpcd,

4-4. Experimental procedure
A plate o f Grade 100 microalloyed steel, 8  mm in thickness, was cut into pieces with approximate 

dimensions o f 285 mm by 165 mm, to be used for instrumented welding. The oxide scales were removed 
from both surfaces by milling to allow for good arc conductivity and stability, as well as to remove small 
bumps on the surface and make them very flat. Holes were drilled about 2 inches (50.8 mm) apart on the 
bottom side o f the plates along the central line with variable depths. Four thermocouples (three o f type K 
and one o f type S) were used for each experiment. The type S thermocouple was used for the hole close to 
the fusion line that experienced the highest temperatures. Thermocouple wires, 0.010" (0.254 mm) in 
diameter were passed through a ceramic insulator (1/8" or 1/16" OD) and spot-welded at one end to make 
the junction. The thermocouples were secured to the plate with springs as shown in Fig. 4-1, which 
provided gentle pressure on the back o f the ceramic insulator to maintain contact between the thermocouple 
junction and the plate throughout welding. The remaining lengths o f the wires were covered with duct tape 
for insulation. At the other end, the wires were connected to a terminal board through appropriate extension 
wires. An 8 -channel data acquisition card and a program written in LabView 5.0 (with maximum sampling 
rate o f 40 points per second) were used to collect the data. Fig. 4-2 shows the electrical configuration used 
for welding. The electrical continuity from plate to the thermocouples was tested before and after the 
welding with a voltmeter to ensure proper contact.

To check the performance o f the computer program under high heating rates and the response time 
of the thermocouple, a thermocouple similar to those used in the welding process was plunged in liquid 
brass (brass rods melted in a steel crucible) and then quenched in water. Fig. 4-3 shows the response o f the
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thermocouple. It shows high heating rates o f ~4000°C/s (temperature range 100-900 °C), a 7> =1060°C 
(expected from the liquid brass), and a cooling rate o f ~2000°C/s (temperature range 900-100°C).

FIG. 4-1. a) Thermocouple/plate attachment on the bottom o f the plate (the picture is taken after the welding); b) The
GTA welding setup.

Welding Power Supply

Electrode

80 v
, Thermocouple

Computer Chassis Isolation
Transformer

Terminal
Board Data A cqu is ition  Card 115 VAC 

Input
ACMother

Board AC

80 v

Bv: Les Dean

FIG. 4-2. The electrical configuration for data acquisition during welding.
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FIG. 4-3. Plunging test for a bare thermocouple junction.

Welding was performed according to the procedure explained in Section 3.5. After welding, the 
plates were precision-cut transversely from the centre o f the thermocouple holes and then mounted, ground, 
polished and etched, in order to determine the location o f the hot junction with respect to the fusion line 
and the HAZ width to the best o f practical accuracy. Steep gradients in the peak temperature and the finite 
size o f the junctions can produce considerable error in determining the location o f the junction. Fig. 4-4 
shows a cross-section for one o f the samples.

FIG. 4-4. Transverse section of a 0.5 kJ/mm weld sample showing the location of a thermocouple tip in the HAZ. The 
red background area is Bakelite used for metallographic mounting. The other regions are base metal (BM) and weld

metal (WM).

4-5. Results and discussion
Actual thermal cycles, obtained experimentally, are shown in Fig. 4-5 for three nominal heat inputs 

o f 0.5, 1.5 and 2.5 kJ/mm. The curves were analysed to obtain cooling times and peak temperature profiles, 
as described below. The thermal cycle peaks at some locations were lower than expected. This w ill be 
discussed later.

4-5-1. Weighting factors
Fig. 4-6 compares the values o f the HAZ widths measured from several weld samples (nominal heat 

inputs 0.5-2.5 kJ/mm) with the theoretical thick- and thin-plate solutions found from Equations 4-17 and 4- 
19. The calculated weighting factors for the three main weld samples, for which instrumented welding was 
performed, are reported in Table 4-4.
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FIG. 4-5. Actual thermal cycles at four locations along the weld run with various depths for three nominal heat input 
weld samples: a) 0.5 kJ/mm; b) 1.5 kJ/mm; c) 2.5 kJ/mm.
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FIG. 4-6. Variation o f HAZ width with heat input. The experimental values lie between the upper- and lower-bound 
lines (thin- and thick-plate solutions) predicted from the Rosenthal’s theory.

Table 4-4- HAZ widths and weighting factors for three weld samples

Nominal heat 
input, kJ/mm

HAZ width, mm Weighting factor, 
Fw 

(Eq. 4-24)
Thick-plate 
(Eq. 4-17)

Thin-plate 
(Eq. 4-19) Measured

0.5 1.76 2.05 1.86 0.34

1.5 3.05 6.16 4.80 0.56

2.5 3.93 10.27 7.40 a 0.55

a) An estimated value based on the extension of the HAZ boundary curves, as the HAZ/BM boundary intersects the
bottom o f the plate for the heat input o f 2.5 kJ/mm.

A value o f Aet = 695°C was used here, which was obtained from the CCT diagram for the specific 
Grade 100 microalloyed steel [32]. This value is somewhat higher than the equilibrium value o f Aj = 684°C 
obtained from Equation 4-29. As Equation 4-30 calculates Tm rather than the solidus temperature, a value o f 
Ts = 1500°C was used here, which is slightly lower than the Tm = 1530°C obtained from Equation 4-30. 
This value also lies between the peritectic temperatures for the Fe-C and Fe-Mn binary systems (i.e., 1493 
and 1504°C, respectively [33]). A value o f 77= 0.75 was used in Equation 4-2 to obtain the actual values o f 
heat input.

The finding that the experimental values for lower heat-input samples are closer to the thick-plate 
solution in Fig. 4-6 is reasonable as the HAZ sizes for these samples are relatively small with respect to the 
thickness o f the plate. Using Equation 4-14 in reverse gives a critical heat input o f 0.17 kJ/mm, 
corresponding to a nominal heat input o f 0.23 kJ/mm assuming rj = 0.75, for a fixed plate thickness o f 8 

mm. However, as can be seen, assuming heat transfer behaviour is 2D above the critical value is not 
reasonable, as none o f the actual data lie on the thin-plate solution line. For 2D situation to prevail, the 
weld metal zone should span over the whole width o f a thin plate, so that the heat transfer occurs only 
within the plane o f the plate, which is not the case even for the highest heat input used here.
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4-5-2. Cooling time / cooling rate
The most common parameter for evaluation o f cooling rate is the time o f cooling from 800 to 500°C, 

which relates to the transformation o f austenite to ferrite and also covers the temperature range where the 
nose o f CCT diagrams is located for most types o f steels. Nevertheless, other temperature ranges were also 
suggested for certain applications. For instance, cooling time from 400 to 150°C was considered to be a 
controlling factor in diffusion o f hydrogen in steel, when cold cracking o f the welds was o f concern [16]. 
The cooling time between 1200 and 800°C is considered important in welding o f duplex stainless steels, as 
it influences the ferrite/austenite phase balance and the possibility o f formation o f o phase in the HAZ [22]. 
As transformation of austenite upon cooling is the most important matter in this study, the cooling time 
from 800 to 500°C was chosen as the controlling factor, which was also found to be used in most o f the 
literature. Table 4-5 compares the values o f cooling time and cooling rate predicted, for nominal heat inputs 
o f 0.5, 1.5 and 2.5 kJ/mm, with those experimentally obtained. Note, that mean cooling rate for the 
temperature range 800 to 500°C is calculated in °C/s from a simple equation:

300
8-5 =  -----  (4-35)

Al
8 -5

Table 4-5. Heating rate, cooling time and cooling rate for three weld samples

Nominal 
heal input, 

kJ/mm

Heating
rate,
'C/s

Cooling time (At8.5), s Mean cooling rate. ’C/s 
(Eq. 4-35)

Thick-plate 
(Eq. 4-6)

Thin-plate 
(Eq. 4-11)

Estimated 
(Eq. 4-25) Measured Estimated Measured

0.5 1537 ±857 1.2 2.6 1.7 1.8 ± 0.1 178.8 171.0 ±6.2

1.5 248 ±151 3.6 23.6 14.8 17.2 ± 1.5 20.2 16.8 ± 1.2

2.5 70 ±20 5.9 65.6 38.6 37.7 ± 10.1 7.8 8.0 ±2.9

The experimental values reported in Table 4-5 are the averages among the thermocouple readings, as 
long as the peak temperature is above 800°C. The theoretical range of cooling time for a 0.5 kJ/mm weld 
sample was found to be between 1.2 and 2.6 s. This translates to mean cooling rates approximately between 
110 and 250°C/s. The range o f mean cooling rates for the other weld samples was found to be 
approximately 13—85°C/s for a heat input o f 1.5 kJ/mm and 5-50°C/s for a heat input o f 2.5 kJ/mm. The 
wide range o f cooling values suggests a great deal o f uncertainty. Having more specific numbers, using the 
technique proposed here and confirmed by experiments, is essential for correlating microstructural changes 
or for any simulations. The method introduced in this chapter can be applied to weld sections with 
complicated geometries, as it basically assesses the actual behaviour o f the section without speculation. 
Even some uncertainty about the material thermal properties and/or welding parameters may become less 
important for the proposed method. The proposed method compares theoretical solutions with and fits them 
to the actual behaviour o f the welded section, whose behaviour is based on effective values o f the 
parameters, probably unknown to the investigator.

4-5-3. Increase in plate temperature or heat accumulation effects
The standard deviation o f measured cooling time values increased relative to the average value as 

the heat input increased due to heat accumulation in the plate during welding. Heat accumulation increased 
the effective initial temperature in the plate as welding continued, and this caused an increase in the cooling 
time and an increase in the weld HAZ width (Fig. 4-7). For instance, the first thermocouple for the 2.5 
kJ/mm weld recorded a cooling time o f 23.5 s, while the next three thermocouples recorded cooling times 
o f 38.0, 42.6, and 46.8 s in sequence. The rise in temperature in a plate o f finite width can be calculated 
from the equation below [3]: 

a tv
Tf - To = - b -  (4-36)w d pc
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w is the width o f the plate (perpendicular to the welding path) and 7} is the uniform equilibrium 
temperature o f the plate after welding is stopped. Substituting the corresponding values for a nominal weld 
heat input o f 2.5 kJ/mm for a plate with w=165 mm in Equation 4-36 gives a temperature rise o f -337 °C. 
This w ill result in -6 -16  times increase in the cooling time as calculated by Equations 4-6 and 4-11 , i f  one 
assumes that the entire temperature rise occurs prior to the drop o f temperature ffom 800 to 500°C. 
However, this is not the case and only a fraction o f the temperature rise calculated above w ill occur 
immediately at the time o f temperature recording. In addition, the model does not consider any heat loss 
(radiation, convection, or conduction), which is also not correct. These two factors can explain why an 
increase o f only two times in the measured values o f cooling time was observed. By calculating the initial 
temperature needed for such an increase, and averaging the values obtained from thick- and thin-plate 
solutions, a temperature rise o f 130-160°C can be estimated to occur at the time temperature measurements 
for thermocouples 2, 3 and 4. This is more reasonable when considering that the uniform temperature, 
reached by the plate at the locations o f the four thermocouples after welding was finished, was only around 
200°C (Fig. 4-5c).

The heating-up phenomenon would not be a major factor for the lower heat inputs (Fig. 4-7), as the 
travel speed would be high enough to prevent too much o f a temperature rise during welding. Using a 
larger plate would also result in a smaller standard deviation. Nevertheless, the range between the 
experimental readings is still much smaller than the range between the thick- and thin-plate values.

FIG. 4-7. As-welded plates for two values of heat input: 0.5 kJ/mm (left) and 2.5 kJ/mm (right). Note the increase in 
the HAZ width in the higher heat input weld as the welding process proceeded.

4-5-4. Instantaneous cooling rate
Instantaneous cooling rate at a certain temperature during the cooling cycle can be calculated by 

differentiating Equations 4-4 and 4-9. The corresponding values for thick [3] and thin plates [13] are, 
respectively:

—  =  -  —  ( T - T 0)2 (4-37) 
dt q / v
*srr  j
—  = - 2 ------ ) \ T  -  T0)3 (4-38)
dt q / v

The theoretical values for thick and thin plates, as well as the measured values o f cooling rate at a 
critical temperature o f 550°C are calculated and shown in Table 4-6. These values can be compared with 
cooling rates on the CCT diagram for Grade 100 steel, to evaluate the effect o f prior austenite grain size 
(PAGS) and dissolution o f carbonitrides on the hardenability, which distinguishes CGHAZ from FGHAZ.
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4-5-5. Solidification cooling time
The cooling time for solidification can be assessed by Equation 4-39 that calculates the solidification 

time in seconds [30]:
L q / v

S, = -----------------------   (4-39)
2nXpc(Tm - T 0)

L is the heat o f fusion (2 J/mm3 for carbon steels). This equation estimates cooling times o f 0.3, 0.9 and 1.5 
s for nominal heat input values o f 0.5, 1.5 and 2.5 kJ/mm, respectively.

4-5-6. Transformation heat release
The cooling rate drop, as the temperature drops, shows an additional decrease at the temperature o f 

transformation o f austenite. This, usually observed as a small bump in the cooling portion o f the thermal 
cycle, is shown in Fig. 4-5 with arrows. This drop is due to release o f heat o f transformation [21]. 
Examination o f the thermal cycles obtained in the CGHAZ (some of which are not shown here) reveals the 
variation in the temperature o f transformation during cooling in different samples (Table 4-6). The fact that 
this temperature is much below A ; is due to presence o f large prior austenite grains that increase the 
hardenability and suppress the transformation temperature. Increase in the transformation temperature with 
an increase o f heat input is due to a decrease in cooling rate, which as shown in the next chapters w ill result 
in formation o f different transformation products such as martensite, bainite and Widmastatten ferrite, or a 
mixture o f them.

Table 4-6. Austenite transformation temperature during cooling in the CGHAZ

Nominal heat input 
(kJ/mm)

HAZ width 
(mm)

Transformation 
temperature (*C)

Cooling rate at 550°C, °C/s

Thick plate Thin plate Measured

0.5 1.9 400-430 189.3 76.3 111.7±7.2

1.5 4.7 470-480 63.1 8.5 10.9±1.2

2.5 7.4 500-510 37.9 3.1 6 .1±2 .2

4-5-7. Effect of radial position
One important practical point in examining the weld HAZ, or in selecting the welding parameters to 

reach a certain cooling rate in the joint, is that cooling rate is not the same in all radial directions on a 
transverse section. It has been observed experimentally in very early measurements [21], that on plates o f 
intermediate thickness (2.5 D heat flow condition) the cooling rate is higher at the top o f the plate adjacent 
to the either side o f the bead than at the bottom (directly under the deposited metal) and the HAZ width is 
smaller. This is due to the difference in the availability o f quenching material in different radial directions. 
It is interesting to add, that the proposed method o f correction based on HAZ width presented in Section 4-
3-4, is capable o f determining the actual cooling rate along the direction o f interest, by measuring the HAZ 
width along that direction.

4-5-8. Effect of heat input
The effect o f heat input on the cooling time is better demonstrated in Fig. 4-8, where the values 

predicted by thick- and thin-plate solutions are compared. The estimated values for five samples with 
nominal heat input values 0.5-2.5 kJ/mm, as well as the measured values for three o f these samples, are 
included too. Equation 4-31 shows that At is a function o f (q/v)", where 1 <n<2.

4-5-9. Effect of plate thickness
As was expected from Equation 4-11, the increase in the heat input resulted in an increase in the 

cooling time (Fig. 4-9). The effect o f plate thickness was not studied here, but it can be expected that an 
increase in the thickness would act in almost the same way as a decrease in the heat input. This is due to 
availability o f more quenching material as the thickness increases. It should be noted that all these analyses 
are applicable only to normal welding practices in calm air, where cooling by convection can be neglected
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in the presence o f cooling by conduction. In cases such as underwater welding, where the effect of 
quenching by the flow o f water cannot be neglected, an increase in plate thickness may have quite an 
opposite effect on the cooling rate. Lindstrom and Ulfvarson [34] modified the Rosenthal equation to 
account for the cooling by a forced flow and showed that cooling rate increases as the plate thickness 
decreases.
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FIG. 4-8. Effect o f heat input on cooling time (d  = 8 mm; >; = 0.75).
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4-5-10. Peak temperature profiles
A weighted peak temperature profile obtained from Equation 4-26 is shown in Fig. 4-10 (solid line) 

for a weld sample with a nominal heat input o f 0.5 kJ/mm. The theoretical results with thin- and thick-plate 
assumptions are also plotted (dashed and solid lines). A ll profiles are calibrated with respect to the actual 
plate geometry and location o f the HAZ boundaries according to Equation 4-27, to show the differences in 
the shapes (curvatures) only. As can be seen, the different assumptions do not markedly change the shape 
o f the peak temperature profiles. For this heat input, the corresponding weighting factor (Table 4-5) 
predicts a profile with a shape close to that predicted by the thick-plate solution.

The peak temperature profiles obtained from Equation 4-26 and scaled to the actual plate geometry 
according to Equation 4-27 are shown in Fig. 4-11 for different weld samples. The results o f thermocouple 
readings are plotted too. As can be seen, the peak temperatures are below expected values i f  the Tr is below 
roughly 1300°C. Above that, the results match very well with the expected values. This discrepancy likely 
comes from the contact type between the thermocouple tip and the plate that limits the heat transfer. The 
actual microscopic contact area between the thermocouple junction and the plate might be small. This area 
increases at very high temperatures when material gets softened and results in a better contact with the 
junction, which means better heat transfer from the plate to the thermocouple junction.
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Ô
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FIG. 4-10. Calibrated peak temperature profiles for a nominal heat input o f 0.5 kJ/mm. The weighted profile is plotted
along with the thick- and thin-plate solutions.

There is some evidence for the above explanation; this phenomenon can be seen in some o f the 
thermal cycles when enlarged. Fig. 4-12 shows the thermal cycles for two o f the thermocouples in the 1.5 
kJ/mm weld sample. For TC4 the temperature rises relatively slowly initially due to the poor contact, until 
~900°C, whereupon it rises much more rapidly. Therefore, a reading o f 900°C probably corresponds to an 
actual temperature in excess o f 1300°C. This phenomenon was more or less observed for all the 
thermocouples located close to the fusion line. Thermocouple locations that have peak temperatures below 
~1300°C start to cool o ff before the peak temperature can be recorded. It was also observed that the lower 
the heat input, the larger the discrepancy, since the thermal cycle is faster. Another explanation could be 
that as the plate expands with increasing temperature, the contact between the junction and the bottom of 
the hole loosens for a short while, until the insulator is pushed by the pressure from the backing spring (Fig. 
4-1) after the friction between the insulator and the wall o f the hole is overcome. This is less likely to 
happen as there was no sticking or side pressure between the insulators and the wall o f the hole. No matter
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which mechanism is responsible, the discrepancy observed in some cases is believed to be due to the type 
o f contact. It would be ideal for heat transfer i f  the thermocouple junction could be spot/flash welded to the 
plate (as reported by Hess et al. [21] or Ion et al. [31]) or soldered to the plate with a small mass o f a high 
remelt temperature silver solder (Grosh et al. [1]), as the best response time is expected from small bead 
volumes but with maximized surface contact. Spot welding at the bottom o f drilled holes was deemed 
initially too difficult and unnecessary for the present setup that consisted o f small diameter holes and small 
thermocouple junction size.
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c) 2.5 kJ/mm
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FIG. 4 -11. Peak temperature profiles for three different weld samples: a) 0.5 kJ/mm; b) 1.5 kJ/mm; c) 2.5 kJ/mm.
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FIG. 4-12. Thermal cycles for two locations, one reading a peak temperature expected from the thermocouple location 
(TC4) and one reading a peak temperature ~250°C lower than the temperature expected (TC3).

Fig. 4-13 shows all peak temperature profiles on the same graph with the actual experimental 
readings from the thermocouples that kept good contact throughout the welding process. The beauty of 
having a mathematical solution is, as pointed out by Hess et al. [21], that “ the mathematical solutions are
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able to intelligently average and evaluate the reliability o f experimentally measured values and to greatly 
extend the coverage o f the experimental data” .
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FIG. 4-13. Peak temperature profiles weighted and fitted for three different weld samples (heat input values of0.5, 1.5
and 2.5 kJ/mm).

4-5-11. Estimation o f T -t curves
Again, the problem with using the Ashby-Easterling solutions to the Rosenthal equations is that they 

predict the extreme cases o f 2D and 3D conditions. Fig. 4-14 compares the thermal cycles predicted by 
Equations 4-8 and 4-13 with the selected ones obtained experimentally for each heat input. The actual 
thermal cycle falls between the two predictions. For the low heat input o f 0.5 kJ/mm, the heat condition is 
very close to the 3D condition and, therefore, the thick-plate solution has a very close prediction. By 
applying the weighted values o f cooling time (close to the measured values; see Section 4-5-1) to Equation
4-13 for higher heat inputs o f 1.5 and 2.5 kJ/mm, thermal cycles closer to the experimental values are 
obtained (Fig. 4-15). This, however, may not apply to heat inputs in between (e.g., 0.7-1.5 kJ/mm), as 
neither the thick- nor thin-plate conditions are close to the actual situation.

Alternatively, one can model and estimate the T-t curve for any point in the HAZ for that given heat 
input by analyzing a selected T-t curve from a thermocouple reading that maintained good contact at the 
highest temperature locations in the HAZ. This is possible because it is known that the heating and cooling 
rates are independent o f the position in the HAZ. The procedure is described as follows.

As the number o f readings was too high for all the thermal measurements (40 points/s), first the 
curves needed to be simplified by choosing fewer points for numerical analysis. Fig. 4-16 shows this for 
one o f the thermocouples in the case o f the 0.5 kJ/mm welding process. The re-established curve from the 
chosen data was then divided into three parts, namely, heating, dwell time around the peak temperature and 
cooling. The transition points were where the curvature o f the plot changed, which were found to be -0.99 
Tp on the heating side and -0.98 Tp on the cooling side. Basically, the heating part from around 400°C to 
the dwell part is linear, the dwell part around the peak temperature has a negative curvature, and the 
cooling part has a positive curvature. The heating and cooling parts were easy to determine and model as it 
was assumed that they were the same across the HAZ, and only the point where they are connected to the 
dwell part depends on the peak temperature. The most challenging part was the dwell part, as it was 
observed that the dwell time, i,  would increase as the peak temperature decreased. Ion et al. [31] defined a 
time constant around the peak temperature which is similar to the parameter presented here as the dwell

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



49

time, and they defined it to be a function o f l/(Tr T0f , where n = 1 for thick-plate conditions and n = 2 for 
thin-plate conditions. The same relationship was used here. Fig. 4-17 shows the simplified thermal cycle o f 
Fig. 4-16, on which the three parts are separately indicated. A linear fitting is applied to the heating part, 
from which the heating equation and the heating rate can be obtained.

Therefore, to model a thermal cycle at a location designated by Tv and for a given heat input (0.5 
kJ/mm in the current examples), the heating part is determined first from the equation obtained by fitting, 
for a temperature range from 400°C up to 0.986 TP. Five points w ill form the dwell part, with the time- 
temperature dependence shown in Table 4-7.
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(c)
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FIG. 4-14. Thermal cycles at selected peak temperatures as predicted by thick- and thin-plate solutions and as obtained
experimentally: a) 0.5 kJ/mm; b) 1.5 kJ/mm; c) 2.5 kJ/mm.

The value t, is determined from the heating equation when T=0.986 TP, and the dwell time, t ,  is 
determined from the following equation:

r  = r *  [ ( T V  Ta)l(T „  - T J ?  (4-40)

The values o f the r* and T /> are obtained from the selected thermal cycle for each heat input. A value 
o f n = 1 was used for a low heat input o f 0.5 and n = 1.5 for heat inputs o f 1.5 and 2.5 kJ/mm. The 
coefficients for 7). in Table 4-7 were obtained after analyzing the selected thermal cycles from all three heat 
inputs. They represented well the dwell parts in all thermal cycles experimentally obtained. The cooling 
part was basically the cooling leg o f the selected thermal cycle, cut from T = 0.975 7)> and then shifted and 
attached to the dwell part at t = /; + r. The modelled thermal cycle was used to plot the estimated thermal 
cycles at several peak temperatures for each heat input, as shown in Fig. 4-18. These thermal cycles can be 
used for analysis o f precipitate alterations and grain growth. The equilibrium dissolution temperatures for a 
few dissolution fractions are also indicated on each graph for TiN and NbC.

Tabic 4-7. Values o f five points representing the dwell part o f the modelled thermal cycle

Point # t T
1 ft 0.986 T,.
2 t i  + 0.25 r 0.993 Tp
3 tt + 0.5 r Tp

4 ti + 0.7 t 0.990 Tp
5 t, + T 0.975 Tp
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FIG. 4-15. Thin-plate solution predictions with weighted values o f cooling time.
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FIG. 4-16. A selected thermal cycle for modelling: some points are chosen from the actual high-resolution curve to
form a simplified curve.
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TC4- 0.5 kJ/mm
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FIG. 4-17. The thermal cycle divided into three parts: heating, dwell time around peak temperature, and cooling.

(a)

u
ai"i_3
75i—
CD
CL

Eat
I -

1800 

1600 

1400 

1200 

1000 

800 

600 

400 

200 

0  -

Ts NbC- 100%) 
Ts NbC- 50%

Ts NbC-10% 

Ts NbC-1%

Ts TiN-10%

TsTiN-1%

- . . . ,Tp profile

 TC4-Tp=1674 C

---------- TC3- Tp=1468 C

---------- Tp=1300 C

---------- Tp=1100 C

 Tp=900 C

10 15 

Time, s

20 25 30

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



53
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FIG. 4-18. The modelled and estimated thermal cycles at several locations (TP) across the HAZ for three heat inputs: a)
0.5 kJ/mm; b) 1.5 kJ/mm; c) 2.5 kJ/mm.
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It is noteworthy to add that some variation in the assumptions used in modelling the thermal cycles 
would not produce considerable difference when the thermal cycles for different heat inputs are compared. 
Fig. 4-19 compares the thermal cycles experimentally obtained for three heat inputs at a high 7> =1435°C 
(i.e., in the CGHAZ close to the fusion line), and those modelled and estimated for a 7), = 1100°C (i.e., 
close to the boundary between the FGHAZ and CGHAZ). As can be seen, the rates o f the thermal cycles 
are so different that a slight variation in the shape and size o f the dwell part around the peak temperature 
would not affect the cycle and the thermal energy associated with it. Also interesting to note is that the time 
above a certain temperature is much higher for the heat inputs o f 1.5 and 2.5 kJ/mm than for 0.5 kJ/mm, as 
shown in Table 4-8.
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FIG. 4-19. The thermal cycles for the same peak temperature for different values of heat input: a) the actual cycles 
experimentally obtained for a 7}> = 1435°C; b) the modelled and estimated thermal cycles for a?)> = 1100°C.
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Table 4-8. Time above 900°C for several thermal cycles

Heat input, kJ/mm TP = 1435°C Tp = 1100°C
0.5 1.7 0.9
1.5 9.4 5.0
2.5 15.6 10.0

4-5-12. Heating rate
The heating rate values reported in Table 4-5 were calculated by fitting linear trend lines to the 

heating part o f each thermal cycle (the limits o f which are explained in Section 4-4-4) obtained 
experimentally. The relatively large standard deviations associated with these measurements are due to 
plate heating and the initial temperature rise along the weld run. In the analysis o f Section 4-4-4, however, 
it was assumed that this temperature rise w ill not take place and, therefore, the heating rate was assumed to 
be constant.

The heating rate o f the thermal cycle can affect such parameters as the amount o f superheating in the 
a-*  y transformation (in transformable steels), grain growth, the rate o f coarsening o f carbides and nitrides, 
and the dissolution temperature o f carbides and nitrides. These w ill be discussed in the next chapters.

4-5-13. Thermal stresses
The temperature gradient in the HAZ w ill cause a differential thermal expansion in this region. This 

is usually sufficient to produce a state o f stress that causes plastic deformation during heating. Upon 
subsequent cooling, again another state o f stress w ill be formed [21]. This is in addition to the strain
induced by transformation.

The thermal stresses can cause distortion in the welded joints. An example o f distortion is shown in 
Fig. 4-20, where the weld strips are cut out o f the plates. Deflection in the case o f low heat input showed 
itself immediately upon cutting and release from the confinement by the rest o f the plate. The reason the 
deflection is high at low heat input is the location o f a small weld zone and HAZ at the top o f the upper half 
o f the plate which produces a greater bending moment, compared with the situation in the higher heat input 
which causes a wider stressed region over both halves o f the plate thickness.

V i..

FIG. 4-20. The weld strips cut out o f the plates after the welding for two values o f heat input: 0.5 kJ/mm (above) and 
2.5 kJ/mm (below). Note the considerable deflection for the case o f the low heat input.

* D U l I l l l K t l  j  -

Along with examining the theoretical approach o f Rosenthal for calculation o f the thermal 
parameters o f a weld thermal cycle, a method for quick estimation o f cooling rate in a welded section was 
developed. The method was based on applying a weighting factor to the Rosenthal analytical solutions for 
thick and thin plates. The factor is determined from the HAZ width, obtained from etched sections, which 
reflects the actual response o f the plate to the heat flow conditions. While the lower- and upper-bound 
solutions to Rosenthal’ s equation, derived by assuming thick- and thin-plate conditions, provide a wide 
range o f values for cooling rate during the weld thermal cycle, the method and formulations presented here 
yielded specific numbers very close to those obtained experimentally. The advantage o f this method is the
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simplicity o f the calculations and the experimental procedure; only a macro-etched weld section is needed. 
Instrumented welding tests (by embedding thermocouples), which are difficult and sometimes not reliable, 
can be eliminated. The method was also used to calibrate the shape and size of the HAZ peak temperature 
profiles.

The method was applied only to horizontal flat plates, where the Rosenthal equations directly apply. 
More work is needed for application o f this method (or the general idea) to plates with other 
geometries/positions and examination o f a wider range o f welding variables. Nevertheless, the limited 
experimental work has demonstrated the promise o f this simple method, as an initial step in the extraction 
o f useful information from a weld HAZ section that contains thermal history information. This information 
can be applied to correlation studies involving microstructure, simulation and modelling.

Some other specific conclusions follow:
1) A ll thermal parameters of interest, namely, heating rates, peak temperature profiles, cooling rates 

and the time spent above a certain temperature o f interest, were determined for three weld 
samples.

2) The selected thermal cycles for each heat input were also analyzed to obtain a model that could 
estimate the thermal cycle for any location o f interest, designated by a specific peak temperature. 
The estimated thermal cycle was composed o f three separate parts put together, namely, heating, 
dwell time around the peak temperature, and cooling. The estimated thermal cycles at several 
locations can be used forevaluation o f precipitate dissolution/coarsening as well as prior austenite 
grain growth.

3) Rosenthal’s solutions and most o f his simplifying assumptions produced satisfactory results for 
determining lower- and upper-bound values for each thermal parameter.

4) There is a need to define a parameter that expresses the heat input relative to the plate thickness.
5) A thermal efficiency value o f 0.75 for GTAW yielded reasonable results when the common values 

o f thermal parameters (independent o f temperature) were used in Rosenthal’ s equations.
6 ) The equations and criteria for distinguishing between 2D and 3D heat flow conditions are too 

simplistic and inaccurate. A spectrum o f heat flow conditions between two and three dimensions 
exists in actual welding.
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Chapter 5

Precipitate Analysis in the HAZ

5-1. Introduction
The weld thermal cycle causes alterations in the precipitate composition, size distribution and 

volume fraction through dissolution, coarsening and reprecipitation. These alterations affect the mechanical 
properties o f the heat-affected zone (HAZ) directly, through a precipitate hardening mechanism and stress 
concentration at the location o f precipitates (which affects the fracture toughness), or indirectly, by 
affecting the austenite grain growth and effective composition o f the austenite (changed by dissolution o f 
precipitates). It is, therefore, necessary to understand the properties and functions o f these precipitates and 
the changes at different sub-regions o f the HAZ and under different heat inputs.

As most o f the precipitates that change during the weld thermal cycle are sub-micron in size, high- 
resolution techniques such as transmission electron microscopy (TEM) are essential to resolve them. 
However, even TEM has a detectability limit. In practice, it is very difficult to resolve particles smaller 
than 3-5 nm in diameter, or to characterize such fine particles in terms o f structure and composition with 
conventional analytical TEM. In addition, evaluation o f precipitate volume fraction has always been a 
challenge, even for not-so-fme particles, due to difficulties originating from errors involved in estimation o f 
film thickness (in the case o f TEM thin-foil samples) or depth o f matrix dissolution (in the case o f TEM 
replicas) [1, 2], These facts make quantitative analysis o f precipitates challenging.

Before examining precipitate alteration in the HAZ, some information on the precipitate 
characteristics as well as the state o f precipitation in the BM is required. Therefore, this chapter starts with 
a short review on different aspects o f microalloy precipitates, as background knowledge on their 
characteristics and functions. Then precipitation in the Grade 100 steel is analyzed, mainly through 
thermodynamic calculations with some discussion on the kinetic effects, followed by kinetic analysis o f 
precipitate alteration in the HAZ. Challenges in the quantification o f these precipitates are discussed next 
and some modifications to the existing theories for calculation o f the volume fraction are presented. The 
experimental procedure is then described, followed by the test results, in particular with carbon replica 
TEM samples, accompanied by discussion o f the results, both qualitatively and quantitatively.

5-2. Microalloy precipitates
5-2-1. Chemical composition and crystal structure

The precipitate compositions range from almost pure binary compounds to complex phases. The 
main precipitates that form in microalloyed steels are carbides, nitrides and carbonitrides o f Nb, Ti, and V. 
Titanium oxide has also been used in these steels as it is very stable at the highest temperatures for 
austenite.

5-2-1-1. Niobium compounds
DeArdo [3] has reviewed all aspects o f niobium application and technology in modern steels. Nb has 

a strong tendency to form carbonitrides, but little tendency to form oxides or sulphides. NbC has several 
forms and combinations. Three o f these forms are NbC-a, NbC-P and NbC-y. These are single phases o f 
the Nb-NbC system. NbC-a has little solid solubility for C with a bcc (body-centered cubic) crystal 
structure. NbC-P has a composition o f Nb2C with a hep (hexagonal close packed) crystal structure. The 
phase o f most interest in steels is the NbC-y phase with the composition NbCx (x< l; at 1100°C 0.72<x<l). 
It has a NaCl-type fee (face-centered cubic) crystal structure. The lattice parameter o f NbCx is strongly 
dependent on x. Pure, stoichiometric NbC has a lattice parameter o f 0.4470 nm. The lattice o f NbC-y has 
three main constituents: Nb atoms, C atoms and vacancies (of Nb atoms or C atoms). The vacancies may 
allow substitution o f other elements, such as Mo, Ti, V and N. NbN is very similar to NbC, and in fact the 
two have complete solid solubility. The composition o f Nb carbonitride is usually shown as NbCxN y.

5-2-1-2. Titanium compounds
Titanium precipitates may appear, in Ti-bearing steels, as single binary compounds, i.e. ,TiN and 

TiC, or complex compounds o f Ti(C,N), or even mixed precipitates with a TiN-rich core and TiC-rich skin
[4], Titanium, unlike Nb and V, has a very strong tendency to form nitrides, sulfides and oxides. TiC w ill
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not form until all O, N, and S have been consumed by Ti or other elements at higher temperatures [3]. TiN 
and TiC have NaCl-type fee crystal structures.

5-2-1-3. Vanadium compounds
Vanadium has a large solubility in both austenite and ferrite. As a precipitate, it has a tendency to 

form carbonitrides, but has very little tendency to form oxides or sulphides [3], Lagneborg el al. [5] have 
reviewed all aspects o f vanadium application and technology in modern steels. In the Fe-V-C ternary 
system, three carbides o f V, namely VC, V2C and V 3C2 can be found. The one that usually forms in 
microalloyed steels is VC, which has a NaCl-type fee crystal structure. The Fe-V-N ternary system shows 
two nitrides o f V, namely VN (fee) and V2N (hep). VN, which is found in most V-bearing microalloyed 
steels, may not be seen in modem steels with considerable amounts o f Ti and Nb.

5-2-2. Size, morphology and interface with iron matrix
The size o f the precipitates is largely a function o f temperature o f precipitation (thermodynamics), 

and the amount o f supercooling (kinetics). In general, precipitates that form at higher temperature tend to 
grow larger. Supercooling favours nucleation but does not allow much growth, resulting in a fine dispersion 
o f particles. Deformation and cold work also enhance nucleation by providing suitable locations 
(dislocations) for heterogeneous precipitation, resulting in a finer distribution. This is especially the case 
for strain-induced precipitation in austenite during controlled rolling (CR) and in ferrite during levelling 
(Section 5-2-4).

The shape o f the precipitates depends on their composition, crystal structure, mismatch with the 
matrix, and thermal history. Thermodynamic studies o f precipitation suggest that the equilibrium shape o f a 
precipitate is an “ oblate spheroid”  (a ball flattened at top and bottom, like the Earth) with a c/a value that 
balances the opposing effects o f interfacial energy (due to the formation o f the new interface) and elastic 
strain energy (due to existing volume mismatch between the precipitate and the matrix) [6 ]. However, the 
actual shapes observed in the steel during TMCP may be different. For instance, according to DeArdo [3], 
at normal Nb levels in microalloyed steels (<0.04%) the carbonitrides o f Nb have cubic shapes. Higher 
levels o f Nb (>0.10%) and N (>0.012%) give rise to formation o f non-cubic compounds. These compounds 
can have other compositions and crystal structures than NbC-y. Non-cubic shapes o f NbC-y (e.g., spherical) 
has been also observed in Grade 100 steel [7]. The evolution o f precipitates during TMCP is further 
explained in Section 5-2-4.

The crystallographic relationship between the precipitates and the matrix has two important aspects: 
orientation relationship (OR) and lattice mismatch [3], The OR between carbonitrides o f Ti, Nb, and V and 
austenite (both having a fee crystal structure) was found to be of the “ parallel”  type, i.e.,

( w o w * , (5 - 0

[010]w(aV) || [010], (5-2)
The OR o f precipitation in ferrite, however, is different. NbCN precipitates in ferrite with the so- 

called Baker-Nutting OR, i.e.,

( 1 0 0 W w , II ( I 00)* ( 5 - )

[ o n w w , ; ; .  (5 -4 )
OR examination can help distinguish between the precipitates that nucleated in austenite and those 

nucleated in ferrite. For instance, NbC that nucleated in ferrite w ill have the Baker-Nutting OR with the 
ferrite at room temperature. However, NbC that nucleated in austenite w ill have Kurdjumov-Sachs OR 
with the ferrite at room temperature. This is because ferrite has a Kurdjumov-Sachs OR with the parent 
austenite, i.e.,

( H I ) ,  l l ( H 0 ) a (5-6)

[H O ], |1 [H I ] *  (5-7)
Calculations o f lattice mismatch are based on finding the linear strain in the matrix lattice that would 

bring the two lattices o f the matrix and precipitate into coincidence at the interface. Initially, precipitates 
usually have a coherent interface with the matrix, due to the balance between a low interfacial energy and a 
high strain energy [6 ]. Apparently, as precipitates with high elastic matrix strain grow, coherency is lost 
since the strains cannot be accommodated by a few interfacial dislocations. It has been shown that for the
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orientation relationship between the carbonitrides and austenite, there is -23% mismatch in lattice spacings 
and hence the carbonitrides are expected to be incoherent or at most semicoherent with the austenite matrix
[8 ], Therefore, these precipitates are bound to form on grain boundaries, sub-grain boundaries or 
dislocation arrays. Experimental examination shows that this is the case for NbC [3],

5-2-3. Precipitate stability and solubility products
To calculate the amount o f precipitation, the amount o f elements consumed in precipitation and the 

amount o f elements left in the matrix at different temperatures, the following notations, used by Gladman
[9], w ill be used here:
M-j' ~ wt% M  (metal atom) in the alloy 
[M\ = wt% M dissolved in the matrix

= wt% M present as MX  (a compound between a metal atom and C or N)
X r = wt% X  (C or N) in the alloy 
[X] = wt% Xdissolved in the matrix 
Xmx = wt% X  present as MX  
(MX) = wt% MX precipitated out from the matrix 

In a reaction
[A f] + [ X ] <-» (M X )  (5-8)
the equilibrium constant, referred to as the solubility product, is written as:

k S ~  a [ M Y  a [ X ]  I  a (M X )  ( 5 ' 9 )

a is the activity. With further assumptions that the activity o f a pure compound is equal to 1 and the 
activities o f the dilute solutes can be replaced by their concentrations (in wt%), ks is simplified to: 
k s = [M \.[X ]  (5-10)

The temperature dependence o f As has an Arrhenius type of relationship (i.e. ks = A.e~/m) and is 
expressed in the form:
Log ks = A - B I T .  (5-11)

Temperature is in Kelvin. The values o f A and B, which are in fact related to changes in entropy (AS) and 
enthalpy (AH) respectively [8 ], have been determined by isothermal experiments for a number of 
precipitates. The results o f different experiments are not exactly the same, and that has led to a number of 
values from which to choose A and B for a given compound. In this study, the values that most frequently 
appeared in the literature were used (Table 5-1). The solubility o f different types of precipitates can be 
better compared by plotting logks vs. l/T. Fig. 5-1 shows ks for different precipitates in both ferrite and 
austenite. Note, that this information does not determine which compound precipitates first or last for a 
given steel, as the order also depends on the compositions. Fig. 5-1 does show that for similar amounts of 
microalloy elements, TiN is the most stable and VC and Mo2C are the least stable precipitates.

Table 5-1. Values of solubility product constants used in this study for several compounds

Compound Matrix A B (K ) Reference

VC
Ferrite 8.05 12265 HOI

Austenite 5.36 8000 [11]

NbC Ferrite 5.43 10960 191
Austenite 2.96 7510 19,111

NbN Ferrite 4.96 12230 [9]
Austenite 4.04 10230 19,11]

Nb(CN) Austenite 2.26 6770 [11]

TiC Ferrite 4.40 9575 n o i
Austenite 2.75 7000 n o , m

TiN
Austenite 0.32 8000 19,111

Liquid iron 5.90 16586 [9]
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FIG. 5-1. Solubility products for carbides and nitrides as a function o f temperature: a) in ferrite (25-695°C); b) in
austenite (840-1410°C).

To form a compound, the components react together in the appropriate ratio o f their atomic masses, 
known as the stoichiometric ratio. This fact, along with the ks information, determines the matrix 
composition at any temperature, i f  the equilibrium state is attained. This is shown schematically Fig. 5-2. 
The intersection between the stoichiometric line (in fact the line passing through point P, designating the 
total amount o f solutes M and X in the alloy, at an stoichiometric tangent) and the solubility lim it curve 
determines the amount o f solutes M (denoted by letter D) and X (denoted by letter E) that can remain in

Mo2C

VC

NbC

TiC
NbN
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solution at the specific temperature. The amount o f solutes consumed by precipitation can then be found by 
subtracting the amount remaining in solution from the total amount of the solutes in the alloy (designated 
by C for element M and F for element X, in Fig. 5-2). This translates to the following formulation [9]: 
(C-Z>) A..
-----------  = —  (5-12)
( F - E )  Ay

where AM and Ax  are the atomic weights (a.k.a. relative atomic mass) of elements M  and X, respectively.

Solubility Limit
0.25 at 1000°C 

(ks= 0.00082)

0 .2

15

0.1

0.05 Stoichiometric
Ratio

0
0 0.004 0.0120.008 0.016

wt% Nitrogen

FIG. 5-2- Solubility diagram showing the stoichiometric ratio between V and N [9].

From a number o f simple relationships, a quadratic equation for A^/ycan be derived [9]:

^MX Am ( X r + M t.Ax /Am ) - ( ( X t + M r .Ax I A j  - 4 Ay (M r .Xr - k s) ! A M) 12 A,.

(5-13)
Then, the other parameters can be obtained from the following simple equations:

X Ux = M u x .Ax I A u  (5-14)

(M X )  = M mx.{Ax +Au ) !A u (5-15)

[ M ] = M.r -  M mx (5-16)

[X ]  = X t - X mx (5-17)
Note that these equations only apply to precipitates o f the form MX. The solutions for compounds o f the 
general form MgXh do not have a simple form, and should be approached individually.

5-2-4. Microalloy precipitates and T M C P
Here, precipitation is classified according to the particular stage during TMCP, as the thermo

mechanical processing w ill affect morphology, composition, size, and OR with the austenite or ferrite 
matrix.
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5-2-4-1. As-cast precipitation
It has been shown by Hong et al. [12] that the precipitates o f Ti-NbCN in the as-cast condition have 

a dendritic morphology (Fig. 5-3a). The HSLA steel they examined had 0.06%C, 0.018%Ti, 0.039%Nb, 
0.03%V and 0.004%N, i.e., similar to the chemistry o f Grade 100 used in this study, but with leaner 
compositions. The dendritic shape, which is a typical morphology o f solidification, is a result o f non
equilibrium cooling and precipitation in liquid iron. This was also reported by Jun et al. [13], who observed 
three kinds o f morphologies (dendritic, semi-dendritic and rod-like) o f complex Ti-Nb CN in a similar steel 
to that examined by Hong et al. but with a higher level o f Nb and N (0.056% and 0.006%, respectively).

5-2-4-2. Reheating precipitation
Hong et al. [12] also showed that reheating the slab at temperatures between 1100-1400°C for 1 h 

w ill cause a change in precipitate morphology. The Nb-rich, Ti/Nb CN disappeared and new cubic Ti-rich 
Ti/Nb CN replaced them (Fig. 5-3b). This was because at the reheating temperatures the dendritic Nb-rich 
precipitates were not stable, while the cubic Ti-rich precipitates were stable. Dissolution o f the dendritic 
precipitates close to the austenite grain boundaries was accompanied by diffusion o f the solutes to the grain 
boundaries and reprecipitation as N-rich cubic precipitates at these preferred locations. Those within the 
matrix were also dissolved and replaced by smaller cubic precipitates rich in C.

a

* V

b.

.*V": * V

i

50nm 200rmf

FIG. 5-3. Aluminium extraction replicas showing: a) the dendritic shape o f as-cast Nb-Ti carbonitrides; b) the cubic 
shape o f the reformed precipitates in (a) after reheating at 1300°C for 1 h [12].

5-2-4-3. Strain-induced precipitation
It is well established that mechanical work during hot rolling enhances precipitation o f NbC in 

austenite, especially below the no-recrystallization temperatures. Hong et al. [14] studied the strain-induced 
precipitation o f NbC in low-carbon microalloyed steels. The steel they used had 0.084%C, 0.043%Nb, 
0.016%Ti and 0.005%N, i.e., leaner in Nb and N, and especially Ti than the Grade 100 steel used in this 
study. They used a hot deformation simulator for compression o f rough-rolled plates at temperatures from 
850 to 975°C. A pre-strain o f 0.3 was followed by holding at the same temperature for various periods o f 
time, and then water-quenched to preserve the state o f precipitation. Fig. 5-4a shows some strain-induced 
NbC after holding for 32 s, believed to form at dislocations and sub-grain boundaries. Note, how small 
these precipitates are ( < 1 0  nm).

5-2-4-4. Interphase precipitation
NbCN precipitate distribution in ferrite depends on the kinetics o f the austenite-to-ferrite 

transformation. I f  the transformation occurs at relatively high temperatures, the ferrite will have a 
polygonal morphology and the precipitates w ill have an “ interphase”  distribution, i.e., the microstructure 
w ill consist o f numerous arrays o f precipitates that were left behind as the austenite-ferrite interface swept 
through the grains [3], Fig. 5-4b shows a TEM-BF image of some interphase precipitates in a microalloyed
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steel with 0.1 %C and 0.04%Nb. The precipitates are roughly 2-8 nm in size. The interaction o f a 
dislocation with the array o f precipitates is visible as well [9].

As DeArdo [3] points out, “ the chances o f encountering interphase NbC in a commercial strip 
product seem highly remote, given that the strip would be water-spray cooled at 30-80°C s' 1 to around 650- 
600°C and then very slowly cooled to room temperature” . He also believes that even accelerated cooling at 
moderate rates o f ~10°Cs'' to around 600°C and below, followed by air cooling, would largely suppress 
interphase precipitation, and interphase precipitation might occur only at slow rates o f ~l°Cs"'. The same 
arguments also apply to interphase precipitation o f VC [5], This suggests that the type 4 precipitates in 
Grade 100, i.e., Nb-rich carbides 10-20 nm (Section 2-3-3-1), which were categorized initially as interphase 
precipitates [7], are more likely either strain-induced precipitates that formed in austenite, or general 
precipitates that formed in ferrite (Section 5-2-4-4) similar to type 5.

5-2-4-5. General precipitation
I f  the transformation product has an acicular or bainitic morphology (i.e., cooling rates higher than 

~10°Cs''), interphase precipitation w ill be suppressed and precipitation w ill have a “ general”  distribution in 
ferrite at temperatures lower than A i [3]. Fig. 5-4c shows some general precipitates o f NbCN in ferrite. The 
image'is a TEM-DF obtained from the (111) NbC reflection. General precipitates are usually <5 nm in size.

20nm

FIG. 5-4. TEM samples showing fine precipitation through different mechanisms: a) a carbon extraction replica 
showing strain-induced NbC after a prestrain of 0.3 at 950°C followed by holding for 32 s and quenching [14]; b) 

TEM-BF image showing interphase NbCN precipitates [9]; c) TEM-DF image showing general NbCN precipitates in
ferrite [3].

5-2-5. Microalloy precipitates and H A Z
In this section, some practical aspects o f different precipitate compounds with respect to HAZ 

thermal cycle are discussed.
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5-2-5-1. Titanium carbonitrides
In the case o f a sufficient amount o f Ti, say around 0.06%, austenite grain growth in the HAZ is 

suppressed by the sluggish dissolution o f Ti(C,N) particles and the presence o f solute Ti atoms [4]. 
However, some researchers [15] believe that the Ti content should be kept lower than 0.02%, as excessive 
Ti can raise the precipitation temperature to above the liquidus, and lead to formation o f large TiN 
precipitates, which decrease the potential for dispersion o f fine TiN precipitates. They believe that large 
TiN particles may be a source for brittle fracture in the CGHAZ. The large precipitates do not act as 
effective austenite grain-growth inhibitors either. A fine distribution o f small precipitates is what is 
desirable. The optimum Ti:N wt% ratio for HAZ toughness was found to be around two [16].

5-2-5-2. Niobium carbonitrides
Nb(C,N) get dissolved and reprecipitation does not usually occur in the CGHAZ during SAW, 

unless high heat inputs are applied or thick plates are to be welded. In this case, Nb(C,N) precipitation w ill 
reduce the CGHAZ toughness considerably [17, 18].

In the fine-grained HAZ however, sufficient Nb(C,N) is present due to the lower peak temperature, 
and also some precipitation can occur during or shortly after the transformation because o f higher 
transformation temperatures [18]. Liu et al. [19], using an analytical TEM, found that the C/N ratio in 
Nb(C,N) is sensitive to the precipitation temperature (which could vary from 1050 to 1150°C) as well as Si 
concentration.

5-2-5-3. Titaniurn-niobium carbonitrides
It is possible to have complex particles containing Ti, Nb, N and C. The “ coring”  o f these 

precipitates happens because o f the difference in their temperature o f formation. At high temperature the 
precipitate is rich in Ti and N, while at low temperatures the compound is rich in Nb and C [7, 20, 21], 
Although the diagram in Fig. 5-5 shows the equilibrium situation, it still provides a good guide for welding 
conditions.

This complex precipitate is found in Ti-Nb bearing steels, where the precipitate sizes are much 
smaller than in the Ti-bearing steels and, therefore, contribute more to grain growth control. In these steels, 
Nb-rich particles dissolve during the heating cycle, freeing up Ti and N present in them to reprecipitate as 
cuboidal TiN-rich particles, which prevent austenite grain growth at the peak temperatures [4].
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0.0500.015
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FIG. 5-5. Dissolution of complex Ti-Nb(C,N) [21].
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5-2-5-4. Vanadium carbonitrides
V(C,N) is not as effective as other precipitates, discussed above, for controlling austenite grain 

growth. The solubility o f V(C,N) is much higher than for Ti and Ni carbonitrides. Like Ti, but unlike Nb, 
the solubility o f VN is about two orders o f magnitude smaller than for VC [5].

5-3. Precipitation in Grade 100
For any precipitation or precipitation alteration there are two main conditions that should be 

satisfied: a thermodynamic driving force should exist and atomic mobility should be provided. In this 
section, precipitation in Grade 100 is first discussed and analysed from a thermodynamic viewpoint, 
followed by a discussion on the kinetic effects.

5-3-1. Thermodynamic calculations
Simple thermodynamic calculations based on the information available in the literature on the 

solubility products o f these precipitates (Table 5-1) can give an approximation on how much precipitate 
w ill form at a given temperature during the TMCP. A typical thermo-mechanical cycle for Grade 100 steel 
was shown in Fig. 2-1. As an example o f the calculation procedure, Table 5-2 shows the result of 
calculations for TiN. The table contains the amount o f Ti and N precipitated as TiN and amount o f Ti and 
N left in the matrix for a number o f temperatures. These calculations were also carried out for NbN, NbC, 
VC, TiC and Mo2C as well. Fig. 5-6 shows the amount o f each precipitate as a function o f temperature. The 
amount o f each element left in the matrix as a function o f temperature is shown in Fig. 5-7.

The calculations show that TiN first precipitates in the liquid at ~1551 °C. By the time the 
temperature drops to the melting point (~1500°C), 0.164% TiN has formed in the liquid. As the solubility 
lim it o f the microalloying elements in austenite is much lower than in the liquid, the amount o f TiN jumps 
to -0.457% upon solidification (and after passing through the 6 -ferrite region). At this temperature, only
0.025% Ti and 0.0015% N (about 44% and 13% o f the initial values, respectively) are left dissolved in the 
matrix. TiN precipitation continues in austenite as the temperature drops. Simple calculations show that 
-31%  o f all TiN precipitates in the liquid, -56% during solidification, and only -13% in austenite. A t about 
1200°C, a slight amount o f N is left dissolved in the matrix (-4 ppm). Therefore, almost all N is tied up 
with Ti at high austenite temperatures and all precipitation below 1200°C is in the form o f carbides. The 
rest o f the Ti after consumption o f N, which is -0.20 wt%, w ill precipitate as TiC below 1200°C until Ti is 
totally consumed before the temperature drops to ~500°C.

Table 5-2. Amount o f precipitation (wt%) o f TiN and matrix composition upon cooling

T(°C) log ks ks
wt% present as TiN wl% TiN wt% left in matrix

T i™ N™ (TiN) [Ti] [N]

Liquid
1600 -2.96 0.001108 0.000 0.000 0.000 0.058 0.0110

1500 -3.45 0.000351 0.012 0.003 0.015 0.046 0.0076

1490 -4.22 0.000061 0.030 0.009 0.039 0.028 0.0022

1410 -4.43 0.000037 0.033 0.010 0.042 0.025 0.0015

1400 -4.46 0.000035 0.033 0.010 0.043 0.025 0.0014

1300 -4.77 0.000017 0.035 0.010 0.045 0.023 0.0007

Austenite 1200 -5.11 0.000008 0.036 0.011 0.047 0.022 0.0004

1100 -5.51 0.000003 0.037 0.011 0.048 0.021 0.0001

1000 -5.96 0.000001 0.037 0.011 0.048 0.021 0.0001

900 -6.50 0.000000 0.038 0.011 0.049 0.020 0.0000

840 -6.87 0.000000 0.038 0.011 0.049 0.020 0.0000

Calculations for NbN show that even i f  all the N was available for the precipitation o f NbN (which is 
absolutely not the case in this steel), NbN would not form above 1183°C. From TiN calculations, it is clear 
that almost no N is left in the matrix at that temperature. Therefore, it would be a reasonable assumption
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that Nb precipitates as carbides in the austenite. Other evidence to support this conclusion is the absence of 
any AIN in this steel. As mentioned in Section 2-3-1, AIN has a lower solubility than NbN. I f  there was any 
N left in the steel, AIN would form at high temperatures in the austenite. AIN, which has a distinctive 
crystal structure (i.e., hep) was not observed in the Grade 100 steel in this work. The counter-argument, 
however, is that these analyses are based on thermodynamics only, and the kinetics o f precipitation o f AIN 
in austenite may be slower than that for NbN, for instance.
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FIG. 5-6. Precipitation as a function of temperature for Grade 100 steel based on thermodynamic calculations.
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FIG. 5-7. Variation of the content of Ti, Nb, V, Mo, C and N in the matrix as a function of temperature for 
Grade 100 steel, based on thermodynamic calculations.
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Calculations for NbC show that the precipitates form first at ~1204°C in austenite. NbC is the initial 
precipitate to form at that temperature, as TiC and VC have higher solubilities in austenite than NbC. The 
Nb content in the matrix drops rapidly as the temperature drops (Fig. 5-7), so that there is only -0.002 
wt%Nb left in the matrix at 840°C (~A3). This amount w ill precipitate upon transformation o f austenite to 
ferrite (i.e., interphase precipitation), and little precipitation is predicted to take place in ferrite. This does 
not happen in practice, as Ti and Nb are mutually soluble. In fact, most o f the Ti calculated to be left in the 
matrix at the end o f the austenite region could be tied up with Nb and C to form TiNbC, hence, leaving 
more Nb dissolved in the matrix just before austenite tranforms to ferrite. It is worth mentioning that the 
stoichiometry conditions require that Nb precipitation to NbC only consumes 0.012 wt%C. The total 
carbide formation in austenite due to the formation o f TiC and NbC was found to be -0.033 wt%, which 
w ill leave a significant amount (-0.064 wt%C) o f C in the matrix at A3. As shown later, further 
precipitation takes place during the austenite-to-ferrite transformation as well as in ferrite in the form of 
Ti/Nb/Mo/V carbides.

For the calculation o f carbides for Nb, Ti, V and Mo, a step-by-step procedure was adopted, where 
the total amount o f C available for precipitation o f a compound o f lower stability was assumed to be the 
carbon content in the matrix after precipitation of a compound o f higher stability at a given temperature. 
This was done at several temperatures as shown in Fig. 5-6. VC and Mo2C are expected to form mostly 
during the austenite-to-ferrite transformation, while NbC and TiC form mostly in the austenite. In fact, 
TiNbC is what forms in austenite in the Grade 100 steel. General precipitation in ferrite is also in the form 
o f complex precipitates having various amounts o f Ti, Nb, Mo and V (see Section 5-7).

Stoichiometric relations show that i f  Mo does not precipitate, but all the Ti, Nb and V precipitate, a 
significant amount o f 0.052 wt%C (-65% o f the total value) would still remain dissolved in the matrix. 
However, as w ill be shown in Section 5-7, Mo is present in the fine carbides that have a considerable 
volume fraction. Assuming all the Mo would precipitate out, there is still a considerable amount o f carbon,
i.e., -0.014%, present in the ferrite matrix o f the Grade 100 steel. The maximum solubility o f carbon in 
ferrite is 0.008% at room temperature [22]. Bainitic ferrite, the dominant microstructure in Grade 100, may 
be able to dissolve more C in the matrix than ferrite. The excess C, i f  any, should either precipitate as 
cementite, or remain in solid solution in M/A islands. At any rate, these calculations show that not all C is 
tied up with the microalloying elements, and therefore Grade 100 steel is not an interstitial-free (IF) steel. 
This should be examined further by some experiments, for instance, strain aging.

5-3-2. Other considerations (kinetic effects)
Calculations from Section 5-3-1 were based on the solubility products o f Table 5-1. The effects o f 

mutual solubilities, reheating, non-equilibrium cooling and mechanical processing were not considered 
there. It is understood that the presence o f other elements can affect the solubility o f a given compound by 
altering the activity coefficients o f each element in that compound. For example, the solubility lim it o f NbC 
in unalloyed austenite at 1150°C is approximately 5x1 O'3. The addition o f 1.5%Mn and 0.4%Si was 
reported to reduce the solubility to 4x10' 3 (i.e., -20% reduction) [6 ],

It was also assumed in the previous section that the steel was cooled continuously from the liquid 
state to room temperature. It has been shown that reheating causes dissolution o f as-cast dendritic Nb-rich 
Ti-NbCN, and subsequent cooling causes reprecipitation o f different kinds o f precipitates, mostly rich in Ti 
[ 1 2 ].

Moreover, equilibrium (assumption for thermodynamic calculations) w ill not be reached at all 
temperatures in practice, unless the holding time is long enough, and therefore some supersaturation o f 
solutes occurs. This may have several implications. One effect is retardation o f precipitation (e.g., 
interphase precipitation), meaning that the amount o f precipitate calculated at each temperature in the 
previous section (Table 5-2) may be an upper bound. Nevertheless, holding at the coiling temperature and 
levelling [23] is expected to bring out some of the delayed precipitation eventually, resulting in different 
precipitate size distributions o f course. The other effect is coring o f the complex carbonitrides. There is 
substantial evidence o f heavily cored particles, with a TiN-rich core and a NbC-rich shell. I f  formation or 
growth o f TiN is somewhat suppressed, there is a possibility that Nb, Ti, C and N w ill precipitate together, 
especially at temperature ranges between those o f precipitation o f TiN and NbC. This w ill also depend on 
the composition o f the steel and the relative abundance o f the microalloying elements at a given location 
[9]. Coring occurs because homogenization o f metal atoms (Nb and Ti in this case) in a mixed carbonitride 
does not occur, due to fast cooling. Depending on the composition o f the steel, and at lower temperatures in 
austenite where NbC is a dominant precipitate, precipitation o f NbC can take place after formation and
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growth o f TiN. In this case, i f  the temperature is high enough, or cooling is slow enough, to allow for 
diffusion, NbC caps w ill form epitaxially on TiN cuboidal precipitates. However, i f  the temperature is low 
or the cooling rate is fast, nucleation can become relatively easy and diffusion can become relatively 
difficult, resulting in the formation o f NbC particles in the matrix totally separate from TiN (instead o f a 
NbC shell or cap). This kinetic effect contributes to precipitates o f different chemistries and in different 
size ranges, a feature that is often observed in steels microalloyed with several elements [9 ],

Mechanical deformation, on the other hand, accelerates the precipitation when the solid solution is 
supersaturated [9], Deformation increases dislocation density and the amount o f sub-grain boundaries, 
which can act as nucleation sites for easy precipitation. This can have the opposite effect o f the high 
cooling rates practiced at some stages during TMCP. Particle size also has an influence on the solubility 
product. It has been found that smaller particles (particularly when <10 nm) tend to be less 
thermodynamically stable [6 ],

One way to measure the actual amount o f precipitation and the retained solute level in the matrix is 
the method o f chemical dissolution and ICP-MS (inductively coupled plasma -  mass spectroscopy). Lu et 
al. [24] applied this method to Grade 100 microalloyed steel. They determined the amount o f solutes in 
solid solution with the matrix by ICP. Comparing the amount in solid solution with the total in the steel 
they estimated the amount precipitated (Table 5-3). The results show that most o f the Nb and Ti precipitate 
in the BM, but only 50% o f the total V and 18% of the total Mo precipitate, while the remaining Mo and V 
are in solid solution with the matrix. This seems reasonable as most o f the Ti and Nb precipitates form in 
austenite, while all the Mo and V precipitate in ferrite, where the accelerated cooling w ill suppress the 
precipitation. Holding at a relatively low temperature o f stop cooling (accompanied by levelling) may not 
be sufficient for all precipitation to happen.

Table 5-3. Fraction of different elements precipitated as revealed by chemical dissolution methods [24].

Element Ti Nb Mo V
Total amount in steel (wt%) 0.060 0.094 0.301 0.047

Amount in solid solution (wt%) 0.014 0.008 0.246 0.024
Amount precipitated (wt%) 0.046 0.086 0.055 0.024

Fraction precipitated 0.77 0.91 0.18 0.50

The volume fraction,/^, o f a particular type o f precipitate can be estimated according to Equation 5- 
18, when the proportion o f the precipitate is small [9],

{ M X )  p r
f y  = - ------   X -£St- (5-18)

1 0 0  p KK
MX  is the amount o f precipitate (in wt%) and p is the density. Now the results o f the thermodynamic 

calculations can be converted to volume fractions, and then adjusted based on the experimental results in 
Table 5-3. Table 5-4 shows these calculations. The density values for the different precipitates in column 2 
were found from the literature [9]. The composition o f the Mo carbide was considered as MoC in the 
precipitate calculations o f Section 5-3-1, as Mo precipitates with Nb, and Nb carbide has a composition of 
NbC. It should be noted that i f  Mo would precipitate as pure binary carbide the composition would be 
Mo2C, for which a density o f 9.440 g cm' 3 can be obtained from the literature [25], based on an fee crystal 
structure with a lattice parameter o f 0.4155 nm. Two density values for hexagonal MoC were found: 9.382 
and 8.779 g cm' 3 [25], As an approximation a mean value o f 9.0 g cm"3 was used here. A density o f 7.917 g 
cm' 3 (approximated to 7.9 g cm'3) was experimentally found for the Grade 100 steel. The maximum amount 
reported in the third column is the result o f the thermodynamic calculations o f Section 5-3-1. The forth 
column reports the corresponding volume fraction calculated with Equation 5-18. The amount o f metal 
atom consumed (M) can be calculated from Equation 5-19 (column 5).
M m x = { M X ) . A J { A x + Am) (5-19)

The amount calculated from Equation 5-19 is the maximum amount under equilibrium conditions. 
The actual amount o f metal tied up in the formation o f precipitates (column 6 ) is obtained from Table 5-3. 
Note, it was assumed that all the calculated TiN would precipitate out, as the reheating would provide a 
condition close to equilibrium for this precipitate, and the rest o f the Ti (Table 5-3) would precipitate as
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TiC. Comparison o f the values in columns 5 and 6  gives the precipitation efficiency. This factor could be 
applied to the amount o f precipitation (column 3) and volume fraction (column 4) to obtain the 
corresponding estimated values (columns 8  and 9). The other interesting result, from the adjustment of the 
thermodynamic calculations, is the estimation o f the interstitial level retained in the matrix in a form other 
than microalloying precipitates. This value can be estimated from the precipitation efficiency and Equation 
5-14. The total N left in the matrix was found to be zero, while a total o f 0.05%C can be estimated to 
remain in the matrix. Assuming that a total o f only 0.008%C can remain in solid solution in ferrite at room 
temperature, the rest (~0.042%C) would remain in the M-A particles or as iron carbides (mainly cementite).

Table 5-4. Volume fraction ( / / )  estimation for different precipitates

Precipitate
type

p (g/cm3) 
[9, 25]

Max
amount
(wt%)

M a x //
Max M 

precipitated 
(wt%)

Measured M 
precipitated 

(wt%)

Precipitation
efficiency

Estimated
amount
(wt%)

Estimated//

TiN 5.43 0.0486 7.07E-04 0.038 0.038 1.00 0.0486 7.07E-04

NbC 7.85 0.1062 1.07E-03 0.094 0.086 0.91 0.0971 9.77E-04
TiC 4.96 0.0255 4.07E-04 0.020 0.008 0.41 0.0105 1.68E-04

VC 5.85 0.0581 7.84E-04 0.047 0.024 0.51 0.0297 4.01 E-04

MoC 9.00 0.3387 2.97E-03 0.301 0.055 0.18 0.0619 5.43 E-04

It is also o f interest to make an estimation o f the amount o f fine precipitates. Fine precipitates in 
Grade 100 steel consists o f strain-induced Nb-Ti carbides formed in austenite and general Nb-Mo-Ti-V 
carbides formed in ferrite. It was assumed, therefore, that the total amount o f fine precipitation could be 
obtained by adding the amount o f all different types o f precipitates that form below a certain temperature in 
austenite ( T,.~„K). Four values o f 7>,„L. have been considered and the corresponding values o f estimated 
volume fractions were calculated (Table 5-5), based on the procedure explained above. As can be seen, the 
total f y was estimated to be ~ 10' 3 for the highest TFitK o f 1000-1100°C. These precipitates generally have 
sizes <15 nm. This estimated value can be used for the estimation o f the strengthening contribution through 
dispersion hardening (Chapter 8 ).

Table 5-5. Volume fraction estimation for fine precipitates

Precipitate type
Tpinc, °C

<A3 <900 <1000 <1100

TiN 0.00E+00 5.67E-07 2.97E-06 9.15E-06

NbC 2.49E-05 5.48E-05 1.71E-04 4.39E-04

TiC 3.69E-05 7.54E-05 1.68E-04 1.68 E-04

VC 4.01 E-04 4.01 E-04 4.01 E-04 4.01 E-04

MoC 1.64E-04 1.64E-04 1.64E-04 1.64E-04

Total 6.26E-04 6.95E-04 9.06E-04 1.18E-03

5-4. Precipitate alterations in the HAZ
The precipitate reactions, such as coarsening and dissolution, are diffusion-controlled, in which time 

and temperature are both important parameters. Since the carbide and nitride formers in steels (e.g. Ti, Nb, 
and V) are substitutional elements, their diffusivities appear to be rate controlling in the precipitate 
reactions. Data exists for equilibrium solubility products o f carbides and nitrides (e.g., Table 4.1), from 
which the temperature for complete dissolution o f the particles, for instance, can be obtained. One question 
that arises is how the dissolution temperatures are affected by a rapid heating cycle. In most cases in 
welding, equilibrium is not reached and superheating takes place. The lower the heat input the higher the 
amount o f superheating [ 1 1 ].
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5-4-1. Particle dissolution
As the temperature rises due to the weld thermal cycle, the precipitates may start to dissolve to some 

degree, since the solubility o f the microalloy elements increases with increasing temperature. The 
dissolution rate o f precipitates in the HAZ depends on temperature, holding time, particle size and 
composition, and C and N levels in the base metal [4],

Two sets o f information are needed to find out how much certain precipitates are dissolved due to a 
thermal cycle at a certain location in the weld HAZ and a given heat input: first, non-equilibrium solubility 
information for that precipitate, and second, the thermal cycle characteristics (effective Tr and dwell time) 
at that location and for that weld sample.

5-4-1-1. Non-equilibrium solubility curves
The theory o f particle dissolution, as a result o f superheating above the equilibrium temperature of 

particle dissolution and applied to the rapid thermal cycle o f welding, has been developed by Ashby and 
Easterling [26, 27], The particles were assumed to be spherical. The two resulting equations from their 
analysis that relates the time o f dissolution, t, to the temperature o f super heating, T, are as follows:

/  = ■

+

Ts =-

t *  Qv (  1 P  
— exp  -------------t r  R { T * T j  

B

A -  log c uc ;

r

(5-20)

(5-21)

/ is  the volume fraction to be dissolved, Qv is the activation energy for diffusion o f the metal atom , t* is the 
time at which dissolution is complete at a temperature T* and C is the concentration o f elements M or C in 
the reaction “aM  + bC MaCh”. A  pair o f values for t* and T* were used from a set o f experiments by 
Ikawa et al. (as cited by Easterling [11]), where the time for dissolution o f NbC at the equilibrium 
temperature o f dissolution was estimated to be about 20 s. Combining the above two equations w ill give 
Equation 5-22. With this equation, the non-equilibrium solubility curves for a number o f carbides and 
nitrides can be plotted as a function o f holding time and temperature, similar to that o f Easterling [11], This 
is shown in Fig. 5-8 for Grade 100 steel, assuming the solubility o f each precipitate is not affected by 
presence of other microalloy elements. Values for Qv were the approximated values used by Easterling 
(Table 5-6).

Z , , V
t *e x p

t =

-Q v
R TTv J A

exp2.3  [ A - B ! T S\
\  1 /(a+b)

ks
- 1

2 / 3
(5-22)

Table 5-6. Approximate values o f activation energy for diffusion o f various metal atoms [11],

Metal element Ti Nb V Mo
O v/RTm 14.4 23.1 16.1 20.1

To find the non-equilibrium solubility curves for different fractions o f precipitate dissolution, ks in 
Equation 5-22 was replaced with the value o f Equation 5-23 for a given fraction o f precipitate solution,/ 
This modification is believed to make the estimations more accurate than the method used by Ashby and 
Easterling [26], as it also takes into account the amount o f solutes already in the matrix. The amount 
already in the matrix is the sum of the residual levels in solid solution in the BM and the solutes added to 
the matrix due to the dissolution o f precipitates with higher solubility, which were estimated through the 
analysis o f Section 5-3-1. The non-equilibrium solubility curves for several fractions o f dissolution o f NbC 
in Grade 100 steel are shown in Fig. 5-9.
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K =  U-Mmx +  + [ X ] )  (5 -2 3 )
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FIG. 5-8. Non-equilibrium solubility curves for several precipitates in Grade 100 steel.
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FIG. 5-9. Non-equilibrium solubility curves for several fractions o f precipitate dissolution for NbC in Grade 100 steel.

5-4-1-2. Effective temperature and time for a weld thermal cycle
As mentioned earlier, the non-equilibrium solubility curves were constructed based on isothermal 

heating above the equilibrium temperature. Apparently, the only conclusion Easterling made on the non
equilibrium solubility curves (such as those shown in Fig. 5-8), was that “ the shorter the weld thermal 
cycle, the greater the superheating o f the carbonitrides” [ l l ] .  Here, it w ill be shown that by estimating a set 
o f effective temperatures and effective times for a given thermal cycle, some interesting quantitative results 
can be obtained.

It is assumed that the portion o f the weld thermal cycle with its temperature above the equilibrium 
dissolution temperature o f a precipitate is responsible for dissolution (Fig. 5-10). The larger this portion, 
the more efficient w ill be the diffusion which controls the rate o f dissolution. An effective peak
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temperature, Tp.ejj, can be calculated over a specified time, so that the diffusion criterion under the 
isothermal heating would be equal to that o f the actual thermal cycle. The diffusion criterion used here is 
defined as the product D.t, which is a function o f diffusion distance:

(5-24)D .t = D0.t.ex  p
R T

So,

exp -Q
RT,.,,m  J

m
'm exp -Q

R T ( l )
.dt = I (5-25)

Do is the frequency factor, D is the diffusion constant, / and T are time and temperature during the 
weld thermal cycle, Q is the activation energy for diffusion o f the metal atom M in iron, R the gas constant 
and t.s is the moment during the weld thermal cycle when the temperature goes above the equilibrium 
temperature for dissolution o f the precipitate, Ts. Equation 5-25 can be rewritten as the following equation 
that was used to calculate the effective peak temperature:

-QTr = -------- - ----------------------------------------------------------  (5-26)
,Lff R . \ n ( I / t w )

The effective time, ti;jf, is in fact the period o f time spent above Ts (Fig. 5-10) and I  is the integral o f

-Qthe curve   vs. t over the time t,.-,,-. These curves were obtained by appropriate conversion o f the
R.T( t)

estimated temperature-time (T-t) curves for each weld sample and for several dissolution temperatures 
representing different fractions o f dissolution, as obtained in Section 4-5-11. As seen in Fig. 5-10, the 
effective peak temperature is considerably higher than the average temperature between the 7). and
Ts (as denoted by Tp.Amrage). This is because diffusion is exponentially faster at high temperatures. From 
each set o f calculations, a pair o f 7)../^ and %  can be obtained. From the calculations for various values o f 
TP (thermal cycles) and various fractions o f dissolution, a graph like the one shown in Fig. 5-11 is obtained. 
The graph shows how much time (t,yj) is available at an isothermal effective peak temperature { T which 
defines a particular location across the HAZ) for dissolution o f a given fraction o f a particular precipitate. 
This, however, does not indicate, yet, i f  the given fraction o f precipitate w ill be dissolved at the location o f 
interest.
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FIG. 5-10. Effective peak temperature and time for complete dissolution o f NbC at a Tr  = I468°C.

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



74

Superimposing the available 7)._/,y and data on the non-equilibrium solubility curves w ill show if  
the portion o f the thermal cycle above the dissolution temperature is large enough to cause dissolution (Fig. 
5-12). Moreover, the intersection between the effective T-t curves (obtained from charts similar to the one 
in Fig. 5-11) and the non-equilibrium solubility curves w ill determine a critical pair o f and %  that is 
necessary for dissolution o f a fraction / o f a precipitate. This is marked with circles in Fig. 5-12. Then, 
finding that there is a linear relation between the Tr and T,,.,:jr (Fig. 5-13), the corresponding critical Tr for 
the critical T ,,.^  can be interpolated or extrapolated. This critical 7). can be related to a distance from the 
fusion line through the 7)> profiles (Section 3-5-3). The same procedure was applied for 1,5 and 10% 
dissolution o f TiN.
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FIG. 5-11. Effective peak temperature and effective time available for dissolution o f NbC at several locations (or
several Tr ) and for various fractions o f dissolution.
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FIG. 5-12. Superposition o f the effective temperature-effective time curves on the non-equilibrium solubility curves for
heat inputs 0.5 kJ/mm in Grade 100 steel.
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The findings are summarized in Fig. 5-14, as precipitate dissolution maps, where the variation of 
precipitate dissolution is shown vs. the weld heat input. Also, the boundaries o f different HAZ sub-regions 
obtained from the macrostructures are superimposed on the graphs, to demonstrate how much o f a given 
type o f precipitate is dissolved during the weld thermal cycle o f a given heat input at a certain position 
(sub-region) in the HAZ. The graph shows that dissolution o f NbC does not occur in the 1CHAZ or in most 
o f the FGHAZ. Dissolution o f NbC starts close to the boundary between the FGHAZ and CGHAZ and is 
completed (100% dissolution) somewhere in the CGHAZ, the exact locations depending on the heat input. 
TiN dissolution starts in the CGHAZ but barely exceeds 10% before the fusion line. Another way to show 
the results is through precipitate dissolution profiles, which show the fraction of precipitate dissolution vs. 
distance from the fusion line for a given heat input. Fig. 5-15 shows the dissolution profiles across the HAZ 
for two values o f heat input (0.5 and 2.5 kJ/mm). By means o f interpolation or extrapolation, the location 
for dissolution o f any fraction o f NbC or TiN can be found in the HAZ using these profiles. For instance, a 
maximum amount o f about 9% of the total TiN precipitated in the Grade 100 steel is dissolved in the HAZ, 
due to a weld thermal cycle with a nominal heat input o f 0.5 kJ/mm. Increasing the heat input to 2.5 kJ/mm, 
w ill increase the amount o f dissolution o f the TiN to 15%.

In addition, the maximum solute level in the matrix as a result o f the dissolution o f precipitates can 
be calculated. Fig. 5-16 shows this across the HAZ for the two values o f heat input in Grade 100 steel. 
Obviously, the solute level w ill change during cooling (i.e., reprecipitation), but it can be used for 
estimation o f the maximum austenite composition, which affects the hardenability. In the CGHAZ o f the 
0.5 kJ/mm weld sample, where martensite is the dominant microstructure, solutes will be supersaturated at 
room temperature.

5-4-2. Particle coarsening
It seems that the term coarsening has been used with different meanings. It may be considered as 

precipitation o f particles on particles that already exist. It may also result from the growth o f large particles 
at the expense o f smaller particles (Ostwald ripening) [28], The latter meaning is more widely accepted, as 
it occurs with the average precipitate size increasing with increasing time, while maintaining an almost 
constant volume fraction. The driving force for precipitate coarsening is the reduction o f the interfacial area 
[29].

100%
50%

- a - 10%
- x - 1 %
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FIG. 5-14. Precipitate dissolution maps for Grade 100 steel shown in two forms.

Coarsening can be quantitatively examined by comparing the precipitate size distribution o f a certain 
particle before and after the weld thermal cycle, in terms o f average particle sizes. Equation 5-27 shows a 
relationship based on the Lifshitz-Wagner theory for Ostwald ripening, that approximates the change in the 
particle size, given the thermal cycle variation, T(t), and the activation energy for diffusion o f metal atoms 
between particles, Qv [11].

dt =  /  (5-27)
R T ( t ) J

r and r„ are the new and original particle radii, respectively and Ac is a constant depending on the 
matrix composition. It should be pointed out that this approach is only an approximation and neglects, for 
example, changes in solid solubility with temperature variation. To estimate Ac, the amount o f coarsening 
of a precipitates for a known thermal cycle should be measured. Knowing Ac, the amount o f coarsening for 
any thermal cycle can be estimated. Unfortunately, there are no measured values for the coarsening o f 
precipitates in Grade 100 to provide values o f r* and T*(t) (* designates a known pair o f variables that can 
be used to determine the constant Ac in the equation), but with some approximations the experimental 
values o f Easterling [11] for coarsening o f very small TiN particles can be used. The values used by 
Easterling were 2r„ = 8.2 nm, 2r* = 14.1 nm, At* = 40 s, 7}>* = 1291°C and Qv/RTm = 14.5. The thermal 
cycle T*(t) can be established from Equations 3-8 or 3-13. Solving Equation 5-27 for Ac w ill yield values 
o f 7.20xl0 ' 16 and 2.00xl0 ' 15 0K.s''.m3, for thick- and thin-plate conditions.

Table 5-7 shows the amount o f coarsening for various sizes o f TiN particles after applying the values 
o f Ac to a thermal cycle at a location close to the fusion line (TP = 1435°C) and a high heat input (At = 43.2 
s), where the coarsening o f TiN particles is expected to be the most pronounced. As can be seen, coarsening 
is considerable only when the initial particle size is small. For TiN particles in Grade 100 steel, namely 
intermediate-size precipitates (-200 nm on average) and large precipitates (-4  pm on average), coarsening 
can be neglected. The reason that coarsening of larger particles does not occur over the typical weld 
thermal cycles, is that diffusion distance between particles is too large.
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FIG. 5-15. Precipitate dissolution profiles across the HAZ in Grade 100 steel for heat inputs of: a) 0.5 kJ/mm; b) 2.5
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Table 5-7. Estimation o f coarsening o f TiN particles based on the initial particle size

r0, nm 4 40 100 2000

r, nm
Thick plate 7.4 40.1 100.0 2000

Thin plate 10.1 40.2 100.0 2000

(r-r0)/r0
Thick plate 8.59E-01 1.81E-03 1.16E-04 1.45E-08

Thin plate 1.52E+00 4.99E-03 3.21E-04 4.01 E-08

At higher heat inputs coarsening may occur, especially for particles with higher solubilities than 
TiN. Coarsening o f Ti(C,N) has been observed at a heat input o f 20 kJ/mm, which was attributed to 
reprecipitation o f Ti and C that had gone into solution during the heating leg o f the thermal cycle [4]. The 
fine NbC precipitates (<20 nm), may have a chance o f coarsening at locations where dissolution does not 
occur, i.e., the FGHAZ, ICHAZ and SCHAZ. Determination o f the likelihood o f coarsening, however, 
requires a knowledge o f the constant Ac, or a set o f experimental values o f coarsening to determine Ac.

5-4-3. Particle reprecipitation
As the weld sample cools down below the equilibrium dissolution temperature o f a precipitate 

during the cooling leg o f a weld thermal cycle, the solubility lim it for the microalloying elements, enriching 
the matrix due to dissolution during heating and part o f the cooling cycle, drops. The result is a tendency 
for reprecipitation, provided that the cooling rate is low enough to allow diffusion o f microalloying atoms. 
In most cases, however, cooling rates during welding are too high, leaving the matrix relatively 
supersaturated with microalloying elements.

There seems to be no kinetic analysis on reprecipitation o f the particles during welding in the 
literature and the cooling rates are too high to make thermodynamic calculations useful. However, some of 
the results o f isothermal precipitation experiments can give insight. It was reported that the precipitation o f 
Nb-rich carbonitrides at 900°C, even after 67% reduction (which is a very high amount o f deformation), 
can take up to a minute. With smaller amounts o f deformation, practiced in commercial rolling passes, the 
precipitation time could take several minutes or even several tens o f minutes [9], Remembering that in a 
weld thermal cycle holding at temperatures suitable for precipitation does not happen and there is no 
deformation to accelerate precipitation, it seems reasonable to accept that reprecipitation can be largely 
suppressed. I f  it happens, therefore, it should be restricted to reprecipitation in the form o f small-sized 
particles with short inter-particle spacing in the matrix or accumulation on the grain/sub-grain boundaries. 
This w ill result in some solid solution supersaturation in the HAZ, which not only increases the 
hardenability, but also increases the matrix strength.

Cementite precipitation may happen, however, as carbon supersaturation occurs, and the mobility of 
microalloying substitutional solutes becomes extremely low at sub-critical temperatures. This is another 
kinetic effect, which could not be predicted based on thermodynamic calculations, as the solubility o f 
cementite is much higher than that o f the microalloy carbides (Fig. 5-17).

5-5. Precipitate quantification
To have a systematic and scientific analysis o f precipitate alteration, quantitative analysis is 

required. As Kelly [30] states, “ It is only by expressing results in numerical form that w ill change electron 
microscopy from an art into a science.”  However, quantitative experimental analysis o f the precipitates is 
not trivial, especially with replicas. The objective o f this section is to demonstrate the difficulties in the 
quantification o f the precipitates by carbon extraction replicas. Some theoretical discussions are also 
presented.

5-5-1. Quantification problems
Ashby and Ebeling in 1966 [1] stated that the extraction replica method is not suitable for 

determination o f particle volume fraction, because the number o f precipitates captured by the replicas vary 
from replica to replica and the apparent number may not be the actual number. They indicated that volume 
fraction estimates could be in error by a factor o f two or more because o f this fact, and concluded that 
electron microscopy is not a good method for measuring volume fraction, and indirect methods (such as
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electrical resistance, chemical analysis, density, or magnetic methods) should be used. This, however, did 
not stop researchers from using replicas for volume fraction estimations o f precipitates (e.g., [31]).

Temperature °C 
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Fe.C
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FIG. 5-17. The solubility of cementite (Fe3C) in ferrite compared with the solubilities of microalloy carbides [9].

Dissatisfaction with the values o f precipitate volume fraction in Grade 100 microalloyed steel 
determined by replicas has been reported by Heglund et al. [32], Table 5-8 summarizes these results for 
various size ranges/types o f precipitate. The weight percent o f the metal consumed was also calculated 
according to the Equations 5-15 and 5-18, in reverse.

Table 5-8- Volume fraction of different types of precipitates in Grade 100 steel, after Heglund et al. [32]

Particle Size range, Composition Area Volume Wt% of M
type nm assumption fraction fraction consumed

I > 1 0 0 0 TiN 7.92E-04 2.23E-05 1.187E-03 Ti

II 100-300 TiNbCN 1.70E-03 1.13E-03 0.531E-03 Nb 
0.274E-03 Ti

III 25-100 TiNbCN 1.06E-04 7.06E-05 3.317E-03 Nb 
1.712E-03 Ti

IV 5-20 NbC 8.25E-04 5.50E-04 0.484 Nb
V <5 NbC 1.26E-02 8.4 IE-03 0.740 Nb

For the calculation in Table 5-8, the type o f precipitates in each size range was simplified. For the 
complex precipitates o f TiNbCN, it was assumed that there were equal fractions o f each element (as i f  they 
are half TiCN and halfNbCN). With this simple assumption, the densities o f TiCN, NbCN and TiNbCN 
were calculated based on the rule o f mixtures, and found to be 5.195, 8.135, and 6.665 g cm"3, respectively. 
The density o f binary carbides or nitrides o f Ti and Nb were found in the literature [9]. A density o f 7.9 g 
cm' 3 was assumed for the iron matrix.

The problem is that the volume fraction for the very fine particles (<5 nm) was overestimated. The 
amount o f Nb consumed (total o f 1.228%), based on the volume fractions determined from replicas, was 
much higher than that available in Grade 100 steel (0.094% Nb). Such a problem does not occur for Ti,
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where the total amount consumed in precipitate formation was estimated to be 0.003%, while there is 
0.060% Ti in the alloy. Note, that the fine precipitates were assumed to be pure NbC, which can lead to 
overestimation o f the amount o f NbC and the amount o f Nb consumed. It is known that they contain 
comparable amounts o f Mo and considerable amounts of Ti and V. This, however, can only account for a 
fraction o f the overestimation. The main factors that caused such an overestimation were likely incorrect 
estimation o f the sampling depth (depth o f matrix dissolved during replication) and not having enough 
resolution to estimate true sizes (TEM could not resolve the precipitate shape and size below 3-4 nm even 
at the highest magnifications [33], while it appears that Heglund et al. used a low magnification o f 
x50,000). Wagner et al. [33] believe that the main source for error in determination o f the volume fraction 
arises from the size measurement o f each particle (± 5 to 10%), and errors involved with the instrumental 
magnification (± 10%). This can result in an uncertainty in f v values o f up to 50%, as the first error enters 
the calculations with a factor o f three, and the second error with a factor o f two. Another reason could be 
overpopulation o f fine precipitates in a small, non-representative region (e.g., centreline o f the plate). 
Instances o f dissatisfaction and disagreement among the many different methods for precipitate 
quantification were reported in many other papers as well [2, 33-39]. As Wagner et al. [33] stated, the 
uncertainty for determination o f volume fraction is an “ inherent characteristic”  o f all methods.

5-5-2. Analytical methods other than TEM  replicas
Many other methods have been used for volume fraction estimation and some methods have shown 

more reliability than others. Kallqvist and Andren [40] used backscattered SEM for quantitative 
examination o f coarse microalloy precipitates (1-10 pm), and energy filtered TEM (EFTEM using thin 
foils) for fine microalloy precipitates (~30 nm). EFTEM was also used by Hattestrand and Andern [41] for 
measuring the volume fraction o f VC. The basis o f EFTEM, also known as electron spectroscopic imaging 
(ESI), is spatially resolved electron energy loss spectroscopy (EELS) [37], Hattestrand and Andern [42] 
had to apply EFTEM, as it was not possible to distinguish between different types of precipitates present in 
a chromium steel using a conventional TEM. There were different precipitates with overlapping sizes and 
similar shapes. EFTEM visualizes chemically different phases separately, by forming so-called “jump-ratio 
images”  o f the major metal elements. Hofer et al. [43] were able to detect some VN particles by EFTEM 
that were not detected by conventional TEM, as this technique provided a higher resolution (~2 nm). 
Because o f these advantages, fewer particles in each population need measuring for EFTEM than for TEM, 
for statistical reliability.

Haasen [44] has studied precipitate alteration for a number o f selected alloy systems by atom probe 
field ion microscopy (APFIM). He states that the best method o f resolving small precipitates is field ion 
microscopy (FIM), for size and morphology analysis, combined with an atom probe (AP) for analytical 
analysis. The size o f precipitates along an <hkl> direction is determined by counting the number o f (hkl) 
planes that have to be evaporated between the appearance and disappearance o f the particle. The chemical 
analysis o f the precipitate is conducted by measuring the time-of-flight o f the emitted ion, and then 
evaluating its mass-to-charge ratio.

Degischer et al. [34] used small angle neutron scattering (SANS) combined with APFIM to 
determine the various quantitative parameters, including volume fraction, o f y ’ (N i3Al), carbides and 
carbonitrides in a Nimonic A lloy (Ni-base superalloy). The ratio o f magnetic to nuclear scattering intensity 
from non-magnetic precipitates in a ferromagnetic matrix provides information about the composition o f 
the precipitates. Knowing the magnetic scattering length o f the matrix, the volume fraction o f precipitates 
can be obtained from the magnetic cross-section [37]. In comparison with TEM, SANS can provide 
quantitative information averaged over bulk samples (~ 1  cm3), such as the average size and shape of 
particles (or other defects), their volume fraction and their size distribution function. The drawback is the 
limitation for studying complex materials where different kinds o f microstructural defects can be present 
simultaneously. In that case, it is difficult to separate the contribution o f each defect in the SANS spectrum. 
Nevertheless, SANS is considered an attractive technique for physical metallurgy studies o f complex steels, 
provided that some complementary microscopic information (e.g., from TEM) is available [45]. 
Deschamps et al. [46] used small angle x-ray scattering (SAXS) for evaluation o f size and volume fraction 
o f copper precipitates, in an interstitial-free HSLA steel with a relatively low level o f copper (0.8 wt%). 
Preuss et al. [47] used high-resolution synchrotron x-ray diffraction profile measurements to obtain the 
volume fraction o f y ’ (N i3Al) across the welded region in a nickel-base superalloy.

One method that has recently been used by many investigators for volume fraction quantification is 
chemical dissolution and filtration. For instance, Jun et al. [13] extracted precipitates by electrochemically
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dissolving the matrix o f a low carbon microalloyed steel with a tetramethyl ammonium chloride solution, 
and then filtered them with a polycarbonate membrane filter. The filtered precipitates were dissolved in a 
buffer solution and mixed with 10% HC1 to perform ICP analysis. Alternatively, quantification o f the 
precipitates in the dissolved matrix could be performed by centrifuging the solution, drying and weighing 
the particles [34],

The uncertainties in the absolute values o f the volume fraction (or other quantitative parameters) o f 
precipitates lead to expression o f the parameters in relative forms, e.g., the ratio o f the volume fractions in 
the condition/location o f interest to the corresponding value in the as-received BM, for the same type or 
size range o f the precipitates [48]. This is, however, only valid when the precipitate distributions in the 
original or as-received state are measured over a representatively large area. Variation in precipitate 
distribution over different areas/sections can produce unacceptable errors. Also note, the problems 
associated with measurement o f volume fraction do not extend as much to precipitate size distribution 
analyses [2 ].

5-5-3. Modification of the existing theories§
From the discussion above, it seems that the problems associated with determining volume fraction 

can depend on the precipitate size or size distribution. The problem with precipitates o f one size range can 
be different from the problem o f those with several size ranges, such as those in Grade 100 steel. In both 
cases, however, underestimation o f the sampling depth o f the iron matrix appears to be the major problem.

5-5-3-1. M atrix with one type/ size-range of particles
Ashby and Ebeling [1] used a factor o f X  (average particle diameter) in conversion o f “ number 

per unit area” , Ns, to “ number per unit volume” , N v, i.e.:
N v =  N s /  x  (5-28)

The volume fraction,/k, was approximated as:

f v = ~ N I, x i (5-29)
6

It seems that, at least as a lower bound, a factor o f 2 x  could be used in Equation 5-28, since the 
particles that can be attached to the replica come from a depth o f matrix measuring 2 X  , as shown 
schematically in Fig. 5-18. This would result in a calculated value for volume fraction which is half o f that 
estimated by Equation 5-29.

■ ‘ •' • 'Replica

2 x

FIG. 5-18. Schematic suggesting a correction factor o f'A  in calculation of//(/(modified from the work o f Ashby and
Ebeling [1]).

This approach can also be applied to the large particles in Grade 100 inicroalloyed steel. The large 
TiN cuboidal particles (2-8 pm) can be observed by OM. The particles stand out o f the polished and etched 
matrix, as they are harder than the matrix and inert to the etching. Fig. 5-19a schematically shows the depth 
they correspond to. An average size is again assumed.
d M = a  . x  (5-30)

§ A  version o f this section has been published. K. Poorhaydari, B.M. Patchett and D.G. Ivey, 2005. Proc., Conference 
o f Metallurgists 2005 -  the international symposium on pipelines for the 21 st century, pp. 231 -247.
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a is the depth factor (in reality l<a<2) and dM is the sampling depth to be measured. There are two extreme 
cases, i.e., a= 1 and a=2 , which provide upper bound and lower bound conditions, respectively, for 
calculation o f the volume fraction.

.J X  j*__

d lt = a .x

Iron matrixa) Real situation: l<a<2

b) Upper-bound situation: a=

4
y

y f / . J -
d M — 2 x

c) Lower-bound situation: a=2

FIG. 5-19. Schematic demonstration o f the sampling depth in replica preparation in case o f a matrix with one type/size-
range o f particles.

Area fraction,/), and volume fraction, f v, for cubic particles can be calculated as follows:
2 —2E x. n.x

' ' - - f —  <5-3,)

f - = f 5 "  *  ̂  = —  <5-32)b .a .x  a.c> a
where x t is the individual particle size, x  is the average size, S is the area o f the sample over which the 
particles are counted, n is the total number o f particles counted and a is the depth factor described above. 
Note that the conversion equation for f A to f v for spherical precipitates w ill have an inherent factor o f 2/3 
(arising from the conversion o f area o f a circle to the volume o f a sphere [30]) in addition to a introduced 
here, i.e.:

2  / ,
f v  =  - z r  <5-33)3 a

5-5-3-2. M atrix with more than one type/size-range of particles
In a matrix with several types/size ranges of particles (as in most HSMA steels), it seems that 

replicas do not detach from the sample until the largest group o f precipitates captured by them is free from 
the matrix (Fig. 5-20). Since some o f the largest precipitates may already be exposed on the surface (after 
light etching), the depth o f the matrix needed to be dissolved away, dM, can be formulated as: 

d M = rj ■ d v (5-34)
dp is the particle size o f the largest precipitates captured by the replica and ;/ is the depth fraction o f these 
particles still in the matrix. For simplicity, this factor can be assumed to be 1 as a first approximation. 
According to this approach, the volume fraction o f each group o f precipitates can be corrected by a factor
o f x J d M, where x) is the average size o f particles in the i'h group. This gives a volume fraction o f 

spherical particles and cuboidal particles according to Equations 5-35 and 5-36, respectively.
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Finp nartirlp Carbon replica
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FIG. 5-20. Schematic demonstration of the sampling depth in replica preparation for the case of a matrix with several
types/size-ranges of particles.

Note that N v should still be calculated according to Equation 5-28. This correction w ill be very 
large for very small particles, when for instance X = 4 nm and d^= 400 nm. The assumption is that all the 
precipitates, released during dissolution o f the surface, stick to the replica by Van der Waals forces. Since 
all fine precipitates are not likely captured by the replica, this approach can calculate a lower bound.

It should be noted that the general idea behind this model is not new and can be found in earlier 
works [2, 49, 50]. The application to a matrix with several size-groups o f precipitates and the explanations 
can be considered as supplementary. Note that Equation 5-35 still differs from a similar equation proposed 
by McCall and Boyd [49] by a factor o f two. Also, it can be added that the estimation o f the sampling 
depth, dM, based on the size o f the largest particle on the replica may still be an underestimation. There are 
particles in HSMA steels that are a few microns in size (e.g., large TiN particles in Grade 100 steel). 
Particles larger than 1 pm are not usually captured on the replicas, as they are too large to be supported by 
replicas [51]. Nevertheless, they can still anchor the replicas during the final etching process. The replicas 
finally float o ff leaving a large hole in them (outline o f the large particle) or get torn from the location o f 
some o f these large particles.

5-6. Experimental procedure
Metallographic samples were prepared according to the procedure explained in Section 3-5. A 

conventional carbon extraction replica method was used to make TEM samples from four distinct regions, 
namely the BM, ICHAZ, FGHAZ and CGHAZ. Fig. 5-21 shows schematically the procedure for making 
carbon extraction replicas. The metallographically prepared and polished surface was etched with 2% Nital. 
This solution makes some precipitates protrude from the surface. The sample is then coated with carbon, 
and then placed in 5% Nital until the replica is separated from the substrate and floats away. The replica is 
then picked up with a carbon grid, which also acts as a support for the replica in the TEM. Extraction 
carbon replicas make very good TEM samples for examination o f precipitate type, morphology, and size 
distribution, without having to deal with the iron matrix. The iron matrix in thin-foil TEM samples diffract 
most o f the electrons and make it difficult to clearly view the precipitates, in either bright-field (BF) or 
dark-field (DF) modes, and to analyze their chemical composition by energy dispersive x-ray (EDX) 
spectroscopy. It is worth mentioning that although carbon replicas are most widely used for extraction o f 
precipitates, aluminium replicas have also been used for this purpose [ 1 2 ].

Relatively site-specific carbon replicas were prepared by masking o ff regions o f interest on the 
metallographically prepared samples from the longitudinal weld sections, wherever possible. Longitudinal 
sections provide larger parallel-sided sub-regions, which are easier for replica formation compared with 
transverse sections. The sample from the ICHAZ o f the 2.5 kJ/mm weld section was prepared from the

—  4

(5-35)

—  4

(5-36)
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transverse section, as this sub-region does not appear on the longitudinal section. A ll samples were 
examined in a JEOL 2010 TEM operated at 200 kV and equipped with an ultra thin window EDX system.

(a) (b)

FIG. 5-21. Schematic of carbon extraction replica procedure: a) polished surface; b) etched surface; c) carbon coated
surface; d) extracted replica with precipitates.

5-7. Results and discussion
5-7-1. Qualitative analysis of precipitates in different sub-zones

Results o f TEM precipitate analysis in the different sub-regions o f the HAZ, namely the ICHAZ, 
FGHAZ and CGHAZ, are reported below. The effects o f variation in the heat input are also provided and 
discussed for each sub-region. Some o f the analysis on the BM is also presented here, as a baseline for 
comparison o f the alterations in the HAZ. Different types o f precipitates in the BM were discussed in 
Chapter 1. Large TiN precipitates (type 1; Section 12-3-3-1) were not studied here as they do not contribute 
to the strength or austenite grain-growth control due to their size, and do not change much during the 
typical weld thermal cycles in the HAZ due to their stability. These are cuboidal TiN particles, 2-8 pm in 
size, sometimes attached to inclusions (Fig. 5-22). They are the only particles in Grade 100 that are visible 
in an optical microscope. They occupy an area fraction o f 7.92xl0'4 and a volume fraction o f 2.23xl0'5 in 
Grade 100 steel, as estimated by Heglund et al. [32], The estimated total volume fraction o f TiN from the 
precipitate analysis of Section 5-3-2 was 7.07xl0"4 (Table 5-4). It seems that the measured value is an 
underestimation, likely due to examination o f a region with a non-representative distribution. The BM is 
very inhomogeneous with respect to TiN distribution, as it forms during solidification and reheating. For 
the same reason, many TiN precipitates may form near the centreline and therefore the rest o f the plate can 
be low in TiN.

FIG. 5-22. Optical image from the BM showing a large TiN particle (~8 pm).
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5-7-1-1. BM
Fig. 5-23 shows a mosaic o f relatively low-magnification micrographs obtained from the BM o f the 

Grade 100 steel. A relatively uniform distribution o f precipitates o f different sizes is apparent. The 
precipitates are better resolved at higher magnifications. The area indicated in Fig. 5-23 is magnified in 
Fig. 5-24a. Two types o f intermediate-size precipitates, types 2 and 3 (Section 2-3-3-1), are visible. One o f 
the Ti-rich particles in Fig. 5-24a (indicated by the arrow) is further magnified in the accompanying inset. 
The particle actually consists o f multiple particles, i.e., several Nb-Ti carbonitrides (denoted by the arrows) 
growing epitaxially on the cuboidal Ti-rich particle. The epitaxial growth is favourable as the decrease in 
interfacial free energy between the Nb-rich “ cap” and TiN “ core”  is much larger than the increase in strain 
energy from the small lattice misfit (-2%) [14], EDX spectra (Fig. 5-24b and c) show roughly the 
composition o f each (there are always signals from the areas around the target point). Most o f the C 
detected is likely from the C support film. The Cu peaks are from the copper grid, which supports the 
carbon film.

Although the elemental analysis here (EDX) could not show the composition o f intermediate-size 
and fine precipitates with respect to C and N, the analysis o f Section 5-3-1 showed that these particles are 
carbides rather than nitrides, as most o f the N would be tied up with Ti at the higher processing 
temperatures (precipitate type 1).

FIG. 5-23. Mosaic of TEM micrographs at low magnification from the BM of the Grade 100 steel.

Fine precipitates, primarily Nb-rich carbides and responsible for most o f the precipitation hardening 
in these steels, were uniformly distributed throughout the steel (Fig. 5-24d). Two size ranges were 
distinguishable; type 4, 10-20 nm size range, and type 5, less than 5 nm in size. Type 4 is likely strain- 
induced precipitates that form in austenite and type 5 are general precipitates that form in ferrite. These 
particles are too small to generate a good EDX spectrum from an individual particle. However, EDX 
spectra from the fine precipitates extracted by chemical dissolution o f the matrix showed that they were
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essentially Nb-Mo carbides with some Ti and V. Fig. 5-25a shows these particles placed on a carbon 
replica after extraction by Lu et al. [24].. The EDX spectrum from the region indicated in Fig. 5-25a is 
shown in Fig. 5-25b. The microalloying elements and iron come from the carbide precipitates, Si comes 
from Si02 particles likely formed during dissolution o f the matrix or after, Ca comes from the water and Cu 
comes from the copper grid.
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FIG. 5-24. TEM bright-field (BF) images and EDX spectra from the BM of the Grade 100 steel: a) a BF image of the 
region indicated in Fig. 5-23 showing some intermediate-size precipitates; b) EDX spectrum from the Ti-rich 

carbonitride in the inset of (a); c) EDX spectrum from one of the Nb-rich carbonitrides in the inset of (a); d) a BF
image showing the dispersion of fine precipitates.

An important point is that the amount o f intermediate-size precipitates was found to vary greatly 
from section to section. Fig. 5-26 shows a mosaic o f TEM micrographs from another section in the BM. As 
can be readily seen, the number o f intermediate-size particles is much lower than for the section in Fig. 5- 
23. The other difference is the presence o f many Fe-rich particles (Fig. 5-27a and b) relative to Ti-Nb 
carbides (Fig. 5-27c). SAD analysis (not shown here) showed that the Fe-rich particles are cementite. This 
makes the amount o f Ti-Nb carbides for the section shown in Fig. 5-26 even lower than what would be 
apparent initially. The precipitate distribution has had a considerable effect on the grain size and shape too. 
The fine particles were still in abundance in the matrix (Fig. 5-27d).
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FIG. 5-25. A  BF image from fine particles (a), and the corresponding EDX spectrum (b), obtained by chemical
dissolution method [24].

FIG. 5-26. Mosaic o f TEM micrographs at low magnification from the BM o f the Grade 100 steel.
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FIG. 5-27. TEM-BF images and EDX spectrum from the BM o f the Grade 100 steel: a) a BF image o f the region 
indicated in Fig. 5-27 showing several cementite precipitates; b) EDX spectrum from the sliver-like precipitates in (a); 

c) BF image showing a Ti-Nb carbonitride and some very small iron carbides (denoted by arrows); d) a BF image
showing dispersion o f fine precipitates.

Differences in precipitate distribution are probably due to segregation during solidification and lack 
o f homogenization in the subsequent processing stages with respect to the microalloying elements in the 
plate. The semi-equilibrium hold at the reheating temperature depletes the matrix o f excess Nb and Ti, and 
gives a precipitate distribution according to the level o f these microalloying elements in those sections. The 
amount left in the matrix would not depend much on the initial local amount o f solutes and, therefore, the 
general precipitation that happens later is more or less the same in most regions. Low levels o f 
microalloying elements in the section shoivn in Fig. 5-26, however, paves the way for formation o f 
cementite upon cooling. A too high volume fraction obtained from the mosaic o f Fig. 5-23, which did not 
match with the mass balance (Section 5-5), supports the possibility that the microstructure examined in that 
section was not a representative one and locally had a high density o f precipitates.
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5-7-1-2. IC H A Z
Fig. 5-28 shows mosaics o f TEM micrographs from the ICHAZ for different heat input values. The 

apparent distributions o f intermediate-size precipitates are closer to that o f the BM section shown in Fig. 5- 
26. These precipitates are not expected to have changed in this sub-region. The kinetic analysis o f Section 
5-4-1 showed that a combination o f a relatively low peak temperature and a fast thermal cycle does not 
cause any dissolution o f Nb carbides (applicable to intermediate-size Nb-rich carbides). Again, it should be 
emphasized that quantitative comparison o f these particles may lead to erroneous conclusions, as they vary 
drastically from section to section, in particular at regions with peak temperatures lower than NbC 
dissolution temperature, i.e., the FGHAZ, ICHAZ and BM.

IC H A Z-0 .5  kJ/mm
The replicas for the heat input o f 0.5 kJ/mm still show many precipitate sites at higher 

magnifications. Fig. 5-29a and b show some o f the intermediate-size Ti-rich and Nb-rich precipitates. Some 
are on the grain boundaries and some are within the grains. A group o f two intermediate-size precipitates 
attached together is shown at a higher magnification in Fig. 5-29c with the corresponding EDX spectrum in 
Fig. 5-29d. The high Ti peak comes from the Ti-rich particle and the high Nb peak comes from the Nb-rich 
particle. There were also some regions o f irregular particles close to the grain or sub-grain boundaries, as 
shown in Fig. 5-29e, where the compositions are labeled for several particles. Some are rich in Nb with 
different amounts o f Ti, V and Mo. Fig. 5-29f shows an example o f an EDX spectrum from a very small 
particle (-20 nm) circled in Fig. 5-29e. Some other particles are rich in Fe. The Fe peak likely arises from 
iron carbides, in particular cementite. Cementite could have been originally in the microstructure, as it has 
been detected in the BM.
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FIG. 5-28. Mosaics of TEM micrographs from the ICHAZ: a) 0.5 kJ/mm; b) 1.5 kJ/mm; c) 2.5 kJ/mm.
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FIG. 5-29. TEM-replica of precipitates in the ICHAZ-0.5 kJ/mm: a), b) and c) BF images showing the intermediate- 
size precipitates; d) EDX spectrum from the particle in (c); e) regions of fine irregular precipitates at grain boundaries;

1) EDX spectrum from the particle circled in (e); g) EDX spectrum from the bare replica; h) Sliver-like Nb-rich
particles.

The Si peak, present in almost all the spectra from the replicas, likely comes from the carbon rod or 
dust in the carbon evaporator system. The other possibility is that the Si from dissolving the matrix during 
replica preparation forms an oxide, producing a thin amorphous layer on the replica. An EDX spectrum 
from a bare region on the replica (where there are no particles) shows some amount o f Si (Fig. 5-29g). 
TEM examination in BM and HAZ showed that intermediate-size Nb-rich particles could have several 
kinds o f irregular shapes. Fig. 5-29h shows some sliver-like Nb-rich particles.

It was shown that the fine particles in the BM had considerable amounts of Mo, Ti and V, which 
increases the solubility o f these particles relative to that o f NbC. Moreover, it is known that fine 
precipitates are thermodynamically less stable than larger ones. Therefore, it is possible that the very fine 
particles in this sub-region are dissolved during the heating leg and reprecipitated back during the cooling 
leg o f the thermal cycle (especially in the grains that have transformed to austenite and re-transformed back 
to ferrite). Fig. 5-30 shows two types o f fine-precipitate distributions. An example o f local colonies o f fine 
Nb-rich particles is shown in Fig. 5-30a. This type o f distribution could be either a result o f dissolution o f 
intermediate Nb-rich particles during the heating leg o f the thermal cycle or an artifact.

In the case o f dissolution, the solutes enrich the matrix locally and do not diffuse very far due to the 
short time o f the thermal cycle. Upon cooling the solutes could reprecipitate in the form o f very fine 
particles in close proximity. The complete dissolution o f intermediate-size Nb-rich particles was not 
expected in this sub-region, however. An alternative explanation for the observed distribution is the 
coalescence o f particles during replica preparation. It is known that the sampling volume during the etching 
o f the matrix is several times larger than the size o f fine precipitates. Therefore, fine particles may move in 
the solvent, stick together and stick to the replica by Van der Waals forces. Overestimation o f the volume 
fraction for these particles (Section 5-5) supports this theory.

The corresponding SAD pattern, DF image from part o f the ring in the SAD pattern and the EDX 
spectrum o f the precipitates in Fig. 5-30a are shown in Figs. 5-30 b-d. The ring pattern in the SAD pattern 
is a result o f various orientations among the particles. Either this is due to the fast cooling rates that do not 
allow precipitation with a preferred orientation relationship with the matrix, or the particles have randomly 
agglomerated during the replica preparation. The presence o f comparable amounts of elements, such as Mo, 
T i and V, in the EDX spectrum o f Fig. 5-30d is similar to that o f the BM.

The other type o f fine particle distribution is uniform dispersion within the matrix. Fig. 5-30e shows 
a DF image, taken under the same condition as shown in Fig. 5-30b, from within the grains. The 
morphology may be the result o f dissolution o f the original fine precipitates (types 4 and 5) and 
reprecipitation around the same locations, in the grains transformed to austenite, or the original fine 
precipitates, especially in the grains not experiencing re-transformation.
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FIG. 5-30. Fine precipitates in the ICHAZ-0.5 kJ/mm sample: a) BF image; b) SAD pattern from the precipitates in (a); 
c) DF image from the part o f the ring circled in (b); d) EDX spectrum from precipitates in (a); e) DF image under the

same condition as (c) but from another region.

IC H A Z —1.5 kJ/mm
Fig. 5-31 shows some of the intermediate-size precipitates in the ICHAZ o f the 1.5 kJ/mm weld 

sample. The cuboidal Ti-rich particle in Fig. 5-3 la, about 300 nm in size, has pinned a grain boundary. The 
corresponding SAD pattern and EDX spectrum from the particle show that it is indeed a Ti carbonitride 
with a face-centered cubic structure (Fig. 5-3 lb  and c). Most o f the intermediate-size particles have pinned 
the grain-boundaries.

Fine precipitates (<10 nm) were dispersed throughout the grains (Fig. 5-3Id). No segregation to the 
grain boundaries was observed. It seems, however, the fine precipitates have different densities in some 
neighboring grains (e.g., Fig. 5-3 le). The reason for this is not clear. Colonies of fine precipitates, similar
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to those seen with low heat input (Fig. 5-3 la), were not seen in this sample. I f  this was due to dissolution o f 
intermediate-size Nb-rich particles, it is likely that the slower thermal cycle at this heat input allowed more 
diffusion and less concentration o f solutes.
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FIG. 5-31. TEM examination of precipitates in ICHAZ-1.5 kJ/mm: a) BF image from an intermediate-size Ti-rich CN; 
b) SAD pattern; c) EDX spectrum from the particle in (a); d) BF image from an intermediate-size Nb-rich CN; e) and 1)

BF images of fine precipitates.
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IC H A Z —2.5 kJ/mm
TEM examination o f the precipitates in the 2.5 kJ/mm weld samples showed similar distributions to 

those seen in the 1.5 kJ/mm sample. Two regions with several intermediate-size precipitates (not 
representative o f most regions) are shown in Fig. 5-32a and b. Again, most o f the particles pinned the grain 
boundaries. EDX analysis showed a higher number o f Ti-rich particles than Nb-rich particles. This, i f  
representative of the sub-region, can be due to dissolution o f the Nb-rich caps (in the case o f several 
particles attached together) or shells (in the case o f particles with coring), as a result o f the lengthier 
thermal cycle relative to the other heat inputs, especially 0.5 kJ/mm.

The fine precipitates were re-distributed similar to those with a heat input of 1.5 kJ/mm. Again, it 
was observed that some neighboring grains had different precipitate densities (Fig. 5-32c). There was, 
however, some packing along the grain boundaries (Fig. 5-32d). The region indicated in Fig. 5-32d is 
further magnified in Fig. 5-32e, where some fine particles roughly 5 ± 3 nm in diameter are shown on a 
grain boundary. Fig. 5-32f shows the corresponding EDX, revealing the particles were Nb carbides with 
some amount o f Mo, Ti, V and Fe. There have been reports that iron was found in the small Nb/V carbides. 
The percent o f iron increased as the size o f particles decreased [2], This confirms the well-known 
observation that the precipitates may have non-equilibrium compositions. The addition o f iron to the NaCl 
lattice o f transition metal carbonitrides results in formation o f an (Fe, M)xCyNz compound with 
significantly larger particle volume fraction than that calculated based on the stoichiometry ratio. However, 
the addition o f Mn would result in a decrease in the Fe level in the particles [52].
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FIG. 5-32. TEM examination o f precipitates in the ICHAZ-2.5 kJ/mm: a) and b) BF images showing some 
intermediate-size Ti-rich precipitates; c-e) BF images from fine precipitates; f) EDX spectrum from the fine particles in

(e).

5-7-1-3. FGHAZ
Fig. 5-33 shows mosaics o f TEM micrographs from the FGHAZ for different heat input values. 

Although some o f the intermediate-size precipitates show partial dissolution, most o f them are not changed 
in this sub-region. The fine precipitates rich in Nb and Mo must have dissolved and reprecipitated due to 
their higher effective solubilities. The precipitates in this sub-region w ill be examined for each weld sample 
in the following sections.

FGHAZ-0.5 kJ/mm
The region indicated in Fig. 5-33a is shown in Fig. 5-34a, and further magnified in Fig. 5-34b, where 

some o f the intermediate-size precipitates are better resolved. A Ti-rich, a Nb-rich and a region o f partially 
dissolved precipitates are visible in Fig. 5-34b. The region o f partial dissolution is further magnified in Fig. 
5-34c. EDX spectra (not shown) obtained from the partially dissolved particle showed peaks o f Ti and Nb. 
This region consists o f remains o f a Ti/Nb carbonitride, on which fine particles o f NbC have reprecipitated. 
This is better discerned in the accompanying DF image obtained from part of the (11 l)-NbC and (200)- 
NbC rings. Reprecipitation on the remains o f partially dissolved particles is again a result o f the fast 
thermal cycle for this heat input, where the solutes remain around the partially dissolved particle.
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FIG. 5-33. Mosaics o f TEM micrographs from the FGHAZ: a) 0.5 kJ/mm; b) 1.5 kJ/mm; c) 2.5 kJ/mm.

Examination o f the matrix region indicates that there is a fine distribution o f sub-10 nm particles 
(Fig. 5-34e). The two smallest size precipitates originally in the BM (10-20 nm and <5 nm particles; Fig. 5- 
24d) must have dissolved during heating and reprecipitated during cooling. Some o f these fine particles 
appear in the accompanying DF image (Fig. 5-34f) obtained from the same condition as in Fig. 5-34d. DF 
images have better contrast, but they may tend to show the sizes as being slightly larger. These precipitates 
are essentially complex carbides o f Nb, Mo, Ti and V and, therefore, have higher solubilities than pure 
NbC. Their instability is increased by their small sizes.

Electron energy filtered images, using a Gatan image filtering (GIF) system, o f two types o f 
intermediate-size particles are shown in Fig. 5-35. Fig. 5-35a shows a partially dissolved particle. The 
remaining particle is richer in Ti, meaning most o f Nb has dissolved. Nevertheless, Ti and Nb elements are 
mixed within the region. Fig. 5-35b shows a group o f particles, seemingly unaffected by the thermal cycle, 
consisting o f TiN in the middle and two NbC caps attached to it. The GIF images show that Ti is present 
only in the cubic part in the middle; it must have formed at higher temperature. These two cases confirm 
the results o f the analysis o f Section 5-3-1, that Ti precipitates first as TiN (Fig. 5-35b) and the remaining 
Ti forms as TiC within the temperature range o f NbC precipitation and, therefore, can form mixed carbides 
with Nb (Fig. 5-35a).

FGHAZ-1.5 kJ/mm
Fig. 5-36 shows precipitates in the FGHAZ o f a 1.5 kJ/mm weld sample. The distribution o f Nb-rich 

intermediate-size particles (Fig. 5-36a) and Ti-rich intermediate-size particles (Fig. 5-36b) did not seem to 
change considerably in this sub-region. Fine precipitates, however, seemed slightly larger than those in the 
FGHAZ o f the 0.5 kJ/mm weld sample. Nevertheless, the fine precipitates were still uniformly dispersed in 
all grains.

FGHAZ-2.5 kJ/mm
The intermediate-size precipitate distribution in the FGHAZ for the 2.5 kJ/mm weld sample was similar to 
that in the lower heat inputs. Almost all these precipitates were at the grain boundaries. These precipitates 
pin the prior austenite grain boundaries. Nucleation o f ferrite grains at the grain boundaries w ill leave these 
particles at the grain-boundaries o f the final microstructure. Fig. 5-37a shows several groups o f precipitates. 
Each group consists o f two or more Ti-rich and Nb-rich precipitates attached together. The region marked 
in Fig. 5-37a is shown in Fig. 5-37b at a higher magnification. EDX analysis (not shown here) showed that 
some regions (indicated by circles) are rich in Nb and some rich in Ti. This is likely a location where 
several intermediate-size particles existed in the BM. Some o f these particles, or part o f them, were 
dissolved during the weld thermal cycle and reprecipitated as smaller particles around the region. This, 
however, was seen only in few places. Overall, the intermediate-size precipitate distribution in the FGHAZ 
(all heat input values) was not changed much.
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FIG. 5-34. TEM images o f precipitates from the FGHAZ-0.5 kJ/mm: a) and b) BF images, at different magnifications, 
showing some intermediate-size precipitates; c) partially dissolved precipitate in (b) at higher magnification; d) 

corresponding DF image o f the particle in (c); e) fine precipitates within the grains; f) DF image showing some fine
precipitates in (e).
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FIG. 5-35. GIF images o f two intermediate-size particle groups: a) TEM-BF image o f a partially dissolved Ti-Nb 
carbonitride; b) TEM-BF image o f a Ti-rich cubic particle and two Nb-rich caps attached to it. Note the bright regions 

in the accompanying GIF images indicate the distribution o f the element tagged on the image.

Fig. 5-37c shows a ferrite grain with no intermediate-size particles, but covered with fine 
precipitates. The size distribution o f these fine precipitates is not very different from those in the previous 
samples (i.e., heat inputs 0.5 and 1.5 kJ/mm). It appears that some are aligned along a direction indicated 
by the arrow. This could be a result o f interphase precipitation, where the fine carbides have a sheet 
distribution perpendicular to the austenite-ferrite interface movement direction during the transformation. 
This can happen at this heat input, as the cooling rate was relatively low (a mean cooling rate o f ~8 °Cs‘ ' -  
Table 3-4). This was discussed in Section 5-2-4. Nevertheless, interphase precipitation does not seem to be 
a major mechanism o f precipitation even in this sample. Overall, the fine precipitate distribution seemed to 
be more or less the same in the FGHAZ for all heat inputs. This means there should not be considerable 
change in the portion o f strength coming from dispersion strengthening. This point w ill be discussed further 
in Chapter 8 .

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



102

FIG. 5-36. TEM examination o f precipitates in FGHAZ-1.5 kJ/mm: a) BF image showing an intermediatc-size Nb-rich 
carbonitride at a grain boundary; b) BF image showing several intermediate-size Ti-rich carbonitrides; c) and d) fine

precipitates at two magnifications.

5-7-1-4. CGHAZ
Fig. 5-38 shows mosaics o f TEM micrographs from the CGHAZ for different heat input values. 

There is a considerable change, both in the intermediate-size precipitates (especially at higher heat inputs) 
and the fine precipitates, as w ill be shown here. There are two mosaics for the heat input o f 1.5 kJ/mm. 
These two represent different precipitate characteristics. One has a considerable amount o f sliver-like sub
micron iron-rich particles, in addition to the intermediate-size microalloy carbonitrides. Several sections 
were examined. Some did not have these particles but many did. The precipitates in this sub-region w ill be 
examined for each weld sample in the following paragraphs.

CGHAZ-0.5 kJ/mm
Fig. 5-39a shows the region indicated in the mosaic o f Fig. 5-38a at higher magnification. This 

region, which consists o f some small Nb-rich particles and a region o f partial dissolution and 
reprecipitation, is further magnified in Fig. 5-39b. The EDX spectrum (Fig. 5-39c) from the region o f
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partial dissolution indicated in Fig. 5-39b shows a large peak o f Ti and a smaller peak o fN b. The SAD 
pattern from the same region shows a quasi-ring pattern. This indicates that there are several precipitates 
(with different orientations) in that region. The pattern belongs to the fee crystal structure o f Nb-Ti 
carbonitrides. The DF image (Fig. 5-39e) from part o f the 111 - and 200-rings shows that the formation o f 
the quasi-ring pattern is the result o f diffraction from the fine precipitates on the remains o f the larger 
particle (rich in Ti). A ll these analyses indicate that the intermediate-size precipitate was likely a complex 
Ti-NbCN. As a result o f the thermal cycle, the Nb-rich shell o f the complex particle has dissolved. The fast 
thermal cycle does not allow Nb to diffuse very far out from the particle, and the region remains locally 
high in the solute. Fine NbC particles reprecipitate out on the remaining Ti-rich precipitate, probably in the 
austenite. There were also some regions with little or no apparent alteration. Fig. 5-39f shows a cuboidal 
Ti-rich particle and a spherical Nb-rich particle, similar to those observed in the BM and the other sub- 
regions o f the HAZ. It should be remembered that the reduction in the number o f intermediate-size 
precipitates depends on the distance from the fusion line, even within the CGHAZ. This was well 
illustrated through the precipitate analysis o f Section 5-4-1.

Ti-rich and Nb-rich 
particles together

FIG. 5-37. TEM-BF images o f precipitates in the FGHAZ-2.5 kJ/mm: a) three groups o f intermediate-size carbonitrides 
at grain boundaries; b) magnified region in (a), showing regions o f mixed precipitates; c) a grain free o f intermediate- 

size precipitates; d) fine precipitates in the region marked in (c).
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FIG. 5-38. Mosaics of TEM micrographs from the CGHAZ: a) 0.5 kJ/mm; b) and c)1.5 kJ/mm; d) 2.5 kJ/mm.
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The most important feature o f the precipitate evolution in this sub-region and for this heat input, is 
the suppression o f the reprecipitation of Nb-Mo carbides in the matrix. Fig. 5-39g shows the lath martensite 
region devoid o f fine precipitates. The fine Nb-Mo carbides that were present in the BM dissolve during the 
heating portion o f the welding process and do not reprecipitate during the cooling portion, since the rapid 
cooling and transformation to martensite retain all the solutes in the matrix.

CGHAZ-1.5 kJ/mm
As mentioned earlier, the CGHAZ o f the 1.5 kJ/mm weld sample had a particular precipitation 

characteristic, i.e., the presence o f sliver-like Fe-rich particles in most regions within the matrix and in 
some regions at the lath boundaries. Most o f the intermediate-size particles were either cuboidal Ti-rich 
particles or sliver-like Fe-rich particles. Fig. 5-40a shows a region with some Fe-rich and some Ti-rich 
precipitates. A region with several cuboidal Ti-rich carbonitrides is shown in Fig. 5-40. Nb-rich particles 
were also observed, but they had very small sizes (Fig. 4.40c and d), some with spherical shapes (as 
opposed to irregular shape in the BM) showing various amount of dissolution (in agreement with the 
precipitate analysis predictions). There was not much evidence o f regions o f partial dissolution and 
reprecipitation, as observed in the FGHAZ and CGHAZ o f the 0.5 kJ/mm weld sample. This was likely due 
to the slower thermal cycle that allowed for more uniform dissolution as well as diffusion o f dissolved 
atoms to other regions. Reprecipitation o f dissolved fine particles was observed with different distributions 
on different replicas. Some replicas/regions showed very little reprecipitation (Fig. 5-40e), while some 
replicas/regions showed considerable reprecipitation (Fig. 5-40f). This shows a transition state between 
suppression (as in the 0.5 kJ/mm weld sample) and reprecipitation (as in 2.5 kJ/mm weld sample -  next 
section) for this thermal cycle. Note, where there are significant numbers o f fine precipitates, they are 
slightly larger in average and more dispersed than those in the BM, ICHAZ and FGHAZ. This suggests 
higher degree o f solid solution strengthening and lower degree o f dispersion strengthening (Chapter 8 ).

Fig. 5-4la  shows a region with a considerable amount o f intragranular Fe-rich particles. The sliver
like morphology o f these particles is better discerned at higher magnification (Fig. 5-41 b). EDX analysis 
showed they are rich in Fe with a small amount o f Mn (dissolved in the particle, partially replacing Fe). 
SAD patterns tilted close to zone axes were indexed to cementite (Fe3C). This could not be mistaken for 
any microalloyed precipitates, retained austenite/martensite or the ferrite-matrix (either plucked out as an 
artefact o f replication or from twinned regions -  Chapter 5), as the lattice parameters o f cementite (with an 
orthorhombic crystal structure) are almost double those o f the above-mentioned structures (with cubic 
crystal structures). The formation o f cementite can be a result o f a moderate cooling rate during this weld 
thermal cycle (1.5 kJ/mm), being too fast for more stable microalloyed carbides. The availability o f Fe 
atoms for the formation o f cementite compensates for its higher solubility compared to microalloyed 
carbides. The regions with intragranular cementite have the microstructural characteristics o f lower bainite 
or auto-tempered martensite.
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FIG. 5-39. TEM replica images o f precipitates in the CGHAZ-0.5 kJ/mm: a) partially dissolved intermediate-size 
precipitates; b) magnified region in (a), showing two Nb-rich carbonitrides and a region o f partial dissolution and 

reprecipitation; c) EDX spectrum from the region marked in (b); d) SAD pattern from the region marked in (b); e) DE 
image from the part o f the rings marked in (d); 1) Ti-rich cuboidal particle and a spherical Nb-rich particle; g) matrix o f

lath martensite devoid o f fine precipitates.
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FIG. 5-40. TEM replica images o f precipitates in the CGHAZ-1.5 kJ/mm: a) region o f mixed precipitation o f Fe-rich 
and microalloy precipitates; b) region with several intermediate-size cubioidal Ti-rich particles; c) region with some 
intermediate-size Nb-rich particles; d) magnified region marked in (c) showing spherical Nb-rich carbides; e) matrix 

with a small amount o f fine precipitates; 0 matrix with a considerable amount o f fine precipitates.
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FIG. 5-41. TEM replica images o f sliver-like Fe-rich particles in the CGHAZ-1.5 kJ/mm: a) a region with many 
intragranular precipitates; b) morphology o f particles in (a); c) EDX spectrum from the region indicated in (b); d) SAD 

pattern from the region indicated in (b), showing the particles are cementite.

CGHAZ—2.5 k.J/inm
Fig. 5-42a shows some large cuboidal TiN particles, 1-2 pm in size. These particles are normally too 

large to be captured by the replicas. Some o f them have pinned a prior austenite grain boundary. 
Intermediate-size Ti-rich carbonitrides are shown in Fig. 5-42b. Note, that even a rather small Ti-rich 
particle (indicated by an arrow in the picture) has a cuboidal form. Ti-rich particles o f this size (-50 nm) 
were not detected in the BM. These are likely Nb-Ti carbonitrides that have lost most o f the Nb. The Ti- 
rich core, which is stable in the CGHAZ, has aged, and as a result formed a cuboidal shape. The Nb-rich 
particles were almost completely dissolved. There were very few o f them, with spherical shapes (Fig. 5- 
42c). They are likely the remains o f partially dissolved particles. The spherical shape o f these particles is 
likely a result o f a relatively slow dissolution rate during the relatively slow thermal cycle at this heat input. 
There were also very few iron carbides (cementite) observed in the several sections examined (Fig. 5-42d). 
Reprecipitation was in the form o f coarsened carbides, located primarily at the grain and sub-grain 
boundaries (Fig. 5-42e). These were -10-20 nm in diameter. Similar to the case o f the 1.5 kJ/mm weld 
samples, some replicas from the CGHAZ showed very little reprecipitation in the matrix (Fig. 5-42f). 
Particles that precipitate on grain or sub-grain boundaries are more prone to coarsening by Ostwald
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ripening than those that precipitate in the matrix. This is because accelerated diffusion can occur along the 
boundaries for particles on a common grain/sub-grain boundary [9 ].

Cementite

FIG. 5-42. TEM replica images o f precipitates in the CGHAZ-2.5 kJ/mm: a) large TiN particles 1-2 pm in size, some 
on a prior austenite grain boundary; b) intermediate-size cubioidal Ti-rich particles; c) intermediate-size spherical Nb- 
rich particles; d) cementite particles; e) matrix with coarsened fine precipitates, especially on lath boundaries; f) matrix

with very little fine precipitates.
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5-7-2. Quantitative results in the B M  and the FG H A Z of Grade 100 steel
As mentioned earlier, the intermediate-size precipitates in Grade 100 steel appear to have a large 

variation in distribution density at different locations and sections (compare Fig. 5-23 and 5-26). This 
discrepancy is in addition to the problems associated with quantification by replicas discussed in Section 5- 
5-1. To overcome these problems, many sections should be examined in a systematic way, which is 
recommended for future work. The same problem applies to most of the sub-regions in the HAZ. These 
quantification issues make the estimation o f the dissolution and coarsening based on the replica results 
virtually impossible for the intermediate-size particles.

Assuming that the reheating stage approaches an equilibrium condition, all the microalloying solutes 
in excess o f the equilibrium solubilities w ill precipitate out as intermediate-size carbonitrides. This w ill 
leave the matrix relatively homogenous in composition with respect to the solutes dissolved in the 
austenite. I f  the amount o f cold work below the no recrystallization temperature and the cooling rate during 
accelerated cooling were the same for all sections (which is not the case in practice), the fine precipitation 
in austenite and ferrite would be almost uniform. Then, one could compare the amount (volume fraction) o f 
fine precipitates in the BM and across the HAZ, and relate that to amount o f dispersion hardening.

5-7-2-1. Size distributions
In order to obtain the size distribution of the precipitates, several TEM-BF images at magnification 

o f 100,000x were examined individually. The precipitates in each micrograph were measured point-to- 
point using available image analysis software. Fig. 5-43 shows the size distribution o f fine precipitates in 
the BM. About 500 precipitates were counted over an area o f ~1.69 pm2. The average size was found to be 
4.6 ±  2.4 nm. Note that the vertical axis reads “ relative frequency” , which is defined as the ratio o f the 
number o f particles, n, within a given size range, to the total number o f particles counted in that region, N. 
This is important as it eliminates the main errors o f quantification, originating from: a) inhomogeneous 
particle distribution in different regions, b) reproducibility issues related to the ability o f replicas to extract 
precipitates representative o f the true volume fraction and c) counting errors. This is well illustrated in Fig. 
5-44, where the size distributions o f fine precipitates in the FGHAZ-0.5 kJ/mm measured over three 
regions/images are shown in two ways. In Fig. 5-44a, the vertical axis shows the absolute number, n, while 
in Fig. 5-44b the relative frequency, nJN, is shown. Differences between the two approaches arise because 
one o f the regions/images showed a large number o f precipitates, while the other two showed moderate 
numbers. However, the size distributions and the average sizes obtained from these distributions were very 
close for all regions/images. This shows again that the replicas are not good for measuring the absolute 
number o f precipitates (and volume fraction), while they are suitable for examining the size distribution 
(and average size).
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FIG. 5-43. Fine-precipitate size distribution in the BM o f Grade 100 steel.
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FIG. 5-44. Comparison o f size distribution curves expressed in two ways: a) in absolute numbers; b) in relative 
numbers. The curves represent fine precipitates in the FGHAZ-1.5 kJ/mm.

The size distribution in the BM was compared with two series o f samples; first o f all, with those 
obtained from aging o f the BM at different sub-critical temperatures (Section 2-4-4-3) and secondly with 
those from the FGHAZ (0.5-2.5 kJ/mm). The results o f precipitate size measurements are summarized in 
Table 5-9. Fig. 5-45 shows the ageing effect on the fine-precipitate size distribution. Aging for 1 hr at 
300°C does not result in any change in the distribution and the average particle size, while ageing at 600°C 
results in a considerable amount o f coarsening. It would be interesting to use these results to find the 
constant A in Equation 5-27, and then determine whether coarsening would happen to these precipitates 
during the thermal cycles experienced during welding in the SCHAZ or ICHAZ (where the peak 
temperature is not high enough to cause dissolution). This is recommended for future work.

Fig. 5-46 shows the effect o f heat input on the size distribution o f fine precipitates in the FGHAZ, as 
compared with that o f the BM. It can be readily seen that the size distributions and average sizes are 
similar. This result suggests that the strengthening contributions from the fine precipitates are virtually the 
same for this range o f heat inputs in the FGHAZ samples.
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Table 5-9. Fine-precipitate size measurements in BM (different condition) and FGHAZ (several heat inputs)

Region n Min
(nm)

Max
(nm)

Average
(nm)

S.D.
(nm)

95%
confidence

Area covered 
(pm2)

BM-AR 490 0.9 16.4 4.6 2.4 0.2 2.54

BM-300AC 731 0.9 13.8 4.3 1.9 0.1 1.69
BM-600WQ 669 0.9 12.2 5.5 1.9 0.1 1.69

FG-05 1141 0.9 13.6 4.2 1.7 0.1 2.54

FG-15 644 0.9 13.6 4.2 1.7 0.1 1.69
FG-25 850 0.9 20.4 4.5 2.4 0.2 2.54

0.3
-•— BM-As received

Coarsening
0.25 —B-BM-300C-1 h-AC

BM-600C-1 h-WQ
>  0.2

SfO.15

0.05

0 10 155
Precipitate size, nm

FIG. 5-45. Effect o f aging on the size distribution o f fine precipitates in the BM o f Grade 100 steel.
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FIG. 5-46. Effect o f heat input on the size distribution o f fine precipitates in the FGHAZ o f Grade 100 steel, as
compared with the BM.
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5-1-2-2. Volume fractions
As shown in Fig. 5-44, the quantification results from the replicas are not reliable for measurement 

o f absolute precipitate numbers and volume fractions. It was also pointed out in Section 5-5-3-2 that the 
sampling depth for fine precipitates can be orders o f magnitude larger than their sizes (Fig. 5-20), and this 
w ill lead to an overestimation o f the volume fractions by orders o f magnitude. Table 5-10 shows that i f  the 
correction factor suggested in Section 5-5-3-2 is applied to the volume fraction measurement o f Heglund et 
al. [32], a lower-bound value for the volume fraction o f fine precipitates can be found. The values in Table
5-10 were obtained by assuming values ofcf/<=500 nm, 77= 1 , andx=5 nm in Equations 5-33 and 5-34. Also, 
note that the estimated volume fractions o f fine precipitates, e.g., those that form below A 3 (Table 5-5), lie 
between the upper- and lower-bound values in Table 5-10.

Table 5-10. Comparison of volume fraction values for NbC (<5 nm) obtained with different assumptions

Criterion fv Description/Note

Replica 8.410 x 10' 3 Heglund’s [32] -  overestimated

Upper bound 5.231 x 10' 3
Absolute maximum: Total carbides of Nb, Mo, Ti and V 
(Table 5-4)

Lower bound 0.084 x 10' 3
Proposed theory of largest particle on replica; correction 
factor of 5nm/500nm applied to the replica measurement

Estimated 0.626 x 10 '3
Thermodynamic results adjusted through experimental 
findings (Table 5-5)

5-8. Summary
In this chapter, the precipitate characteristics in the BM as well as precipitate alterations in the HAZ 

were determined through both calculations and experimentation. The following points can be summarized 
for the state o f precipitation in the BM:

1) The cuboidal shape o f the large TiN particles (2-8 pm) appears to be the result o f ageing during 
reheating after casting. The precipitates that form during solidification are dendritic Ti-NbCN. 
Reheating causes dissolution o f Nb and C and coarsening o f TiN.

2) Intermediate-size Ti-rich and Nb-rich carbonitrides (50-300 nm) likely form during cooling o f the 
austenite. Some precipitates may have formed during solidification and reheating as well. The area 
fraction o f these precipitates was found to vary greatly from section to section, likely due to 
segregation during solidification and lack o f homogenization in the subsequent processing stages.

3) Some fine Nb-rich carbides (<20 nm) form during rolling o f the austenite below no
recrystallization temperature (strain-induced precipitation).

4) Interphase precipitation is not likely during accelerated cooling from austenite to ferrite in Grade 
100 steel. Rapid cooling leaves the transformed ferrite supersaturated in solutes during 
transformation.

5) Fine Nb-Mo carbides (<20 nm; mostly ~5 nm), with considerable amounts o f Ti and V, form at 
the stop cooling temperature after accelerated cooling o f the ferrite. Levelling or rolling may 
enhance precipitation.

6 ) The total volume fraction o f fine Nb/Mo/Ti/V carbides that form below 1000-1100°C was 
estimated to be ~ 1 0 '3, based on thermodynamic calculations adjusted by chemical dissolution 
results. Fine precipitates were measured to have a diameter o f 5 ± 2 nm.

7) Stoichiometric relations (either with thermodynamic calculations or chemical dissolution tests) 
showed that the carbon level in Grade 100 steel is hyper-stoichiometric with respect to the 
microalloying elements. This means that the bainitic ferrite matrix w ill have a carbon level at the 
maximum possible and the excess carbon w ill be trapped in M -A regions or form isolated iron 
carbides (e.g., cementite).

The following results summarize the precipitation alterations in the HAZ as a result o f the weld 
thermal cycle for a range o f heat inputs between 0.5 and 2.5 kJ/mm:
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1) Large TiN and intermediate-size Ti-rich carbonitrides do not change in most regions o f the HAZ. 
Dissolution o f these precipitates may occur only in regions o f the CGHAZ very close to the fusion 
line. TiN may have a maximum dissolution o f about 15% at the fusion line for a heat input o f 2.5 
kJ/mm.

2) The kinetic calculations show that the dissolution o f pure NbC can start close to the 
FGHAZ/CGHAZ boundary; the exact location depends on the heat input. This means that the 
intermediate-size Ti-Nb precipitates may dissolve very little in FGHAZ. They are believed to have 
a limited role in austenite grain growth control. The intermediate-size precipitates, however, 
dissolve to a large extent in the CGHAZ, especially for higher heat inputs o f 1.5 and 2.5 kJ/mm. 
The reprecipitation o f intermediate-size microalloyed particles is suppressed in most regions as the 
cooling rates are high. There is some reprecipitation (in the form o f fine precipitates) on the 
remains o f the partially dissolved particles, where the solute levels are locally high especially at 
lower heat inputs. This leaves the austenite with higher solute levels, which in turn increases the 
hardenability. The difficulty in reprecipitation o f microalloy carbides leads to the formation o f 
intermediate-size iron carbides (cementite) in the CGHAZ of 1.5 kJ/mm weld sample, where the 
cooling rate is between that o f 0.5 kJ/mm weld sample (suppression o f any reprecipitation) and 2.5 
kJ/mm weld sample (reprecipitation on grain boundaries).

3) The size distributions o f fine carbides (<20 nm) in the FGHAZ o f various weld samples (0.5-2.5 
kJ/mm) showed little change from the distribution in the BM. These fine precipitates have 
complex compositions varying from NbC to NbTiC or NbMoTiVFeC, and likely varying 
solubility products. It is likely that they do not get dissolved in FGHAZ, except for a heat input o f 
2.5 kJ/mm at a location close to the CGHAZ or when the particles have considerable amounts o f 
Mo and V. Those that dissolve w ill likely reprecipitate in the ICHAZ and FGHAZ, due to the 
relatively high transformation temperature for austenite to ferrite during cooling. In the CGHAZ, 
all fine precipitates dissolve completely, but the reprecipitation is limited within the matrix, 
mainly due to the relatively low transformation temperatures of austenite to ferrite. Reprecipitation 
is mainly at the grain boundaries for a heat input o f 2.5 kJ/mm and almost totally suppressed at a 
heat input o f 0.5 kJ/mm.

4) Coarsening o f TiN does not occur in the HAZ o f the Grade 100 steel, mainly due to the large size 
o f these particles. Coarsening o f the Nb carbides at temperatures lower than their dissolution 
temperatures (for example, in the SCHAZ, ICHAZ and FGHAZ, particularly for higher heat 
inputs) needs investigation.
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Chapter 6

Phase Transformations and Grain Growth in the HAZ

6-1. Introduction
The iron matrix microstructural changes in the HAZ can be studied in terms o f two aspects: phase 

transformations and grain size alteration. These two aspects have the most important effects on mechanical 
properties. Identification o f the various phases, which are present at any location in the HAZ and vary 
across the HAZ, and measurements o f the grain size across the HAZ w ill help understand some property 
changes (such has hardness and strength) and permit prediction o f some others (such as fracture properties). 
TEM, both with thin foils and replicas, is an essential tool for this purpose.

The objective o f this chapter is examination o f the iron matrix microstructure (phase identification 
and grain size measurement) in the BM and the various regions o f the HAZ (heat inputs o f 0.5-2.5 kJ/mm). 
Twin formation in the HAZ is one o f the specific subjects that w ill be examined. First, various aspects o f 
the phase transformations (especially transformation products o f austenite decomposition during cooling) 
and fundamentals o f grain growth in the HAZ, collected from the literature, will be reviewed.

6-2. Phase transformations
Phase transformations during the weld thermal cycle consist o f two separate parts: a) 

reaustenitization during the heating leg o f the thermal cycle and b) retransformation from austenite to other 
products such as ferrite, bainite and martensite during the cooling leg of the thermal cycle. The HAZ 
microstructural changes during welding are not the same as those during hot rolling or heat treatment of 
steels, as non-equilibrium conditions and steep temperature gradients, induced by very rapid local heating 
during welding, cause very different conditions from those occurring in steel production [1]. The large 
prior austenite grain size (PAGS) developed during heating in the CGHAZ w ill increase hardenability so 
much that the CCT diagrams developed in steelmaking (e.g. Fig. 6-1), by austenitization at temperatures 
~800-900°C, cannot be used [2], Weld CCT diagrams are based on very high austenitizing temperatures, 
e.g., 1350-1400°C, which correspond to the CGHAZ [3]. For all these reasons, the microstructural changes 
and the phases developed across the HAZ can be very diverse, and variable from location to location.
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FIG. 6-1. A schematic CCT diagram for microalloyed linepipc steels [4],

6-2-1. Reaustenitization
As the temperature increases, both the driving force for austenite nucleation and the diffusion rates 

increase simultaneously, hence increasing the rate o f transformation progressively [5]. This is in contrast to 
the case o f transformation during cooling where the driving force and diffusion rates change in opposite 
directions, and as a result transformation curves have a C-shape.
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The implication o f a high heating rate is that the a— transformation occurs at temperatures higher 
than the equilibrium temperature (At), predicted by the Fe-Fe3C phase diagram. This means that ferrite can 
be substantially superheated before the transformation. Moreover, the dissolution o f cementite ( i f  present in 
the BM) w ill occur at higher temperatures, and austenite homogenization, with respect to carbon 
concentration, w ill require very high temperatures or relatively long periods o f time [3 ].

The effect o f heating rate on austenitization w ill be discussed in Section 6-3-5, from a diffusional 
nucleation and growth point o f view. It should be added here that there also exists another theory for 
reaustenitization during the fast heating o f welding. It was suggested [6 ] that rapid heating (200-300°Cs"‘ 
or more) may lead to a “ reverse martensitic transformation”  o f a—>-y in some cases, and the resulting 
transformation induced deformation may accelerate grain growth. In this case, the precipitates cannot have 
any major effect on the growth rate. Rasanen and Tenkula [6 ] suggested that heating rates in the 800- 
1100°C range should be reduced, so that the a—>y transformation could occur by a normal diffusional 
process.

Regardless o f how the austenite forms, there are two factors about it  that affect the final structure: 
first its grain size and second its effective composition. It is well known that large prior austenite grains 
provide fewer nucleation sites for ferrite, which w ill result in fewer ferrite grains and a coarse final matrix 
grain size. The “ effective austenite composition”  changes across the HAZ as well [4], This is due to the 
non-uniform dissolution o f carbides and nitrides, which was analysed in detail in Section 5-4-1. Both the 
PAGS and the effective composition o f austenite have a great influence on hardenability, i.e., the tendency 
to form hard phases like bainite and martensite [7].

6-2-2. Retransformation
The HAZ microstructure is determined by many factors, such as the chemical composition o f the 

steel, the austenite grain size, the cooling rate in the thermal cycle and the localized inclusion content [ 1], 
The HAZ microstructure normally consists o f a mixture o f some constituents. Those constituents which 
result from austenite transformation, also known as primary transformation products (like different types o f 
ferrite), as well as those related to the carbon-rich regions, known as secondary transformation products 
(like bainite and martensite-austenite), are discussed here, in order o f decreasing transformation 
temperature. It should be noted that steel structures are very diverse and their classifications are 
controversial. Although the advent o f low carbon HSLA steels has introduced low-carbon structures, not 
exactly falling under the classic categories, the controversies regarding the names o f the products as well as 
the concepts and nature o f the transformation are not anything new. It was about 80 years ago that 
martensite was thought to be the first and incomplete stage of transformation o f austenite to pearlite, and 
that quenching would interrupt this transformation [8 ], Although many o f the basic concepts are now 
clarified, there still exists a great deal o f confusion, in particular around the structures between those o f 
martensite and polygonal ferrite (i.e., massive ferrite, acicular ferrite, Widmanstatten ferrite, bainitic ferrite, 
upper bainite, lower bainite, etc.).

6-2-2-1. Ferrite
Ferrite (bcc iron) is the most stable phase resulting from austenite transformation during cooling. 

Depending on the cooling rate, PAGS and chemical composition, various types o f ferrite can be formed 
that vary in transformation temperature, location and type o f nucleation, growth mechanism, shape, internal 
structure and carbon content.

1) Polygonal ferrite
Polygonal ferrite (PF) is an equiaxed structure developed normally at low rates o f cooling (Fig. 6-2). 

This structure has a low density o f dislocations, as few dislocations are introduced during the 
transformation to PF and many w ill be removed by rearrangement and annihilation at high temperature [4], 
A morphological characteristic o f PF is that each grain has a distinct grain boundary. Also the prior 
austenite grain boundary may not be discernable anymore in the final structure.

2) Grain-boundary ferrite
Grain-boundary ferrite (GF), also referred to as allotriomorphic ferrite or proeutectoid ferrite, 

nucleates at the comers o f austenite grain boundaries, as the temperature falls below AC3. The ferrite grains 
further grow into the austenite “ behind a planar incoherent front”  [1]. This is how grain boundary 
allotriomorphs are formed. They appear elongated or granular along the prior austenite grain boundaries
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(Fig. 6-3) [1]. Decreasing the cooling rate w ill result in a gradual change from elongated to polygonal form. 
Some researchers [9] distinguish between these two forms by referring to the former as grain-boundary 
allotriomorphic ferrite and the latter as grain-boundary polygonal ferrite. Grain-boundary ferrite is usually 
discerned when the PAGS is large, in which case the microstructure inside the austenite grain is different.

FIG. 6-2. Polygonal ferrite (PF) in a 0.18%C- FIG. 6-3. Grain boundary ferrite (GF) in the coarse- 
1.86%Mn-l%Si-0.73%Mo steel |101. grained HAZ o f a V-Ti microalloyed steel [1].

3) Massive Ferrite
Massive ferrite (MF) is a structure that forms by short-range diffusion. It is free from carbides and 

has a dislocation density between that o f PF and martensite. The grain boundaries o f MF are not very 
distinct (Fig. 6-4) and the prior austenite grain boundaries can be noted, as MF presumably nucleates within 
the grains [ 1 0 ].

FIG. 6-4. Massive ferrite (MF) in a plain C-Mn steel (0.18 %C and 1.86 %Mn) [10].

MF may be present in the microstructure o f quenched low-carbon steels, i f  the cooling rate is not 
very high (e.g., 104 °Cs'' or less) or the carbon content is low (e.g., <0.013%). Speich and Warlimont [11] 
showed that carbide can precipitate in MF after aging at room temperature. MF has the same carbon 
concentration as quenched austenite, while the dislocation density that could accommodate the higher than 
equilibrium carbon level is not that high. Lath martensite and internally twinned martensite replace MF 
with increasing cooling rate, increasing carbon content, some alloying elements and increasing prior 
austenite grain size.
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4) Widmanstatten Ferrite
At intermediate cooling rates or undercooling, ferrite is prone to grow bilaterally as plates or laths 

from the prior austenite grain boundary or within the austenite grain (Fig. 6-5a). These plates/laths, known 
as Widmanstatten sideplates, have a Kurdjumov-Sachs (K-S) orientation relationship with austenite 
(Equations 5-6 and 5-7). As the sideplates grow thicker, rejected carbon increases the carbon concentration 
in the space between the sideplates, and this w ill lead to formation o f pearlite or carbide aggregates at 
temperatures below ACI [1, 12]. Widmanstatten ferrite (WF) formation occurs as a mixed displacive and 
diffusional mechanism, as shown schematically in Fig. 6-5b. The schematic shows the stages o f the 
formation o f WF sideplates from an austenite grain boundary. Nucleation is via a diffusional manner with a 
K-S orientation relationship (OR). The side-plates then grow in an edgewise direction by a displacive 
mechanism. The thickening o f the laths, however, takes place by “ the coalescence o f the sub-laths and the 
diffusional migration o f ferrite/austenite interfaces”  [13].

WF can be similar to bainite or bainitic ferrite in terms o f formation mechanisms, morphology and 
crystallography. The main distinction between WF and bainite is the transformation temperature, which is 
higher for the former. In addition, WF laths are usually terminated at a GF allotriomorph, while the bainitic 
ferrite (or bainite) laths nucleate directly at an austenite grain boundary [13].

Surface relief studies [13] have shown that in order to produce a WF lath, several sub-laths in a 
common growth direction form side-by-side. These sub-laths have opposite shape strain directions, 
reducing the total elastic strain that should be accommodated both in the austenite and the ferrite.

Kurdjumov-Sachs
relationship

austenite grain 
boundary austenilo

grain boundary 
ferrite formation

diffusional growth

displacive formation 
of ferrite sub-laths

FIG. 6-5. Widmanstatten ferrite (WF): a) a thin-foil TEM image showing WF and pearlite [1]; b) Schematic illustration
o f WF formation [13].

4) Acicular ferrite
Acicular ferrite (AF) is a highly substructured, fine irregular ferrite transformed from austenite at 

low temperature just above the bainite start temperature (Fig. 6 -6 a). This non-polygonal ferrite is formed by 
a combination o f diffusion and shear modes, at cooling rates higher than those o f other types o f ferrite [ 1 ,
4]-

After grain boundaries are filled with proeutectoid allotriomorphic ferrite, AF forms in two stages. 
First, large primary plates o f ferrite nucleate within grains at inclusions, and then small side arms nucleate 
and grow from the primary plates [ 1 ],

Since AF with this morphology needs inclusions for nucleation (Fig. 6 -6 b), some researchers [1] 
believe that it is not expected to be observed in the HAZ o f HSLA or microalloyed steels, as there is 
normally a low density o f inclusions present. They believe there must be other explanations or mechanisms 
involved in formation o f AF in the HAZ of microalloyed steels. Japanese researchers have shown that 
addition o f titanium oxides during steelmaking w ill help AF form on the complex inclusions containing
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Ti20 3, which are very stable even at very high temperatures [1]. In fact, some believe that AF is WF 
intragranularly nucleated on oxide inclusions or nitride particles [14], This actually sounds reasonable.

n n ^ m

FIG. 6-6. Acicular ferrite showing: a) the "basket weave" structure [5]; b) nucleation on an inclusion using thin foil
TEM [1],

5) Ferrite with aligned second phase/M-A-C
Ferrite with aligned second phase (martensite/austenite/carbide) is a lamellar structure [14] similar to 

what some researchers refer to as bainitic ferrite or upper bainite, on the basis o f optical micrographs [6 , 
15], Fig. 6-7 shows this microstructure in a ferritic steel [14]. Apparently, those who find exact 
identification and classification o f different bainitic structures (bainitic ferrite, granular bainite, acicular 
ferrite/bainite, upper bainite and lower bainite) difficult and confusing or prefer to avoid it due to various 
terminologies, use a general term “ ferrite with aligned second phase”  [9].

FIG. 6-7- ferrite with aligned second phase (AC) [14].

6-2-2-2. Pearlite
The normal pearlite, which is a lamellar mixture o f ferrite and cementite, is formed on very slow 

cooling, which is not often found in welding. Therefore, this phase is not usually expected in the HAZ
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microstructure, though under some conditions, this phase also may be present. Moreover, low carbon levels 
and the presence o f carbide formers in most microalloyed steels reduce the chance o f formation o f pearlite.

Nevertheless, “ degenerate pearlite” , also known as ferrite-cementite aggregate (a mixture o f ferrite 
and cementite without a definite morphology or order), may be found in the HAZ microstructure [16].

6-2-2-3. Bainite
The pioneering work that shed light on the formation o f bainite is that o f Davenport and Bain in the 

late 1920’s [17]. As Bhadeshia [18] tells the story, Davenport and Bain discovered a new microstructure 
that consisted o f an “ acicular, dark etching aggregate” , dissimilar to either pearlite or martensite. They 
called it “ martensite-troostite” . This microstructure was named “ Bainite”  in 1934 by the staff o f the United 
States Steel Corporation, in honour o f their colleague E.C. Bain, who inspired the studies. Bainite can be 
considered as “ a non-laminar aggregate o f ferrite and cementite”  that forms during austenite decomposition 
at temperatures below that o f pearlite [19]. Nevertheless, many researchers find it very difficult and 
controversial to define bainite, and to identify it when it is part o f a mixed microstructure [ 1 ].

A  distinguishing feature between bainite and acicular ferrite structures, apart from the location o f 
nucleation, is the prior austenite grain boundaries that are retained in the former but not distinguishable in 
the latter microstructures. This is also why the properties o f the bainitic steels can be related to the prior 
austenite grain size [4], This method is, o f course, for distinguishing between fully bainitic and fully 
acicular ferrite microstructures. In a bainitic structure with some acicular ferrite, the prior austenite grains 
are still distinguishable and the properties are likely something between the two.

The factors contributing to the strength o f bainite include a small grain size (lath size), carbide 
distribution (depending on size and location), a relatively high dislocation density and carbon 
supersaturation. The lath thickness (~0.5-2.0 pm) causes significant strengthening when considered in the 
context o f the Hall-Petch equation. The packet size, found to be smaller than the PAGS but directly 
proportional to it, constitutes the unit cleavage length [5],

Although some researchers still deem it sufficient to use “ Mehl’s original classification o f bainite to 
upper bainite and lower bainite”  [2 0 ], in general, others believe that decomposition o f austenite in the 
temperature range o f bainite leads to the formation o f three types of bainite in HSLA steels [21, 22], These 
w ill be reviewed briefly below.

1) Granular bainite
In welded joints, as well as in continuously cooled microstructures in modern high-strength steels, a 

special type o f bainite can be observed that was referred to in the late 1960’s by Habraken and 
Ekonomopoulos (as cited in [22]) as granular bainite (GB). GB deteriorates the toughness o f the welded 
joint. GB is essentially massive ferrite (MF) coexisting with “ granules”  or islands o f M-A constituents (i.e., 
high-carbon twinned martensite and/or retained austenite) [10]. Although early researchers described MF to 
be free o f carbides, other works [23] showed the presence o f discrete, fine cementite particles both in MF 
and the granules. This is probably due to natural aging and precipitation o f cementite in MF [11], Samuel 
[21] reported a kind o f GB, consisting o f MF and granules o f bainite laths (Fig. 6 -8 ), on normalizing an 
HSLA steel with 0.11 %C, 1.5 %Mn, 1 %Cr, 0.25 %Mo and 0.003 %B. They found a high dislocation 
density and discrete, fine cementite particles in both constituents. Hrivnak [22] examined the structure of 
M /A granules and found that the martensite part can be either dislocated lath martensite or internally- 
twinned plate martensite, and that cementite can form from both the retained austenite constituent and the 
autotempered martensite constituent. Reduction o f carbon in modern HSLA steels and application o f high 
heat inputs (which reduce the cooling rate) favour the formation of this type o f bainite [2 2 ],

2) Upper bainite
Upper bainite is the product o f a relatively high transformation temperature (in comparison with 

lower bainite). In upper bainite, carbides are formed between the ferrite laths. As ferrite laths grow during 
the transformation, carbon is driven into austenite ahead o f y/a  interface. Finally, the carbon-rich austenite 
may be transformed to cementite along the lath boundaries, transformed to martensite, or even retained in 
the final structure [1]. The cementite particles have an OR with the ferrite named after Bagaryaskii [19].
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FIG. 6 -8 - Granular bainite in a low-C HSLA steel [21]: a) OM; b) TEM showing bainite laths (B) coexisting with
massive ferrite (MF).

3) Lower bainite
Lower bainite forms at lower transformation temperatures and the carbides are enclosed entirely 

within the ferrite laths/plates [1]. The carbides have sharp angles to the boundaries. Fig. 6-9 shows upper 
and lower bainite in HSLA steels.

4) Other morphologies and terminologies
Bainite is usually described in terms o f two features: (1) ferrite lath/plate size and shape and (2) 

carbide size, location and distribution. The latter is the basis o f distinction between upper and lower bainite 
in classical definitions [1], However, Ohmori et al. [13] believe that bainite should be instead classified by 
ferrite morphology, i.e., whether it is lath-like or plate-like. Fig. 6-10 shows both lath-like and plate-like 
morphologies o f ferrite formed by isothermal holding o f a 0.2%C-3.6%Ni steel at 400°C for 1000s, with 
cementite within the matrix, after Joarder and Sarma [19]. Both microstructures could be considered lower 
bainite according to the classic definitions. According to Ohmori et al. [13], the morphological transition 
between lath-like and plate-like ferrite takes place at ~350°C in Fe-C binary alloys. This temperature, 
coinciding with the martensite-start temperature, corresponds to the change from lath-like to plate-like 
morphology with increasing carbon content and is believed to have a metallurgical significance. However, 
it is not clear from the literature (e.g., the paper o f Ohmori et al. [13]) what distinguishes laths from plates 
in the first place.

FIG. 6-9. TEM images showing: a) upper bainite; b) lower bainite [1].
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In addition to the three distinct types o f bainite mentioned above, there are some other 
morphological forms, such as “ nodular bainite”  and “ inverse bainite” , that were reported in high-carbon 
steels [19]. In fact, there has been a great deal o f study on bainite and it has been further classified to 
several kinds with specific designations (e.g., BI to BIV [24]), which is beyond the scope o f this survey. It 
should be added that the term “ bainitic ferrite”  is used to refer to the bainite structure in very low carbon 
steels, where the cementite particles may be too small and sparse to be observed or even non-existent [ 1 , 4 ]. 
According to some definitions bainitic ferrite is a “ carbide-free”  bainite [20]. Bainitic ferrite is formed at 
relatively high temperatures in the range between B, and Ms (the range o f formation o f bainite) [13].

FIG. 6-10. TEM- BF images of a 0.2%C-3.6%Ni steel isothermally transformed at 400°C for 1000s, showing two
ferrite morphologies: a) lath-like; b) plate-like [19].

6-2-2-4. Martensite
Martensite (M) is formed from carbon-enriched austenite by shear mechanisms during very fast 

cooling. The shear mechanism can be further divided into “ primary shear + gliding (slip)”  in low-carbon M 
or “ primary shear + twinning”  in high-carbon M [6 ]. Martensite has a bet (body-centred tetragonal) 
structure, which w ill approach bcc (body-centred cubic) in low carbon steels. The martensitic 
transformation from austenite starts from a plane, called a “ mid-rib” . The planes above and below the mid
rib shear and displace, but the mid-rib remains in its original location with respect to the parent austenite. 
The mid-rib may have a distinctive fine structure. The plane crystallographically coincides to a plane o f the 
austenite called the “ habit plane” [25]. The OR between M and the parent austenite is such that the close- 
packed rows and close-packed planes o f the bet (or bcc) martensite and fee  austenite are parallel. 
Propagation in the perpendicular-to-plate direction ceases when the cross-section reaches a certain length- 
to-width ratio, because o f strain-energy effects or cessation o f interface mobility [25].

An important characteristic o f martensite is its start temperature (Ms). It reflects how much driving 
force is needed to initiate the shearing in the y-+a transformation. The higher the carbon (and other 
alloying elements) in solid solution with y, the higher the strength or shear resistance o f the matrix, and 
therefore the greater the driving force (i.e., undercooling) that w ill be required (Fig. 6-11). The martensite 
finish temperature, Mf, is approximately 120°C below Ms [25], From the graph, Ms should be roughly 
around 500-520°C for Fe-0.08%C (e.g., Grade 100 steel). This makes Mf approximately 380-400°C. Note 
that somewhat lower temperatures can be found in other reports.

Martensite is sometimes accompanied with retained austenite in some locations in the microstructure 
o f HSLA steels. This is sometimes referred to as one constituent, called martensite-retained austenite (M- 
A), as it is also difficult and/or unnecessary to separate them. The occurrence o f M-A depends on 
composition (Mn, Mo and to a lesser extent Nb) and cooling rate [16]. M -A is known to reduce the 
toughness [16, 26].

The two main types o f M in ferrous materials are lath martensite and plate martensite, which w ill be 
briefly reviewed in the following sections. There is also a third type, called sheet martensite (consisting o f 
thin-sheet units), observed in certain high alloy steels [25],
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FIG. 6-11. Martensite start temperature (Ms) as a function of carbon content in steels [25].

1) Lath martensite
Lath martensite (LM), also known as “ massive martensite”  or “ packet martensite” , consists o f lath- 

shape units grouped in sheaves or packets. It has a morphology that is acicular or “ needle-like”  in 2D and 
lath or plate shape in 3D [25], Fig. 6-12 shows optical and TEM micrographs o f lath morphology in a
0.03%C-2%Mn steel. Note that the laths have a high dislocation density. Some investigators [27] consider 
three basic morphologies for lath martensite, i.e., convergent, parallel and large laths. Mean lath widths can 
be around 0.2-0.4 pm.

Kelly [28] has reviewed the crystallography o f LM in steels. He used a theory based on double 
lattice invariant shear to explain/predict all known crystallographic features o f lath martensite, i.e., the habit 
planes, the OR’s, the shape strain, the internal substructures and the interface dislocations. Briefly it can be 
said that LM  forms in low-carbon, low-alloy steels. It has a small size compared with plate martensite, 
normally shows no sign o f internal twinning, and has a substructure consisting o f a dense tangle o f
dislocations, with a / 2 [ l l  l ]  screw dislocations dominant. Packets or bundles consist o f parallel laths. 
Adjacent laths are mostly misoriented (2-3°) and sometimes twin-related, relative to each other, in a packet. 
LM  has a characteristic long direction parallel to ( i l l ) , ,  (i.e., ( l lO)  ). The OR of lath martensite with
parent austenite in low-carbon steels is close to K-S (Equations 5-6 and 5-7), with habit planes close to 
(557)a or (223)A (i.e., 9-12° from (111)A). The theory also predicts that almost twin-related laths can form 
within a packet and this provides mutual accommodation o f the shape strain that is o f magnitude o f 0.3 or 
greater [28].

Due to similarities o f lath martensite and upper bainite in appearance, it was suggested that lath 
martensite should be considered as “ incomplete transformed upper bainite”  [1]. In some regions of the 
HAZ with a high local concentration o f carbon, M-A constituents had a twinned substructure. The presence 
o f twinned regions is assumed to be indicative o f carbon levels >0.5% and these regions are considered to 
be quite brittle [29], LM can even be produced in high-purity iron by extremely rapid quenching or shock 
loading [25],

2) Plate martensite
Plate martensite (PM) consists o f “ individual, lenticular, plate-shape units”  [25], It forms in medium 

and high-carbon steels, Fe-Ni and Fe-Bi-C alloys, and has a bet crystal structure. Fig. 6-13a shows a region 
o f mixed lath and plate martensite in a medium-carbon (0.57%C) steel. The plates are marked with P. Fig. 
6-13b shows a thin-foil TEM micrograph o f one o f the regions o f PM marked in Fig. 6-13a. The 
microstructure consists o f plates with fine internal twins (6-10 nm spacing). The twins do not extend to the 
sides o f the plate. They degenerate into “ complex dislocation arrays” . They have habit planes o f (225)A or 
(259)a [25], The presence o f twinned martensite is usually associated with low toughness properties [30],
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FIG. 6-12. Lath martensite (LM) in a low-carbon steel (0.03%C, 2%Mn): a) OM (lOOx); b) thin-foil TEM (26000x)
[25].

FIG. 6-13. Plate martensite (PM) in a medium-carbon steel (0.57%C): a) OM showing PM, marked P, (lOOOx); b) 
Thin-foil TEM image showing twinned substructure in a region marked in (a) at a higher magnification (26000x) [25],

3) Autotempered martensite
Autotempered martensite is a special martensite, which can be found in low carbon steels with high 

martensite-start (My) temperatures. In this structure, iron carbide precipitates within the laths (auto
tempering), and therefore this phase is more ductile than upper bainite. However, this only occurs when 
carbide precipitation can take place, otherwise the structure becomes fully martensitic [ 1],

The only minute difference between autotempered martensite and lower bainite is that cementite 
particles show more than one crystallographic variant in the former (Fig. 6-14). Except for this, the two 
microstructures are difficult to tell apart even with TEM [1],

3) Other classifications
Martensite is sometimes categorized according to the mode o f deformation, in which case it is 

referred to as “ slipped martensite”  vs. “ twinned martensite” [31]. It seems to be “ illogical”  to some 
researchers [31] to mix two criteria and compare, e.g., lath martensite (morphological classification) with 
twinned martensite (mode-of-deformation classification).
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FIG. 6-14. Autotempered martensite in the coarse-grained HAZ o f a low-carbon, low-alloy steel vveldment [1],

Note that although LM and slipped (dislocated) martensite are observed often for low levels o f 
carbon while PM and twinned martensite are observed for high levels o f carbon, the morphological and 
deformational classifications do not coincide exactly. Many researchers have reported an overlap o f these, 
e.g., internally twinned lath martensite [27, 32] or untwinned plate martensite [31, 33], Considering this, 
Yu et al. [34] have classified martensite in plain carbon steels into four groups, based on transformation 
temperatures and the effect o f carbon level (Fig. 6-15):

I. Fully dislocated M (e.g., dislocated LM)
II. Half-dislocated M (e.g., twinned LM)

III. Half-twinned M (including twinned PM, butterfly M, lenticular M, etc.)
IV. Fully twinned M (e.g., thin PM and fully twinned PM)

and finishing temperatures for conventional martensite transformation (Mx and MJ) as a function of carbon content [34], 

6-2-3. Twinning
6-2-3-1. Introduction to twinning

In twinning, a portion o f the crystal takes an orientation that is related to the orientation o f the original

wt% C

T  TFIG. 6-15. Schematic diagram showing both starting and finishing temperature of twinning ( / v and t^ ) and starting

Twinning is considered as the second important mechanism (after slip) by which metals deform [35],
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matrix in a mirror symmetrical manner (Fig. 6-16). A shearing force accomplishes twinning. The plane of 
symmetry between the twinned and untwinned regions is called the twinning plane. Twinning occurs on a 
specific twin plane and in a specific twin direction for each crystal structure (Table 6-1). The atoms in the 
twinned region move in a manner that the twinned region becomes a mirror image o f the untwinned region. 
Twinning is accompanied by surface relief on a polished surface. Note that even i f  this surface is polished 
(to section AA shown in Fig. 6-16b) the elevation is removed, but the twinned region can still be discerned 
after etching due to the difference in the orientations o f the twinned and untwinned regions [36], They also 
diffract in a symmetrical manner during electron microscopy. These are the basis o f observation o f 
twinning in OM and TEM. In fact, the surface relief on a polished surface as a result o f twinning in a single 
crystal can be used for determination o f twinning elements (plane, direction and shear strain) in a given 
alloy [37],

Polished surface

r

^  Twin plane

r

l»— Twin plane

FIG. 6-16. Crystallographic demonstration of twining [36].

Table 6-1. Twin planes and twin directions for different crystal structures [36]

Crystal structure Typical examples Twin plane Twin direction
bcc a-Fe, Ta ( 1 1 2 ) [ 1 11 ]
hep Zn, Cd, Mg, Ti ( 1 0 1 2 ) [ 1 0 1 1 ]
fee Ag, Au, Cu ( 1 1 1 ) [1121

Twinning occurs when the slip systems are restricted or when the critical resolved shear stress is 
increased for some reason so that the stress required for twinning is less than the stress required for slip. 
Also note that the time required for twinning is much shorter than the time required for slip (microseconds 
in the former compared to milliseconds for the latter) [36],

The energy o f a twin boundary depends on the orientation o f the boundary plane [38]. Fig. 6-17 
shows the two kinds o f twin boundaries and their corresponding energies. When the twin boundary is 
parallel to the twin plane a coherent twin boundary forms (Fig. 6-17a). This is a case o f an undistorted, but 
high-angle boundary, and therefore the boundary energy is extremely low (an order o f magnitude smaller 
than the grain boundary energy). When the twin boundary does not lie parallel to the twinning plane, an 
incoherent twin boundary forms (Fig. 6-17b), and the energy o f this random high-angle boundary is high 
(almost comparable to the grain boundary energy). Fig. 6-17c shows schematically the energy o f a twin 
boundary as a function o f the deviation angle (<I>) o f the twin boundary from the twinning plane [38].

Generally, twinning is believed to have three main origins: mechanical deformation, annealing and 
transformation [39], There is also a fourth type (relaxation twinning) that is not discussed very much. These 
mechanisms are briefly reviewed in the following sections, followed by a literature review on twinning in 
the HAZ o f steels and the effects o f twinning on mechanical properties.
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6-2-3-2. Different types o f twinning
1) Mechanical twinning

Mechanical twinning, also known as deformation twinning or Neumann bands [40], is produced in 
bee and hep metals under conditions o f high strain rate (shock loading) and low temperature. There are 
fewer cases o f mechanical twinning in fee  metals. A ll aspects o f mechanical twinning (such as 
crystallography, nucleation, propagation, effects on plasticity and effects on fracture) are reviewed in great 
detail by Mahajan and Williams [35].

- r —

Rows of 
atom s

(b)

Incoherent
tw inY

Coherent twin

( c )

FIG. 6-17. Two kinds of twin boundaries and their corresponding energies [38],

The important role o f twinning in plastic deformation is not the amount o f strain accommodated 
(which is small in the case o f twinning), but is the change in orientations that may place new slip systems in 
a favourable orientation with respect to the stress axis, so that additional slip can take place [36]. It seems 
that occurrence o f mechanical twinning in ferrous materials depend on the alloying elements. Igata et al.
[41] observed twin deformation under high strain rate (10s'1) in pure iron, but no mechanical twinning 
happened under high strain rate in a mild steel with 0.16%C. Alloying with Si, however, increases the 
occurrence o f mechanical twinning in iron [42],

2) Annealing twinning
Annealing twinning occurs mostly in fee  metals, especially in those with low stacking fault energy 

(e.g., brass). Twins form after prior mechanical deformation. For this reason, it is likely that they grow 
from twin nuclei produced during deformation. Annealing twins are usually broader and with straighter 
sides than mechanical twins [36], According to Avner [43], annealing twins are formed because o f a 
change in the normal growth mechanism.

Inagaki [44] examined the formation and behaviour o f annealing twins in austenite (fee iron) during 
the hot rolling o f a low-carbon microalloyed steel. These twins are very similar in appearance to 
deformation bands. They deform during rolling and affect austenite recrystallization, since their coherent 
boundary lies on a specific crystallographic plane. Roytburd and Khachaturjan [45] theoretically predicted
that the{0 1 1 } ( 0 1 1 ) twins in martensite could form as a result o f { l  1 l } ( l  1 2 ) twinning in austenite followed

by the transformation o f the austenite twins to martensite twins upon quenching. This was experimentally 
confirmed by Danil'chenko [46] in high-carbon steels with high stacking fault energy (manganese steels).
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3) Transformation twinning
Transformation twins are the twins that form during phase transformations in metals and alloys. 

Transformation twins are not exclusive to iron alloys. They can also happen in some other metals such as 
Ti. Although classically twinned martensite was assumed to form in medium and high carbon steels, where 
the carbon content of austenite exceeds 0.2% [47], it has been reported many times in low-carbon steels 
(even as low as 0.09%C) [11, 23, 48, 49], For instance, Samuel [23] reported the presence o f twinned 
martensite between grains o f polygonal ferrite formed upon normalizing an HSLA steel with 0.1 %C- 
1.5%Mn-l%Cr-0.003%B. For this reason, some have considered a lower threshold of carbon content for 
twinning, and found that replacement o f slip by twinning (as modes o f deformation) occurs over a range o f 
0.1-0.3 %C in plain carbon or C-Mn steels [31]. Any alloying that depresses the Ms temperature also 
promotes twinning. Increasing the cooling rate was also considered a factor that promotes twinning [31], 
likely due to the changes in the critical resolved shear stresses for slip and twinning that favour twinning
[50], Zhao [51] reported formation o f twinned martensite in pure iron and dilute iron alloys at sufficiently 
high cooling rates. He showed that twinned martensite and lath martensite could be formed in one steel 
with separate Ms temperatures.

Twinning has been reported in ferrite too. Hutton el al. [40] examined the orientation relationship 
between a single ferrite grain and the transformation twin within the grain using a microbeam X-ray 
technique. They found transformation twins not only in iron-manganese alloys, but also in several liigh- 
purity irons. In fact, they found transformation twins “ in all low-carbon steels examined when an attempt 
was made to locate them” . Cooling from the austenitization treatment temperature was performed at 
various rates from furnace cooling to quenching in iced brine. The twins were also found in as-cast 
structures and hot-rolled sheets. The transformation twins in ferrite are not very noticeable. Fig. 6-18 shows 
the many shapes transformation twins can have in a-iron. Straight-sided twins stretching across the whole 
grain (type E in Fig. 6-18) are not observed very often. Non-coherent (irregular) interfaces are common 
(type A in Fig. 6-18).

A - TWIN WED0E 
B - PARTIAL TWIN BAND. TWO 

COHERENT INTERFACES 
PARTIAL TWIN BAND. THREE 
COHERENT INTERFACES 
ENCLOSED TWIN BAND 
TWIN BANO
SINGLE COHERENT BOUNDARY

COMPLEX PARTIAL 
TWIN BANOS 

I  -  PARTIALLY COHERENT 
BOUNDARY

FIG. 6-18. The different shapes of transformation twins in high-purity irons and low-carbon steels [40].

Heikkinen [39] also found many twins in the ferritic structures o f V-bearing mild steels, cooled quite 
slowly from solution temperatures >1100°C. The transformation twins were crystallographically equivalent 
to mechanical twins, i.e., in terms o f twinning planes and twinning directions (Table 6-1). However, they 
had a very different morphology. They were described as “ thin prismatic crystals”  with coherent twin 
boundaries, unlike mechanical twins that are in general narrow bands (also known as Neumann lamellae). 
Fig. 6-19 shows a dark-field TEM micrograph taken from a twin reflection, showing the difference between 
the two types o f twinning, in a low-carbon V-bearing steel [52]. The two narrow lamellae are mechanical 
twins. The other bright structures are transformation twins. The steel had been austenitized at 1100°C for 30 
min, cooled at a rate of 3.5°Cmin'' (i.e., ~0.06°Cs'') and compressed slightly at -195°C.
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FIG. 6-19. Dark-field electron micrograph showing mechanical and transformation twins in a low-carbon steel
microalloyed with vanadium [52].

4) Relaxation twinning
Relaxation twinning happens as a means o f relaxation of high internal stresses that are accumulated 

in metals. Although the source o f stress can be due to a phase transformation, this type o f twinning does not 
occur directly as a result o f a transformation and does not occur during or immediately after transformation.
Danil'chenko [46] reported two modes o f relaxation twinning in the martensite in a {0 11}(011) system.

One was observed in a number o f quenched steels upon transition o f as-formed martensite to stable 
martensite at cryogenic temperatures. This transition occurs upon a thermally-activated redistribution of 
carbon atoms in the lattice. The other mode was observed upon tempering quenched carbon steels (alloyed 
with either 9%Mn or 27% Ni) from cryogenic temperatures to 10-20°C.

6-2-3-3. Twinning in the H A Z
There are not many reports on observation o f twinned martensite in the HAZ o f low-carbon steels. It 

seems it is mostly accepted that twinned martensite may form in low-carbon-steel HAZ (Fig. 6-20), due to 
inhomogeneities in the austenite grains with respect to carbon concentration caused by the rapid thermal 
cycle o f welding [1, 53], Again, alloying with elements that increase hardenability, due to solid solubility, 
and increasing the cooling rate were found to lower the Ms temperature and, therefore, increase twinning in 
the HAZ [31, 50],

FIG. 6-20. Twinned martensite in the coarse-grained HAZ of a low-carbon HSLA steel weldment (left) and 
precipitated along ferrite boundaries (right) - dark field TEM images [1].
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Deb et al. [53] found traces o f transformation twinned martensite in the CGHAZ o f an HY-80 
(quenched and tempered) steel, with 0.18%C, welded by SMAW. They recognised this constituent as a 
phase most susceptible to HAC. The formation was attributed to the inhomogeneities within the austenite 
grains with respect to carbon concentration, presumably due to short times at temperatures that cause 
carbide dissolution. They found that preheat reduced the occurrence o f transformation twinned martensite, 
presumably by reducing the amount o f inhomogeneities (by slowing the thermal cycle the same way that an 
increase in the heat input would do). They concluded that since the volume fraction o f the twinned 
martensite was low compared to other microstructural constituents, its effect on HAC susceptibility is 
limited compared to other parameters such as amount o f hydrogen pick-up during or subsequent to 
welding.

6-2-3-4. Effect of twinning on mechanical properties
Twinning increases the strength and hardness by reducing the effective grain size [52]. However, the 

small volume fraction o f twinned martensite observed in low-carbon steels is not expected to significantly 
affect the strength [11]. The effect o f twinning on toughness and fracture properties is not conclusive. 
Many investigators have blamed twinning (e.g., mechanical twinning or transformation twinned martensite) 
for brittle fracture. For instance, Zener (as cited in [52]) postulated that the number o f initiation sites for 
cleavage cracking increases in the presence o f twins, due to the blockage o f slip bands by twin boundaries. 
Akselsen et al. [54] considered formation o f twinned martensite during the weld cooling cycle responsible 
for embrittlement in the intercritical HAZ o f a low-carbon ferritic-pearlitic steel. Their conclusion was 
based on Charpy V-notch tests o f many thermally cycled specimens and observation o f twinned martensite 
in the samples. Twinned martensite has also been reported to be the most susceptible microstructure in the 
steel to hydrogen embrittlement. Even small amounts o f twinning in slipped (lath) martensite have been 
reported in the literature [55] to increase the susceptibility o f otherwise tough lath martensite to HAC.

Mahajan and Williams [35] considered deformation twins as a conceivable source o f fracture. This 
was related to stress concentration and/or microcrack formation at the location o f twin terminations within 
a grain or at the intersection o f a twin with another twin or a grain boundary, as well as an elastic-plastic 
disturbance introduced during the high-speed propagation o f the twins. It is conceivable that the reasons for 
a possible loss o f ductility and toughness accompanied by twins in general (not restricted to mechanical 
twinning) are:

1- An increase in obstruction o f dislocation movement and plastic deformation (at random 
orientations not those favourable to twinning).

2- Stress concentration or microcrack formation where twinning is arrested.
3- The elastic-plastic disturbances as a result o f twin propagation.

Nevertheless, it is not conclusive whether twins are responsible for toughness deterioration or i f  they 
form in an alloy or under conditions that show poor mechanical properties. Heikkinen and Soininen [52] 
conclude that the transformation twins increase the strength more than they affect the ductility and, hence, 
must have a minor effect on the transition temperature. Twinning has been observed in the vicinity o f the 
fracture, but as Mahajan and Williams [35] pointed out that does not necessarily mean it had an effect on 
fracture or even that twins were there before the fracture. Theoretical as well as experimental investigations 
o f different metals including pure iron have shown that propagating cracks can create micro-twins.

6-2-4. Microstructural examination of the H A Z  in low-C microalloyed steels
There is limited work on the microstructural examination o f the HAZ in low-C microalloyed steels 

similar to Grade 100. Thaulow el al. [15] examined the phase structure and mechanical properties o f a Nb 
microalloyed steel with 0.09%C, 1.56%Mn, 0.01%Mo, 0.01%N, 0.002%Ti, 0.01%V, 0.04 l%Nb and 
0.036%A1. The BM consisted o f ferrite and pearlite (due to low amounts o f microalloying elements and 
likely low cooling rate during transformation) and a yield strength o f only 379 MPa. The cooling times for 
simulated HAZ samples varied between 2.5 and 30s (similar to the range studied in present work). Fig. 6 - 
21a shows the weld CCT diagram obtained for this material with a peak temperature o f 1350°C. They 
found that the microstructure in the CGHAZ was mainly martensite for cooling times below 4-5s, mainly
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upper bainite (either side-plate or acicular ferrite) for cooling times above 1 0 s, and a mixture o f martensite 
and UB for cooling times between 4 and 10s (Fig. 6-2lb). The only effect o f cooling times above 10s on 
the CGHAZ microstructures was a slight increase in the amount o f AF with some coarsening o f the ferrite 
laths. They characterized FGHAZ as having fine grains o f polygonal ferrite, regardless o f the cooling time.

The notch toughness in the CGHAZ was found to drop drastically with an increase in cooling time 
(Fig. 6-2 lc). The toughness dropped to a very low shelf (-20 J) at a cooling time o f 8-9s and remained at 
that level with a further increase in cooling time. This showed the inferior mechanical properties o f UB 
compared with the low-C martensite. The hardness in the CGHAZ dropped gradually from a maximum of 
360—370 HV5 at a cooling time o f 2.5s to 230—240 HV5 at a cooling time o f 30 s. The variation o f 
microstructure and transformation temperature across the HAZ is shown for a cooling time o f 8-9s in Fig. 
6-2Id. They concluded that a minimum heat input should be applied to avoid brittle zones, dominated by 
UB. A bainite content o f 30-50% was enough to lower the notch toughness below 40 J.
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FIG. 6-21. HAZ properties of a low-carbon (0.09%) microalloyed steel, after Thaulow et al. [15]: a) The weld CCT 
diagram; b) simulated CGHAZ microstructure as function of cooling time; c) Variation of notch toughness and 

hardness in the CGHAZ (TP= 1350°C) as a function of cooling time; d) variation of transformation temperature and 
microstructure across the HAZ for a cooling time of 8-9s.

Moon el al. [56] studied the microhardness and microstructure of the HAZ o f some low carbon 
HSLA-100 steels with 0.035-0.055%C, 3.41%Ni and a maximum total o f -0.04% Ti+Nb+V. The 
weldments were produced by multi-pass gas metal arc welding. They found a mixture o f “ fine untempered
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lath martensite”  and “ coarse autotempered martensite”  in the mid HAZ, where the hardness was highest 
(340-360 HV). The coarse martensite was an order of magnitude wider than the fine martensite. The 
presence o f untempered lath martensite was deemed an undesired microstructure, susceptible to hydrogen 
cracking.

6-3. Grain growth
A fine-grained microstructure contains a large amount of grain boundary area, which represents an 

excess free energy in the system. Given the thermal activation energy, the system would like to release this 
energy through grain coarsening. Precipitates, on the other hand, exert a pinning force on the grain 
boundaries, the amount o f which depends on their size and distribution.

Grain growth in the HAZ has several effects on the properties o f the HAZ as well as the WM. The 
matrix grain size distribution originates from the primary austenite grains. Although the base metal grain- 
size distribution affects the HAZ grain sizes, the important factor to control is the austenite grain growth 
during the welding thermal cycle, or the “ austenite grain size prior to transformation” . The size o f the 
transformed grains directly affects strength and toughness.

Austenite grain growth increases the hardenability and displaces the CCT diagrams to longer 
reaction times, hence causing the formation o f Widmanstatten ferrite, bainite and martensite, upon cooling. 
The presence o f these microstructures and coarse grains in the CGHAZ reduce the fracture toughness and 
increase the chance for cold cracking and reheat cracking. Also, the grain structure in the WM is dependent 
on the degree o f grain growth in the CGHAZ, as solidification in the WM occurs on the coarsened grains in 
the HAZ.

6-3-1. Grain growth kinetics
I f  the mean radius o f curvature o f the grain boundaries is assumed to be proportional to the mean 

diameter o f the grains, D , the average driving force for grain growth is given by Equation 6-1 [3]. yKh is the 
grain boundary energy.

2  y  .
A G « - 4 ^  (6 - 1)

D
Equation 6-2 then gives the mean growth rate as being proportional to the mean driving force. M  is the 
grain boundary mobility, which is highly dependent on temperature.

- ^ M ^ -  (6 -2 )
dt D

Integration on Equation 6-2 gives Equation 6-3, where K= 4MyKh, and Du is the original grain size.

D 2 = D l + Kt (6-3)

It should be added that the relation given by Equation 6-4 is experimentally found for isothermal grain 
growth o f austenite in low alloy steels [57]. D  is defined as the diameter o f a regular tetrakaidecahedron so 
that D -  1.116L . L is the mean lineal intercept.

D" = D" + K t (6-4)

For pure metals n « 2 (making Equations 6-3 and 6-4 equivalent), while for alloys n>2, due to impurity 
drag effects [3]. As grain growth is a thermally activated diffusional process, K  follows the well-known 
Arrheinius relationship [5], i.e.:

r - Q c \ (6-5)
. RT )

where K0 is a constant, R is the gas constant, T is the temperature in Kelvin and 0 G is the activation

energy for grain growth. As the weld thermal cycle is not isothermal, it can be represented as a series o f 
isothermal steps with small increments o f holding time [57]. This translates to summing the area under the
curve o f exp (-Q a t RT(t)) versus time, similar to the analysis for precipitate dissolution (Section 5-4-1-

2). The value o f this integration may be called the “ kinetic strength”  o f the thermal cycle [58].

K = K0 exp
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6-3-2. Grain growth inhibition
There are two mechanisms for grain growth/coarsening: 1) normal or primary grain

growth/coarsening and 2) abnormal grain growth or secondary recrystallization [59]. In normal grain 
growth, many grains grow and collide and as the growth proceeds the driving force decreases and the 
growth is slowed. In abnormal grain growth, only a few grains grow and consume other fine grains, and 
maintain a rapid growth rate, at least until they impinge with other abnormal grains [5]. Fig 6-22 shows 
these two mechanisms for two types o f steels, where grain sizes are shown after isothermal heating at 
different temperatures for 1 h. In a plain carbon steel, the grain size increases continuously with 
temperature, i.e., normal grain growth. In a grain-refined steel, microalloy precipitates inhibit grain-growth 
up to a temperature that depends on the chemistry and precipitate characteristics in the steel, as well as the 
holding time. At higher temperatures grain growth occurs under abnormal conditions, where the grain sizes 
developed w ill be larger than those in a steel without any grain refining additives. A t considerably higher 
austenitizing temperatures, the grain-refined steel reverts to a normal grain growth process and the grain 
sizes developed w ill be similar to those in a plain carbon steel, due to substantive dissolution o f the 
particles.

Abnormal
-2

Plain carbon 
0 \  s te e ls \\

o>

Mixed

Fine

120011001000900
Temperature (°C)

FIG. 6-22. Effect o f austenitizing temperature and steel chemistry on austenite grain growth. Heat treatments last for 1
h [5],

Grain growth inhibition in microalloyed steels requires an adequate volume fraction o f sub-critically 
sized particles. I f  the precipitates are smaller than a critical size they can inhibit the grain coarsening and, 
according to Palmiere [59], mechanism 1 (normal growth) prevails. I f  the precipitates are larger than the 
critical size they cannot effectively pin the grain boundaries and abnormal grain coarsening takes over. 
Gladman found this critical size, rc, for precipitates, expressed by Equation 6 -6 , by equating the driving 
force for grain coarsening with the precipitate pinning force.

4 \
(6-6)

where f v is the volume fraction o f the precipitates, R0 is the average grain size (in fact the edge length o f a 
tetrahedron) and Z represents the ratio o f the radii o f the growing grains to the radii o f the average grains 
( Z  = R / R 0 w 1.5-2) [5], As Easterling states [3], the problem in using these equations in practice lies in

the difficulty in estimating/)/ accurately.
Experimental work by Gladman and Pickering (as cited in [60]) showed that in steels containing Nb 

and Al, particle sizes up to 50nm could pin the austenite grains at temperatures as high as 1050°C. George

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



137

and Irani [60] found finer critical sizes for Ti-bearing steels (-15 nm). The difference was attributed to the 
effect o f volume fraction. The Ti-bearing steels had lower volume fractions o f fine TiN. Both works 
showed good agreement with the prediction of Equation 6 -6 , when volume fractions were taken into 
account. However, some other experimental results suggested that these models underestimated the pinning 
force exerted by precipitates. Some experiments have shown that precipitation o f NbCN can be localized. 
There may be segregation o f solutes towards prior austenite grain boundaries, sub-grain boundaries and 
deformation bands. Therefore, upon precipitation, a higher volume fraction o f NbCN is present at these 
locations, that w ill result in higher pinning forces than calculated based on a uniform particle distribution 
[59].

There is also another controlling factor, namely the effectiveness o f precipitates in restricting 
austenite grain growth. Some precipitates, depending on their size and distribution, can suppress austenite 
grain growth until they coarsen or dissolve. V(C,N) are only effective up to 900°C, while Nb(C,N) can 
restrict grain growth up to around 1200-1250°C. Among all microalloy precipitates, TiN is the most stable 
at very high temperatures up to 1250-1300°C [1,4],

The average grain size o f the austenite can, therefore, be found from Equation 6-7, where in
factZ) = 2R0. This should determine the average austenite grain size where grain growth is inhibited (i.e.,
FGHAZ). Gladman’s equation (Equation 6-7) is different from the well-known Zener equation (Equation
6 -8 ), in that it takes into account a distribution o f grain sizes. Also, note that in Zener’s equation D  is the 
diameter o f a spherical grain.

D  =
(  3 2 ^

  (6-7)
2  Z J

D  = —  (6 -8 )
H

Relationships o f the general form o f Equation 6-9 have been experimentally obtained for several 
microalloyed steels by Japanese investigators [3], where proportionality constants, KiXh had values such as 
0.24 in one case o f Ti-bearing steel and 0.75 in another case o f Ti-bearing steel. In fact, even for the 
theoretical equations o f grain growth lim it in the form of Equation 6 -8 , constants o f proportionalities 
different from that given in [5] are found by other investigators [61], and this leaves some degree o f 
uncertainty on the subject.

D  = K m j  (6-9)

6-3-3. G rain growth in the HAZ
It was found experimentally by Ikawa et al. (as cited in [3]) that the major increase in grain size 

occurs during the heating part o f the thermal cycle in GTAW and SAW o f some HSMA steels. Only 20% 
o f the total grain growth occurred during the cooling part. The reason is that the driving force is high only 
during the initial stages o f the welding.

Basically there are three factors that can hinder grain growth in the HAZ [3]:
a) Precipitates
b) Impurity drag
c) Temperature gradient

The effect o f precipitates was discussed in the previous section. According to Equations 6 - 8  and 6-9, grain 
growth continues unrestricted after the precipitates are coarsened greatly or dissolved. However, 
segregation o f certain solutes, especially Nb, P and S, to the grain boundaries exerts additional dragging 
forces and reduces the mobility o f the grain boundaries. Temperature gradients exert another hindering 
force due to the gradient in the grain size profile. It has been suggested that the smaller grains at locations 
farther from the fusion line exert a “ pinning”  force on the larger neighboring grains closer to the fusion line 
[3]. This is referred to as “ thermal pinning”  in some o f the literature [57], Another hindering force is the 
“ liquation pinning”  that was deemed responsible for occurrence o f a peak grain size at -150-200 pm away 
from the fusion line and a decrease in grain size from that point towards the fusion line [62]. Grain 
boundary liquation, the formation o f liquid films at the grain boundaries close to the fusion line, effectively 
pins the grain growth. This, however, is restricted to the regions very close to the fusion line only.
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6-3-4. Grain-coarsening temperature
The temperature above which the undissolved precipitates can no longer retard grain growth is called 

the grain-coarsening temperature, Tc,c■ There have been different criteria adopted in defining the grain- 
coarsening temperature, Tac. Gladman and Pickering (as cited in [60]) chose “ the temperature at which the 
mean linear intercept corresponded to an ASTM grain size number o f 5, which was approximately 
equivalent to the development o f 20-30% o f the coarse grains. George and Irani [60] used the first 
appearance o f a large area o f Widmanstatten ferrite across the HAZ for this purpose. In the HAZ o f Grade 
100 steel, the FGHAZ and CGHAZ show a distinct boundary, at which the grain sizes that showed a 
plateau in FGHAZ start to grow rapidly in the CGHAZ (as w ill be shown in Section 6-5-7). For this reason, 
the Tac in this study was chosen to represent the boundary between CGHAZ and FGHAZ, as determined 
by optical microscopy.

The experimental work by Goerge and Irani [60] showed that the Tac in grain-refined steels with Al, 
Nb and V is ~1100°C, while it has a value o f ~1200°C in steels with titanium additions, when the ratio o f 
Ti-to-N weight fraction is low (~2). They found that steels having higher Ti-to-N ratios (e.g., 6-7) give a 
low value o f Toc. In the presence of Nb, the ratio o f Ti to N has to be even lower to have a high TGC. 
Formation o f TiC and subsequent coarsening o f both TiC and TiN, due to dissolution o f TiC at high 
temperatures, were found to be responsible for low Tac in steels with high Ti-to-N ratios. TiC formed in 
these steels, due to availability o f excess Ti in solution below the temperatures where all N is tied up with 
Ti.

It should be added that Tac is time dependent and, therefore, a quoted Tcc should be accompanied by 
holding time [5]. The reason is due to coarsening o f the particles (Ostwald ripening effect) and particle 
dissolution at high temperatures. Coarsening causes an increase in the particle size and dissolution causes a 
reduction in volume fraction, both of which w ill result in enhanced grain growth and lowering of Tac 
Welding heat input also has some effect on TGc, which w ill be discussed in the next section.

6-3-5. Effect of heat input on grain growth
Heat input affects grain growth in two ways: heating rate and exposure time at high temperature 

(dwell time). The effect o f dwell time on particle coarsening and dissolution is similar to the effect o f 
holding time in isothermal heating, as discussed in the previous section. Fig. 6-23 shows the effect o f 
heating rate on the Toe for a V-Ti microalloyed steel, after Siwecki et al. (as cited in [61]). Encircled 
numbers refer to the size o f austenite grains at the TCc- It shows that the Tac decreases with an increase o f 
heating rate (equivalent to a decrease in heat input in weld thermal cycles). As the heating rate increases, 
and particularly in low-carbon steels (with little or no iron-carbides, whose interface with ferrite would be 
the primary nucleation site for austenite at low heating rates), nucleation o f austenite occurs at more sites 
on the ferrite grain boundaries [5], This increases the initial number o f austenite grains, hence increasing 
the driving force for abnormal austenite grain coarsening [61], Nevertheless, the short dwell periods at high 
temperatures during welding impose limitations in the extent o f abnormal grain growth.
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UlCO 0.036V-0.013 Tt-0.011N 
Holding time = 30mln.24.0,
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FIG. 6-23. Effect o f heating rate on the grain-coarsening temperature (TGc) for a V-Ti microalloyed steel [61], The 
encircled numbers specify the austenite grain size in microns.
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6-4. Experimental procedure
The basic metallographic samples for optical microscopy (OM) and transmission electron 

microscopy (TEM) were prepared as explained in Section 3-5. OM was performed using an Olympus light 
microscope at magnifications 150-1000x. Replicas were prepared as described in Section 5-6. For grain 
size measurement, samples were examined at low magnifications (1500-6000x) in the TEM. Thin-foil 
samples for TEM were prepared by a focused ion beam (FIB) technique at specific locations indicated on 
the pre-etched metallographic samples.

Fig. 6-24 shows how the FIB lift-out samples are prepared. First a layer o f FIB-deposited tungsten is 
placed on the surface at the designated location. This is to protect the sample beneath from sputtering. Then 
two trenches are milled on either side o f the tungsten, using a high current gallium (Ga+) ion beam for fast 
ion milling. Further thinning o f the central membrane to a thickness o f -1 pm is achieved by using a 
smaller beam current. The membrane is then framed by applying three cuts around it. The membrane inside 
these cuts w ill be ion polished until it is electron transparent. As the polishing proceeds the beam current is 
decreased. At the last step, the small attachments o f the membrane to the bulk that were left for providing 
support during polishing are cut, which frees the membrane. The electrically charged membrane w ill stick 
to a glass needle, accurately moved by a micromanipulator, and is transferred to a TEM grid, typically 
made from copper mesh with a thin film o f support material coating it [63]. The site specificity o f FIB 
system makes it a very useful tool for making TEM samples from the exact region o f interest in the HAZ. 
Compared to the conventional thin-foil samples prepared by electrojet polishing, FIB samples have larger 
areas o f thinned sample for electron transparency purpose (-10x15 pm2). This also reduces the amount o f 
magnetic interference in the TEM column.

Step 1 
Locate the Area 

of Interest

Step 2
FIB-deposita 

Protective 
Tungsten Layer

Step 3
Mill Initial 

Trenches & 
Rough Polish

Step 4
Thin the Central 

Membrane

Step 5 
Perform "Frame 
Cuts" on Central 

Membrane

* <sm

Step 6
"Polish Mills" to 
Near Nominal 

Thickness

Step 7
Polish for 
Electron 

Transparency of 
Membrane

Step 8
FIB-mill to Free 
Membrane from 

Trenches

FIG. 6-24. The various steps in making TEM lift-out samples by FIB technique [63],

Simulated samples for examination of twinning in the CGHAZ were prepared by heat-treating small 
samples (approx. 7 mm x 15 mm) o f Grade 100 steel o f different thickness (0.50-2.00 mm). This consisted 
o f solution annealing in a tube furnace at -1200-1250 °C for various lengths o f time (4-30 min), and then
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quenching in iced-brine (~ -10 °C). Fig. 6-25 shows the set-up for this experiment. A tube furnace and a 
type S thermocouple were used. A type K thermocouple and an argon gas tube were fed into a mullite tube 
from one end and the sample holder and another gas tube were attached to the tube from the other end. 
Argon flow protected the sample from oxidation and decarburization. The heating rate was 20 or 50 
°C/min. The sample holder (a plug with a wire passed through it holding the sample at the end) was 
designed to be drawn out o f the tube and inserted into a bucket o f iced-brine rapidly. The quenched sample 
was then cut, mounted, ground and polished through conventional metallographic methods. Final polishing 
was achieved by diamond paste 1 pm. Samples were then etched with 2% Nital for about 10-20 seconds 
(medium etching). A Mitutoyo Vickers hardness testing machine was used to check the hardness at several 
locations. A suitable sample was chosen, and a location o f interest, having the required hardness, was 
marked to make a thin-foil TEM sample by the FIB method (Fig. 6-26).

FIG. 6-25. The furnace setup for heat treatment and simulation o f the CGHAZ.

FIG. 6-26. The mill-out location on the sample chosen for preparation o f the TEM-FIB sample: a) macrograph; b) 
micrograph - the location o f the mill-out was exactly specified by the cross on the micrograph and by the hardness

indentations in a triangular pattern.

6-5. Results and discussion 
6-5-1. BM phase microstructure

Fig. 6-27 shows the microstructure o f the BM obtained from a longitudinal section (w.r.t. RD). 
Initially, optical micrographs at magnifications 150-1000x were examined. The BM is made up o f 
primarily oriented bainitic ferrite with smaller amounts o f polygonal ferrite [64], The banded structure is a 
result o f segregation and TMCP. TEM replicas, however, resolve these microstructures much better at
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higher magnifications. Figure 6-28 shows a mosaic o f TEM micrographs with original direct magnification 
o f 3000x from the longitudinal and transverse sections of the BM. The boundaries o f “ pancaked”  prior 
austenite grains, a result of controlled rolling below the no-recrystallization temperature during processing 
[24], can be discerned on the longitudinal section (Fig. 6-28a). These pancaked regions are less discernable 
on the transverse section (Fig. 6-28b).

FIG. 6-27. OM from the BM  (longitudinal section) at two magnifications.

Fig. 6-29 shows the grain structure o f the BM at a higher magnification o f 6000x. Packets o f parallel 
ferrite laths are visible on the longitudinal section (Fig. 6-29a). The individual laths, having low-angle 
boundaries with the adjacent laths can be observed inside each packet. Two o f these not-so-sharply etched 
grain boundaries are denoted with arrows. The transverse section shows elongated grains with irregular 
grain boundaries. TEM images o f FIB samples, prepared from the BM, are shown in Fig. 6-30. It shows the 
jagged grain/sub-grain boundaries o f the bainitic ferrite grains (Fig. 6-30a). A grain from another region is 
shown at higher magnification revealing a network o f dislocations and fine precipitation on the 
dislocations. Such a network o f dislocations was not observed in the other regions examined and, therefore, 
is not likely a representative sub-structural characteristic.

Another feature resolved better with the replicas is the patches o f dark contrast (Fig. 6-29). These 
regions, when examined at high magnifications (50,000-100,OOOx) on the replicas do not show any 
diffraction contrast, which indicates that no particles (such as cementite) are present. The fine features can 
be either a result o f structural banding (e.g., due to formation o f M /A microconstituents rich in C) or 
chemical banding (i.e., etching differences due to segregation o f alloying elements). Some elements such as 
Mn segregate drastically in steels [65]. Banding originates from the interdendritic segregation during 
solidification but evolves after reheating, rolling and austenite decomposition [6 6 ]. More investigation is 
required to see i f  these regions are richer in elements such as Mn, Si, P and C, using microanalysis in the 
SEM.

6-5-2. Phase microstructures across the H A Z
The iron matrix phase changes in different sub-zones o f the HAZ are a result o f re-austenitization 

during the heating leg o f the weld thermal cycle and re-transformation from austenite to polygonal ferrite, 
bainitic ferrite or martensite during the cooling leg o f the thermal cycle. The microstructures at each sub
zone w ill be examined for several heat inputs (0.5-2.5 kJ/mm).
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FIG. 6-28 -  Mosaic of TEM replicas from the BM: a) longitudinal section; b) transverse section.

6-5-2-1. ICHAZ
Figure 6-31 compares the grain structure in the ICHAZ for several heat inputs (0.5-2.5 kJ/mm) with 

the BM. Transformation to austenite during the heating leg o f the weld thermal cycle is not completed in 
this sub-zone and the amount o f transformation depends on the distance from the fusion line (i.e., the peak 
temperature). Basically, the microstructure is mainly something between that o f BM and FGHAZ. It is a 
mixture o f untransformed bainitic ferrite and retransformed polygonal ferrite.
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FIG. 6-29. Grain structure o f the BM revealed by TEM-replicas: a) longitudinal section; b) transverse section.

FIG. 6-30. TEM-BF images from FIB samples from the BM.

Figure 6-32 shows a mosaic o f TEM micrographs with an original direct magnification o f 3000x. 
The replicas were obtained from the transverse section (w.r.t. RD, which makes them parallel to the 
welding direction), as the longitudinal-to-welding sections provided large parallel-sided areas for each sub
zone. This increased the chance o f making a good replica. The disadvantage was that the original oriented 
plate-shape grains (untransformed grains) are more discemable on longitudinal sections (w.r.t. RD). For a 
heat input o f 2.5 kJ/mm, however, the replica was made from the longitudinal section, as the ICHAZ was 
not available on the transverse section. The replicas show a mixture o f untransformed and retransformed 
microstructures. In some regions, groups o f untransformed grains, denoted as region 1, and groups o f 
retransformed grains, denoted as region 2, can be distinguished. An example o f each is shown on the 
micrographs o f Fig. 6-32.
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FIG. 6-31. Optical micrographs from ICHAZ as compared with BM: a) BM; b) ICHAZ-0.5kJ/mm; c) IC H AZ-
1.5kJ/mm; d) ICHAZ-2.5kJ/mm.

Basically, the distinction between the untransformed bainitic and retransformed polygonal grains 
comes from their shape. Even on the transverse sections (Fig. 6-33a), the bainitic grains have larger aspect 
ratios and more irregular boundaries, while the polygonal grains have more straight boundaries with more 
equiaxed shapes. Also the new polygonal grains are mostly at the corners o f the grain boundaries o f the 
bainitic grains. Some o f these grains are marked by arrows in Fig. 6-33. FIB samples also show the 
difference in the grain boundaries and grain structures in these two types o f grains (Fig. 6-34).

6-5-2-2. FG H A Z
Figure 6-35 compares the grain structure in the FGHAZ for several heat inputs (0.5-2.5 kJ/mm) with 

the BM. Transformation to austenite during the heating leg o f the weld thermal cycle is completed in this 
sub-zone. The FGHAZ microstructure revealed with OM seems somewhat similar for all three heat-inputs. 
In all cases, in particular the heat inputs o f 1.5 and 2.5 kJ/mm, the matrix consists mainly o f polygonal 
ferrite, <5 |tm in size. The grain growth is suppressed for two reasons, both as a result o f a not-so-high peak 
temperature: the grain boundary mobility is low and the precipitates pin the grain boundaries.
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FIG. 6-32. Grain structure in the ICHAZ revealed using TEM-replicas: a) 0.5 kJ/mm; b) 1.5 kJ/mm; c) 2.5 kJ/mm. (a)
and (b) transverse to rolling; (c) longitudinal to rolling.

Fig. 6-36 shows a mosaic o f TEM micrographs with original direct magnification o f 3000x. These 
replicas were also obtained from the longitudinal sections (w.r.t. welding direction). The replicas reveal the 
fine grain structure better than OM, especially for the low heat input o f 0.5 kJ/mm. It can be observed that 
some grains have larger aspect ratios than those typical for polygonal ferrite. These are packets o f bainitic 
ferrite with lamellar structures. This is better resolved in Fig. 6-37, where the grain structure for a heat 
input o f 0.5 kJ/mm is compared with that o f 1.5 kJ/mm. In FGHAZ-0.5 kJ/mm, two types o f grains are 
recognizable; polygonal ferrite (marked as region 1) and bainitic ferrite (marked as region 2). Packets o f 
bainitic ferrite are particularly visible in this micrograph. The rest o f the grains have structures between 
polygonal ferrite and lamellar bainitic ferrite. The FGHAZ for heat inputs of 1.5 and 2.5 kJ/mm consisted
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mainly o f polygonal ferrite. The higher cooling rate (10-20 times higher; Table 4-4) in the case o f the heat 
input o f 0.5 kJ/mm increased the chance o f formation o f bainitic structures, even though the prior austenite 
grain sizes are small. It is not easy to quantify the area fraction o f bainitic structure. Moreover, it is quite 
possible that this fraction increases across the FGHAZ towards the fusion line. This phenomenon, which is 
due to an increase in carbon content due to dissolution o f carbides (Fig. 5-16) and results in increase o f 
hardness, w ill be discussed in Chapter 7.

(a) ^  \ \ \  ' ( . tyr 'O ~ ~ \ ^

, .—  • V  • "  • v  - f r y  •
Y - . V x  ■1 ^  /  > I  i
’' W - ' C \  • 1 * ' ' - '  1 '

• %

I . * '*■V  r '  v

* I *» / *>;

. j ^ §  0  >.
■ .'j' 5 , i

- ,S >  ' A y  /

> /  ; - Y  ‘  f y

'a  ^ ‘ V  v<^ ' *

> /  .
*•

z.

i V  v U  / “V : / U / /

> -i l pm

Fig. 6-33. Mosaics o f TEM micrographs from the ICHAZ showing retransformed polygonal ferrite at grain boundaries 
o f untransformed bainitic ferrite: a) 0.5 kJ/mm; b) 2.5 kJ/mm.

FIG. 6-34. TEM-BF images o f FIB samples from ICHAZ-0.5 kJ/mm.
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FIG. 6-35. Optical micrographs from the FGHAZ as compared with BM: a) BM; b) FGHAZ-0.5kJ/mm; c) FGHAZ-
1.5kJ/mm; d) FGHAZ-2.5kJ/mm.
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FIG. 6-36. Grain structure in the FGHAZ revealed using TEM-replicas: a) 0.5 kJ/mm; b) 1.5 kJ/mm; c) 2.5 kJ/mm.

TEM images o f FIB samples, prepared from the FGHAZ for the different heat inputs, are shown in 
Figure 6-38 (a-e). The grain boundaries o f the polygonal ferrite in the FGHAZ are straight and distinct (Fig. 
6-38a, c and e), unlike the jagged grain boundaries in the BM (Fig. 6-30). The plate morphology in 
FGHAZ-0.5kJ/mm, shown in Fig. 6-38b, is again a result o f the relatively high cooling rate (not the main 
morphology). Fig. 6-38d shows the region marked in (c) at higher magnification, revealing the fine 
distribution o f carbides.
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FIG. 6-37. TEM-replicas from the FGHAZ comparing the grain structure for two heat inputs: a) 0.5 kJ/mm; b) 1.5
kJ/mm.
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6-5-2-3. CGHAZ
Figures 6-39 and 6-40 compare the grain structure in the CGHAZ for several heat inputs (0.5-2.5 

kJ/mm) with the BM. The former shows a larger number o f prior austenite grains in each micrograph from 
the CGHAZ, while the latter resolves the lamellar structures within the prior austenite grains better. Not 
only is the transformation to austenite during the heating leg of the weld thermal cycle completed in this 
sub-zone, but also austenite grain growth has occurred with little restriction. The amount o f grain growth 
depends on the distance from the fusion line (i.e., the peak temperature). Basically, the CGHAZ is made up 
o f large prior austenite grains (few tens o f microns in size) with packets o f lath martensite for the 0.5 
kJ/mm weld sample, and mainly bainitic ferrite for the higher heat-input samples. As can be readily seen 
from the optical micrographs, the CGHAZ grain structure has more distinct grain boundaries for higher 
heat inputs o f 1.5 and 2.5 kJ/mm than 0.5 kJ/mm, due to reprecipitation o f carbides at these locations (Fig.
5-42e). Reprecipitation was mostly suppressed in the CGHAZ of the 0.5 kJ/mm weld sample (Section 5-6- 
4).
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FIG. 6-38. TEM-BF images from FIB samples showing grain and sub-grain structures in the FGHAZ: a-b) 0.5 kJ/mm;
c-d) 1.5 kJ/mm; e) 2.5 kJ/mm (a mosaic).

0.5 kJ/mm
The replicas for grain structure examination o f the CGHAZ were also obtained from the longitudinal 

sections (w.r.t. welding direction). A main characteristic o f the CGHAZ, unlike the FGHAZ, is the 
variation o f prior austenite grain size across the sub-zone. This can induce microstructural and property 
variations across the CGHAZ. Figure 6-4 la shows a replica spanning the whole width o f the CGHAZ-0.5 
kJ/mm. The mosaics from the three selected grids (R |-R3) are shown in Fig. 6-41 (b—d). The original direct 
magnification was 3000x. The variation in prior austenite grain size is noticeable. One prior austenite grain 
on each grid is indicated by an arrow for comparison. The diagonal lengths for these selected grains can be 
measured as around 15, 35 and 95 pm for grids R,, R2 and R3, respectively.
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FIG. 6-39. Optical micrographs from the CGHAZ as compared with the BM: a) BM; b) CGHAZ-0.5kJ/mm; c) 
CGHAZ-I.5kJ/mm; d) CGHAZ-2.5kJ/mm. Prior austenite grains are visible in the CGHAZ.

FIG. 6-40. Optical micrographs from the CGHAZ as compared with the BM: a) BM; b) CGHAZ-0.5kJ/mm; c) 
CGHAZ-1.5kJ/mm; d) CGHAZ-2.5kJ/mm. The lamellar structures within the prior austenite grains are better resolved

here.
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FIG. 6-41. Grain structure in the CGHAZ-0.5 kJ/mm revealed using TEM-replicas: a) the grid locations with respect
to the fusion line (FL); b-d) Grids R 1-R 3 .

A typical prior austenite grain chosen from grid R2 is further magnified in Fig. 6-42a. A packet o f 
fine lath martenitsite is indicated as region “ 1” . Although this microstructure is a major morphology in 
CGHAZ-0.5 kJ/mm, other morphologies can be noticed. A very minor structure is grain-boundary ferrite 
that grows on the boundary o f a prior austenite grain (indicated by arrow in Fig. 6-42a). Another major 
microstructure than can be noticed in many regions is wide plates o f ferrite with intermediate-size particles 
inside. This is indicated in Fig. 6-42a as region “ 2” . This microstructure, referred to as coarse autotempered 
(lath) martensite by some researchers [53, 56], is also indicated by arrows in Fig. 6-42b and c, which are 
selected from grid Rj. It has a width o f 2^4 pm. The cementite particles that are few hundreds o f 
nanometers in length (Fig. 6-49d) have certain angles within the plates (suggesting an orientation 
relationship with the matrix which is a charateristic o f autotempered martensite). The cementite particles 
were observed more widely in CGHAZ-1.5 kJ/mm (examined in detail in Section 5-6-4). Another 
morphological feature is the formation o f triangles o f lath martensite. One o f these is marked in Fig. 6-42c. 
The formation is due to certain variants o f the orientation relationship between the laths and the prior 
austenite. Coarse martensite forms first from austenite (at relatively high temperatures) and as a result are
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autotempered, while fine LM forms at lower temperatures and are relatively heavily dislocated and 
untempered [53], Another explanation can be that o f Speich and Warlimont [11] who found massive ferrite 
along with lath martensite in the quenched low-carbon irons. Cementite precipitation in massive ferrite 
takes place after aging at room temperature for several days. Massive ferrite forms at higher temperatures 
through a massive transformation mechanism.

V V ' i ' ; . .
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1‘  ̂ vvv? - 3 r
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FIG. 6-42. Selected images from the CGHAZ-0.5 kJ/mm revealing different microstructures: a) selected from grid R2; 
b) selected from grid Rp d) selected from grid R2; e) selected from grid R3.

At regions closer to the fusion line, i.e., grid R3, the prior austenite grains are very large, the packets 
are larger and the laths are longer. Nevertheless, individual plates o f ferrite within the large grains can be 
observed (Fig. 6-42e). These might have nucleated on the inclusions and large TiN particles intragranularly 
(similar to acicular ferrite). They have various amounts o f intermediate-size particles (likely cementite) 
inside them. They are indicated with arrows in Fig. 6-42e. These findings support the idea that the 
microstructure, although mainly martensitic, is not 100% martensite. As the carbon level decreases in steel, 
formation o f martensite becomes more difficult [11], The lath martensite structure in CGHAZ-0.5 kJ/mm, 
taken from the FIB samples, is shown in Fig. 6-43. The laths are 100-300 nm wide and 1-4 pm long. Their 
small width has a significant contribution to the strength and hardness.
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1.5 kJ/mm
The grain structure variation for the CGHAZ-1.5 kJ/mm is shown in Fig. 6-44. Figure 6-44a shows 

schematically the replica, spanning across the whole width o f the CGHAZ. The mosaics from the five 
selected grids (R1-R5) are also shown in Fig. 6-44 (b-f). The original direct magnification was lOOOx. To 
get a sense o f the variation in prior austenite grain size, one prior austenite grain on each grid is marked by 
an arrow. The diagonal lengths for these selected grains can be measured as ~7, 17, 31, 46 and 94 pm for 
grids R, to R5, respectively. Note that they do not represent the average grain sizes at those locations; 
average grain size w ill be discussed in Section 6-5-7.

FIG. 6-43. Thin-foil TEM (FIB) showing fine lath martensite in CGHAZ-0.5 kJ/mm.

Part o f grid R* is magnified in Fig. 6-45a. This is in fact a mosaic o f TEM micrographs with an 
original direct magnification o f 3000x. Some o f the GF grains are indicated by arrows. Essentially, as the 
heat input increases (i.e., the cooling rate decreases), there w ill be an increase in the amount and frequency 
o f higher-temperature transformation products, such as grain-boundary ferrite, acicular ferrite and upper 
bainite. The main constituent within the large prior austenite grains (such as region “ 1” in Fig. 6-45a) is the 
packets o f dense bainitic ferrite laths that have replaced the lath martensite in the CGHAZ-0.5 kJ/mm. 
However, Fig. 6-45a also shows the morphological characteristics o f other bainitic structures, which are 
better resolved in Fig. 6-45b and c. They show granular bainite comprising o f massive ferrite (MF) and 
granules o f M /A or bainitic laths. In many regions (e.g., Fig. 6-45c) cementite particles within the laths o f 
ferrite are visible (lower bainite). Fig. 6-46 is a FIB-TEM image showing some of these particles. These 
were examined in detail in Section 5-6-4 (Fig. 5-41).
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FIG. 6-44. Grain structure in the CGHAZ-1.5 kJ/mm revealed using TEM-replicas: a) the grid locations with respect
to the fusion line (FL); b -f) Grids R |-R 5.
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FIG. 6-46. A  FIB-TEM image from the CGHAZ-1.5 kJ/mm showing some cementite particles.

2.5 kJ/mm
Fig. 6-47a shows a whole grid o f a replica from near the middle o f the CGHAZ-2.5 kJ/mm width. 

Three prior austenite grains are marked on the mosaic. The sizes vary between ~20 and 80 pm in diagonal 
length. The structure mainly consists o f lamellar ferrite, particularly UB and GB with some AF.

Region 1, further magnified in Fig. 6-47b, shows a triangular arrangement o f bainitic plates/laths due 
to growth in certain orientations in a prior austenite grain. Region 2 shows the same structure but sectioned 
transversely. It also shows a packet consisting o f some AF, indicated by an arrow and further magnified in 
Fig. 6-47c. The AF plates, likely to have nucleated on nitrides or inclusions, show certain OR with prior 
austenite, indicated with the triangular arrangement. Region 3, further magnified in Fig. 6-47d, shows a 
smaller PAGS with a GB microstructure, consisting o f MF and granules o f M/A or bainitic laths. Very few 
GF regions were found in this sub-zone, which is somewhat surprising. This may be a sampling effect, i.e., 
only a small region is imaged. Otherwise, it is known that an increase in the heat input w ill result in an 
increase in the occurrence o f GF and an increase o f the width o f GF along the prior austenite grain 
boundaries [67], One region with GF is shown in Fig. 6-47e. O f course, it is known that the formation o f 
GF in Nb-bearing low-carbon steels is generally suppressed at the heat inputs examined here [67], likely 
due to segregation o f Nb at the prior austenite grain boundaries.

A large prior austenite grain (-60 pm in diagonal length) was found in another grid consisting 
mainly o f AF (Fig. 6-47f). The star-shape o f plates interwoven in the adjacent plates is noticeable. At this 
higher heat input, the reduced cooling rate provides the chance for nucleation o f ferrite plates within the 
large prior austenite grains when there are sufficient nitrides or inclusions. The primary plates o f AF grow 
on the nitrides and other inclusions, followed by growth o f secondary plates on the primary plates. Note 
that the cooling rate is not too slow to allow formation o f PF within the grains, as would be the case i f  
much higher heat inputs than experienced here were applied [67]. The ferrite plates for this sample are 
characteristically wide. Fig. 6-48 shows some o f the bainitic ferrite laths. Note that the plate width has 
increased to - 1—2  pm (also noticeable on replicas), to be compared with the width o f martensite laths in the 
CGHAZ-0.5 kJ/mm, which were 100-300 nm. Fleat inputs higher than 2.5 kJ/mm (not examined here) are 
expected to result in the formation o f GF and WF at the prior austenite grain boundaries and AF and PF 
within the grains.
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FIG. 6-47. Grain structure in the CGHAZ-2.5 kJ/mm revealed using TEM-replicas: a) a whole grid in the mid width; 
b-d) selected images from regions 1-3 in (a); e-f) selected images from other grids.

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



169

6-5-3. Twinned regions 
6-5-3-1. Across th e H A Z §

While examining the FIB-TEM samples, regions exhibiting striations were observed in some sub
zones across the HAZ, particularly in CGHAZ-0.5 kJ/mm. Most o f the areas were characterized as twinned 
structures through SAD. Fig. 6-49 shows a region in FGHAZ-1.5 kJ/mm where two groups o f striated 
regions were observed. The SAD pattern, from region 2, was not taken at the proper orientation and, 
therefore, only shows the striated spots (Fig. 6-49b). Although it shows that the striated regions are bcc- 
iron, it does not prove they have twin relations with the matrix. The DF image shows the striations from 
region 2 (Fig. 6-49c). Figure 6-50a and b show another region in the same sample, before and after tilting 
to a proper orientation, where both the matrix and the striated laths were diffracting. The SAD pattern taken 
at this angle was indexed and showed the striated regions were twin-related with the matrix (Fig. 6-50c). 
The DF from a (200) twin plane shows the striations perpendicular to the <121 > direction, i.e., nonnal to 
the twin plane in bcc crystals (Table 6-1). A twinned region was also found in the FGHAZ-2.5 kJ/mm too 
(Fig. 6-51), while no twinned regions were detected in FGHAZ-0.5 kJ/mm or ICHAZ (0.5-2.5 kJ/mm), 
even after repeated tilting at high magnifications.

In the CGHAZ, however, twinning was observed in the 0.5 kJ/mm weld sample but not in the 1.5 
and 2.5 kJ/mm samples. Fig. 6-52a shows a mosaic o f TEM images from a FIB sample prepared from the 
mid section o f the CGHAZ-0.5 kJ/mm. Martensite laths as well as parallel striated features, resembling 
twins, are apparent. These striations are not as packed and as thin as those observed in FGHAZ (-10-20 nm 
in thickness) and normally are expected from twinned martensite in higher-carbon steels. The striations 
went in and out o f contrast upon specimen tilting (Fig. 6-52b and c), indicating that the contrast arises from 
a change in diffraction conditions. To see i f  the striated features were indeed twins, the sample was tilted 
to a [012] zone axis (Fig. 6-53). BF and DF images from a region with striations, as well as the 
corresponding selected area diffraction (SAD) pattern, are shown in Fig. 6-53 (a-c). The SAD pattern 
contains the main matrix reflections (most intense spots), as well as additional reflections arising from the 
twins and double diffraction. The pattern has been fully indexed in the accompanying schematic (Fig. 6 - 
53d). The twins appear bright in the DF image and are indicated by arrows. These twinned grains are 
elongated, 50-200 nm in thickness and 100-300 in length. They were sparsely distributed throughout the 
microstructure.

6-5-3-2. Simulated samples
Two conditions were simulated as explained in Section 6-4. The results are presented below.

Short term (4 mini heat treatment
Initially, samples were solution treated at ~1150°C for a short amount o f time (~4 min), to simulate 

the CGHAZ. The real CGHAZ experiences peak temperatures from roughly 1100 to 1500°C, but for much 
shorter periods o f time. A sample with an initial thickness o f 1.5 mm was found to have a high hardness. 
Note that in the initial setup, the atmosphere was not controlled and a considerable amount o f oxidation 
would happen. The microstructure o f the selected sample is shown in Fig. 6-54a, which was very similar to 
that o f CGHAZ-0.5 kJ/mm (Fig. 6-39b); the microstructure is mainly packets o f lath martensite (width o f 
-100-300 nm and length o f -1 -4  pm) in the relatively large (several tens o f micron) prior austenite grains. 
The microhardness was also very similar: 364 ± 4 HV0.5 (also 365 HV1), indicating it was mainly 
martensitic. TEM examination o f a FIB sample prepared from the sample is shown in Fig. 6-55. Although 
packets o f fine lath martensite (LM) can be seen over large areas, regions o f apparently massive ferrite 
(MF) can be observed as well. This is likely due to the low level o f carbon in some regions, due to a very 
short delay in air during sample transfer from the furnace to the bucket of iced-brine, and the limited 
cooling rate (not exceeding 104 °Cs''). It is known that formation o f LM becomes difficult under these 
conditions [11]. Nevertheless, the sample showed a considerable amount o f twinning (Fig. 6-55b), but not 
as much as observed in CGHAZ-0.5 kJ/mm and only in some locations apparently void o f densely packed 
fine  LM. The diffraction pattern in the inset o f Fig. 6-55c (with a zone axis [-113]), which shows the 
twinning relationship, was taken after tilting the sample to a suitable angle so that both the twins and the 
matrix were diffracting (not shown here).

 ̂A  version o f this section has been published. K. Poorhaydari, B.M. Patchett and D.G. Ivey, 2004. Science and 
Technology o f Welding and Joining. 9 (2), pp. 177-180.
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FIG. 6-49. FIB-TEM images from the FGHAZ-1.5 kJ/mm: a) two regions o f striations; b) SAD from region 2; c) DF
image from the spot circled in (b).
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FIG. 6-50. FIB-TEM images from another region in FGHAZ-1.5 kJ/mm: a) before tilting to a [012] zone axis; b) after 
tilting to a [012] zone axis; c) SAD from the dark region in (b); d) DF image from the spot circled in (c). The arrow in

(d) indicates the normal direction to the twin plane.
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FIG. 6-51- A mosaic of FIB-TEM images from a region in FGHAZ-2.5 kJ/mm, which shows twinning.
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FIG. 6-52. FIB-TEM images from the middle o f CGHAZ-0.5 kJ/mm: a) A  mosaic o f TEM-BF images showing several 
striated regions- The inset shows one o f the regions at a higher magnification; b) TEM-BF image from showing 

striation in low contrast with the matrix; c) TEM BF image after tilting showing striations in high contrast with the
matrix.
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FIG. 6-53- TEM images from another FIB sample from the middle o f CGHAZ-0.5 kJ/mm: a) TEM-BF image tilted 
suitably for SAD; b) SAD pattern from (a); c) DF image from the 200 twin spot shown with an arrow in (b); d) 

Interpretation and indexing o f the spots in (b) as matrix, twin and double-diffraction spots.
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FIG. 6-54. Optical micrographs from the simulated samples: a) short-time anneal (1150 °C, 4 min); b) long-time anneal
(~1225°C, 30 min).
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FIG. 6-55. BF-TEM micrographs from the first simulated sample (1150°C and 4 min): a) A mosaic showing the grain 
structure o f lath martensite (LM ) and massive ferrite (MF); b) several twinned regions; c) A  twinned region with SAD

pattern in the inset.
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Long term (30 mini heat treatment
The next step was to see i f  twinned martensite would form in a quenched sample that had been 

solution treated at a high temperature (~1200-1250°C) for a sufficient period of time (-30 min), so that the 
austenite had been homogenized with respect to the solutes from the dissolved microalloy precipitates. NbC 
is supposed to completely dissolve at this temperature for Grade 100 steel. It was observed that there was 
an optimum sample thickness (-0.8-1.0 mm) where the hardness was maximum. As the thickness increases 
the quenching efficiency decreases. On the other hand, samples that are too thin get cooled too fast in air 
(temperature drops below A 3 = 900°C before quenching in brine). Note that the atmosphere was neutral 
(argon) and scale formation did not happen. Some oxidation was inevitable. The sample with a thickness o f 
0.85 mm was the hardest sample and a location with a hardness o f -360 HV1 was chosen for preparation o f 
a FIB-TEM sample (Figs. 6-26a and b). An optical image from that region, comparable to that annealed for 
a short time (Fig. 6-54a) and CGHAZ-0.5 kJ/mm (Fig. 6-39b), is shown in Fig. 6-54b.

Figure 6-56 shows a mosaic o f TEM micrographs obtained from the sample. Two different 
structures, in some regions alternating, can be readily recognised. One is fully packed with fine LM, and 
the other has seemingly large and wide laths or is MF between packets o f fine laths. The inset shows the 
outlines. Both of these structures show rather high dislocation densities. Figure 6-57a shows some o f the 
locations where twinned regions were found. A twin region is further magnified in Fig. 6-57b and the 
corresponding SAD pattern (after proper tilting), DF image from a twin spot and BF image are also 
presented (Fig. 6-57 c-e). Note that the twinned regions were not readily noticed in this sample. Repeated 
tilting was necessary to find the twinned regions. At the correct orientation and particularly under the right 
DF conditions (from a twin spot), several twinned regions (not all shown here) were observed. This time 
they were in (or close to) both the LM and the massive regions.

6-5-3-3- Final comments regarding twinning
Twinning happens either to relieve local stress or to accommodate local strain [37], There seems to 

be two explanations in the literature with regard to twin formation in low carbon steels. One is based on 
carbon concentration and heating/cooling rate, and the other is not based on these parameters and only 
relies on the fact that twinning can occur in ferrite to relieve local stress or accommodate strains. 
Seemingly, twinning has not been reported in the HAZ o f a carbon steel with a carbon level as low as 
0.08%C and microalloyed with Ti, Nb and V that consume considerable amount o f the C and form stable 
carbides. The lowest carbon level found in the literature was 0.09% but a considerable amount o f N i that 
increased the hardenability was present too [49].

Two types o f twinning were observed in the HAZ: 1) fine internal twins in the FGHAZ (10-20 nm 
thick platelets finely packed) and 2) coarse twins in the CGHAZ (50-200 nm thick platelets more widely 
spaced). It is not clear at this stage i f  they are really different in terms o f the mechanism of formation and 
properties and more investigation is required. These twins were likely transformation twins that form in the 
transformed phases to relive the stresses accumulated as a result o f solidification in the WM and phase 
transformation in the WM and HAZ. Volume fraction measurements o f the twinned regions were not 
deemed meaningful for two reasons. Firstly, very small regions were examined by TEM (FIB samples) and 
twinned regions could be missed. Secondly, as Yu et al. [34] showed (and confirmed here), twinning 
appearance greatly depends on the sample tilt angle, so that a representative number o f twinned regions 
cannot be counted at a given tilt angle. The comparisons here, therefore, are mainly qualitative after tilting 
over a wide angle range.

Basically, there are three questions to answer:
1) Are all the twins in the HAZ twinned martensite?
2) How much does localized accumulation of carbon and microalloying elements, as a result o f

dissolution o f carbides during the heating portion o f the weld thermal cycle, affect twinning? Any
local enhancement o f these elements would increase the hardenability locally.

3) How much does cooling rate affect twinning in the HAZ?
To answer these questions, first it would be helpful to recall the findings o f previous investigators, 

such as Hutton et al. [40] and Heikkinen [39], who showed that twins could form:
1) In ferrite
2) In very low-carbon steels
3) A t any cooling rate.
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FIG. 6-56. A  mosaic o f TEM images showing the microstructure o f the FIB sample prepared from the second simulated 
sample (~1225°C and 30 min). The alternating regions o f massive ferrite (MF) and packets o f fine lath martensite (LM )

are outlined on the schematic inset.
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FIG. 6-57. FIB-TEM images from the second simulated sample (~1225°C; 30 min): a) A mosaic o f TEM-BF images 
showing the locations where twins were found; b) a twin region selected for SAD analysis; c) SAD pattern from (b) 

after proper tilting; c) DF image from the 121 twin spot circled in (c); d) the corresponding BF image o f (d).

With these in mind, observation o f twins in the HAZ o f Grade 100 microalloyed steel, regardless o f 
heat input, should not be a surprise. Although twinning occurs as a result o f cooperative displacement o f 
atoms accompanied by a shear force (similar to the martensitic transformation), it differs from martensitic 
transformations in that twinning is a mechanism o f deformation and not transformation. For a region to be 
called twinned martensite, the martensitic transformation (i.e., non-diffusional transformation by primary' 
shear) should occur first, followed by twinning. There are no reasons to believe that a martensitic 
transformation can occur in the FGHAZ-1.5/2.5 kJ/mm o f a low-carbon microalloyed steel, where the prior 
austenite grain size is small the cooling rate is less than 20°Cs‘ ' (Table 4-5).

TEM examination o f all HAZ and the simulated samples showed:
1) Twinning occurred even when complete dissolution o f carbides and homogenisation o f austenite 

had happened (simulated sample with long annealing time). Lack of complete dissolution or 
austenite homogenisation may have had an effect on the twinning, but was not a major factor.

2) The amount o f twinning in the CGHAZ-0.5 kJ/mm was much more than that o f the simulated 
sample annealed for a short time. The cooling rate in the simulated sample was likely higher than 
that in the 0.5 kJ/mm weld sample (up to ~2000°Cs'' as compared to ~200°Cs'' -  see Fig. 4-3 and 
Table 4-5). In both cases, carbides did not have enough time for complete dissolution and 
austenite homogenisation with respect to carbon and the alloying elements did not happen. The 
only explanation can be the much higher thermal, solidification-induced and transformation- 
induced stresses in the HAZ (which is constrained by the rest o f the plate) than in the free-body 
small coupons used in the simulation.

3) The amount o f twinning among the HAZ sub-zones and different heat inputs was a maximum in 
the CGHAZ-0.5 kJ/mm, where the peak temperatures as well as the heating/cooling rates were 
highest. In fact, the lower transformation temperature makes deformation by slipping more 
difficult, which translates to more twinning.

4) Twins were not observed in the ICHAZ. Twinned martensite had been reported to appear in this 
zone for higher carbon levels (for example in AISI 1045 steel with 0.45%C [6 8 ]) or for lower 
carbon contents when microalloy carbide formers were not used in the steel [54]. In these 
microstructures, pearlite appears in the BM, and twinning is a result of a very high local carbon 
concentration (~0.8%C) above a critical level (which depends on the subsequent cooling rate) in 
regions where the cementite part o f the pearlitic structure is dissolved during the thermal cycle (A, 
< TP <A3) followed by rapid cooling [6 8 ].
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5) The high stresses in the HAZ (Section 4-5-13) seems to be a major factor that can explain twin 
formation even where the peak temperature is not very high or the heating/cooling rates are low.

6-5-4. Bainitic transformation
Traditionally, attempts have been made to name each bainitic microstructure, which had a seemingly 

distinct morphology and/or carbide characteristic (location/size/morphology). For instance, Bhadeshia and 
Edmonds (as cited by Joarder and Sarma [19]) believed that upper and lower bainite form over two separate 
temperature ranges and have different mechanisms of transformation. However, the different bainitic 
microstructures seem to be the result o f changes in a spectrum o f variables, rather than being completely 
distinct. Pearlite is a lamellar aggregate o f ferrite and cementite. The shape and width o f cementite layers 
are comparable to that o f ferrite. However, with increasing cooling rate, the formation o f lamellar cementite 
becomes more difficult and the layer gets thinner and may become discontinuous, eventually becoming 
discrete and small (as in a typical upper bainite). Joarder and Sarma [19] have shown a transition 
microstructure between pearlite and upper bainite that forms upon cooling a 0.2%C-3.6%Ni steel from the 
austenitizing temperature to 500°C and isothermally holding for 100s (Fig. 6-58). This could not be 
considered a bainitic microstructure (according to classic definitions), as both the ferrite and cementite have 
lamellar arrangements. The authors also found that isothermal holding at 450°C for 10s could result in a 
mixed microstructure o f upper and lower bainite (both in Ni steels and Mn steels), i.e., both the lath and 
plate ferrite morphologies, with cementite both along the lath boundaries as well as within the laths/plates. 
This shows again a transition between those states that had been classically considered as distinct. The 
trend towards the formation of cementite within the laths/plates can be attributed to diffusion limitations o f 
carbon out o f ferrite, as the isothermal holding temperature is decreased or the cooling rate in the 
continuously cooled steels is increased. Increasing the cooling rate eventually results in the formation o f 
martensite, where complete suppression o f cementite precipitation and the supersaturation o f carbon occur. 
So the point is that all these changes are on a spectrum and not completely discrete and distinct. 
Classification o f microstructures in iron and steel may need to be readdressed according to this kind o f 
view.

FIG. 6-58. A  transition microstructure between pearlite and upper bainite [19].

6-5-5. Grain-size variations across the HAZ
The grain size variation profiles across the HAZ for two heat input extremes o f 0.5 and 2.5 kJ/mm, 

obtained by optical microscopy (OM), are shown in Fig. 6-59. The boundaries o f the various HAZ sub- 
regions are indicated on the graph in a relative manner, as the exact location o f the sub-region boundaries 
depends on the heat input. It should be noted that the numbers reported here are the apparent grain sizes 
obtained by the intercept method, and not the actual grain size in three dimensions [5]. In fact, they should 
be referred to as mean linear intercepts. However, for the sake o f simplicity, the term grain size is used in 
most cases. Also o f note is that the grain sizes reported in Fig. 6-59 for the CGHAZ are actually the prior 
austenite grain sizes (PAGS); the actual grain size o f bainitic ferrite and lath martensite is much smaller (as

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



181

discussed in the previous sections). The average grain size variations show similar characteristics for both 
heat inputs. There is a plateau in the FGHAZ and an abrupt continuous grain size increase in the CGHAZ 
towards the fusion line. The average sizes are larger for the higher heat input. For instance, the ferrite 
grains in the FGHAZ have an average size o f -3.3 pm for the low heat input (0.5 kJ/mm) and -4.7 pm for 
the higher heat input (2.5 kJ/mm). For the CGHAZ, however, another effect is observed in addition to an 
increase in the average grain size with increasing heat input. The variation from the average PAGS is larger 
for the higher heat input for the same distance from the fusion line. This is a consequence o f grain 
coarsening due to longer exposure at high temperatures, that causes larger grains to grow at the expense o f 
smaller ones [38].
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FIG. 6-59. Grain size variation across the HAZ for two heat inputs of 0.5 and 2.5 kJ/mm.

Many o f the grains in the BM and FGHAZ were too small to be resolved by OM. Therefore, carbon 
extraction replicas, imaged at low magnification in the TEM (direct magnification o f 3000x), were utilized 
for grain size measurement in these regions. Examples o f these micrographs are shown in Fig. 6-60 for the 
BM and FGHAZ (several heat inputs). Grain boundary impressions were readily seen, facilitating 
measurement using the lineal intercept method. The pattern shown in Fig. 6-60f was superimposed on the 
images as a means o f systematically covering all directions and preventing biased measurements along a 
specific direction. This was especially useful for measurements o f the BM, where the grains have a 
relatively high aspect ratio due to pancaking o f the austenite and the bainitic structure. The results o f grain- 
size measurements for the OM and TEM micrographs are reported in Table 6-2. A t least three and 
generally five micrographs were examined in each case and the numbers reported in Table 6-2 represent the 
“ average ± the standard deviation” .

The major difference in the microstructure o f the FGHAZ for the different heat inputs was the grain 
size. The fact that the grain sizes were on average 50% larger for the higher heat inputs o f 1.5 and 2.5 
kJ/mm than for the low heat input o f 0.5 kJ/mm (Table 6-2) can be attributed to the effect o f cooling rate on 
nucleation and growth o f ferrite grains from the relatively small PAGS in the FGHAZ. The faster cooling 
rate for a heat input o f 0.5 kJ/mm w ill cause more supercooling from the equilibrium transformation 
temperature, which enhances nucleation. A faster cooling rate does not favour growth, which is a diffusion 
controlled process and dependent on temperature. The net result w ill be smaller grain sizes. This 
explanation is based on the assumption that the PAGS are the same (or differ slightly) for different heat 
inputs in the FGHAZ.
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FIG. 6-60. TEM bright field (BF) low magnification images o f replicas prepared from different regions: a) BM- 
transverse; b) BM-longitudinal; c) FGHAZ-0.5 kJ/mm; d) FGHAZ-1.5 kJ/mm; e) FGHAZ-2.5 kJ/mm; f) the pattern for 

lines superimposed on the micrographs for grain size measurements.

The PAGS in FGHAZ can be estimated based on Gladman’s equation (Equation 6-7) to be D = 1.7 
pm, when assuming r = 2.5 nm, f  = 10' 3 and Z = 2. That translates to an average intercept length o f ~1 pm.
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Even assuming that the polygonal ferrite grains o f almost the same size as the PAGS will form in FGHAZ 
at higher heat inputs, the estimated intercept length should have been at least 1.5 pm. The underestimation 
is not very large though, when considering the assumptions in the theory o f grain growth inhibition and 
difficulties in estimation o f precipitate volume fraction.

Table 6-2. Mean linear intercepts, i, measured at different magnifications for the BM and FGHAZ o f Grade 100 steel

Region
Average i  (pm)

400xa lOOOx a 3000x b

BM N .A .c N .A .c 1 .2 ± 0 . 1 6

FGHAZ-0.5kJ/mm 3.3±0.2 1 .8 ± 0 . 1 !. 0 ±0 . 1

FGHAZ-1.5kJ/mm 4.6±0.2 2 .6 ± 0 . 2 1.5±0.1

FGHAZ-2.5kJ/mm 4.7±0.2 2 .6 ± 0 . 2 1.5±0.1

a) OM; b) TEM-replicas; c) not resolved well enough for a meaningful measurement; d) the value of i for die BM is die average over
transverse and longitudinal sections.

6-5-6. Effect of peak temperature on matrix phase structure
The microstructural evolution at different sub-zones across the HAZ for the same heat input is 

different. The At8_ 5, the time for cooling from 800 to 500°C, is essentially the same for all regions (with 
the exception o f the ICHAZ where the cooling rate is slightly lower for TP<840°C) and depends only on the 
heat input and plate thickness/geometry [3], Moreover, austenitization w ill not result in a homogeneous 
microstructure, as the heating rate o f the weld thermal cycle is very fast and the dwell time around the peak 
temperature (TP) is only a few seconds. The difference in microstructural changes across the HAZ for 
different sub-zones is due mainly to the difference in TP, which results in higher hardenability for the 
CGHAZ relative to the FGHAZ. The high TP in the CGHAZ (~1200-1500°C) causes an abrupt increase in 
the PAGS (as shown in Fig. 6-60), as well as enrichment o f the austenite in microalloying elements and 
carbon due to dissolution o f the precipitates. Both o f these effects increase the hardenability, i.e., the 
tendency to form lower temperature transformation products such as bainite and martensite. This explains 
the formation o f lamellar structures o f martensite and bainite in the CGHAZ o f Grade 100 steel as opposed 
to polygonal ferrite (and some bainitic ferrite in the case o f a low heat input o f 0.5 kJ/mm) in the FGHAZ.

6-5-7. Effect of heat input on matrix phase structure
The main effect o f heat input on phase transformations is through the cooling rate and PAGS. The 

PAGS in the CGHAZ did not differ greatly among the different weld samples (heat input from 0.5 to 2.5 
kJ/mm). However, Otterberg et al. [67] found that the PAGS in simulated samples from low-carbon steels 
increased considerably with heat input over a wide range o f heat inputs (causing cooling times o f 50-750s). 
They found that increasing the heat input also resulted in an increase in the width o f GF in the prior 
austenite grain boundaries and the lamellar ferrite width (in WF or B).

Decreasing the heat input results in an increase in cooling rate. A cooling rate o f ~100-200°Cs'' 
(Tables 4-4 and 4-5) resulted in a ferritic-bainitic structure in the FGHAZ and a martensitic structure in the 
CGHAZ for a heat input of 0.5 kJ/mm. This was accompanied by a transformation temperature -400- 
430°C (Table 4-5) in the CGHAZ, which is consistent with the formation o f martensite in low-carbon 
HSLA steels (Ms < 450°C) as reported by Shome et al. [69] through dilatation studies (also Fig. 6-11). 
Decreasing the cooling rate to ~10-20°Cs'’ in weld samples with a heat input o f 1.5 and 2.5 kJ/mm resulted 
in the formation o f mainly polygonal ferrite in the FGHAZ and mainly bainitic ferrite in the CGHAZ 
(various amounts o f LB, UB, GB and AF). This was accompanied by transformation temperatures o f 470- 
480°C for a heat input o f 1.5 and 500-510°C for a heat input o f 2.5 kJ/mm, in the CGHAZ. Again, this is 
consistent with the formation o f bainitic structures in low-carbon HSLA steels (UB having a higher 
transformation temperature than LB).

The thermal analysis in Chapter 4 showed that the Tc,c (grain coarsening temperature) decreased as 
the heat input decreased. This is equivalent to a wider CGHAZ relative to the HAZ total width at lower
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heat inputs. The reason for this phenomenon was attributed to the higher heating rate at lower heat inputs, 
as explained in Section 6-2-5. The final PAGS, however, decreased as the heat input decreased, due to 
much shorter exposure to high temperatures.

6-5-8. Advantages o f Iow-mag TEM  using replicas
The trend in microstructure development o f steels is towards finer grains. Bainitic ferrite, with 

plates only a fraction o f a micron in width, is common in HSMA steels. These plates have low-angle 
boundaries with adjacent plates and this makes the boundaries not very sharp or deep after etching and, 
therefore, difficult to resolve in low-resolution microscopes. Each o f these plates, sometimes referred to as 
sub-grains, can be considered as a grain in the context o f the Hall-Petch equation, since the lath/plate 
boundaries can act as obstacles to dislocation movement and hence contribute to the strength [5]. 
Examination o f the grain structure in Grade 100 microalloyed steel shows that most fine grains cannot be 
resolved by OM, resulting in overestimation o f the grain size. TEM at low magnification (1000-6000x) can 
resolve these boundaries very well, with the advantage o f being able to increase the magnification on the 
same location/sample for further analysis o f microstructure, particularly precipitates. The grain sizes 
obtained from replicas w ill be used for correlation studies with hardness (Chapter 8 ).

6-6. Summary
The iron matrix microstructure o f the weld HAZ o f Grade 100 microalloyed steel was examined in 

terms o f different phase structures and grain size. Different sub-zones, i.e., ICHAZ, FGHAZ and CGHAZ, 
were examined for different weld samples with a heat input range o f 0.5-2.5 kJ/mm. OM and TEM (both 
replicas and thin foils) were utilized. The results are summarized below:

1) The BM is made up o f primarily oriented bainitic ferrite with smaller amounts o f grain-boundary 
polygonal ferrite. Each packet o f bainitic ferrite consists o f parallel laths o f ferrite separated from 
each other by low-angle boundaries. The ferrite laths and grains have jagged grain boundaries and 
are relatively highly dislocated.

2) The ICHAZ is a mixture o f untransformed bainitic ferrite and retransformed polygonal ferrite, i.e., 
something between the microstructure o f BM and FGHAZ. The new polygonal grains had smaller 
aspect ratios, straight or curved grain boundaries and were mostly located at the comers o f the 
bainitic grains.

3) The FGHAZ consists mainly o f polygonal ferrite. The FGHAZ o f the 0.5 kJ/mm weld sample also 
consisted o f packets o f bainitic ferrite due to considerably higher cooling rates ( 1 0 - 2 0  times 
higher than that o f the 1.5 and 2.5 kJ/mm weld samples) and had markedly smaller grains.

4) The CGHAZ is made up o f large prior austenite grains, a few tens o f microns in size. The CGHAZ 
grain structure has more distinct grain boundaries for higher heat inputs o f 1.5 and 2.5 kJ/mm than 
0.5 kJ/mm, due to reprecipitation o f carbides at these locations.

5) The CGHAZ-0.5kJ/mm shows two structures o f fine untempered lath martensite and either coarse 
autotempered martensite or aged massive ferrite. The untempered lath martensite had a very fine 
structure (100-300 nm in thickness) and was void o f precipitates. The autotempered martensite or 
massive ferrite had a coarse structure (2-4 pm in thickness) with cementite particles.

6 ) The CGHAZ-1.5kJ/mm was made up o f a mixture o f lower bainite, granular bainite and a smaller 
amount o f grain-boundary allotriomorphic ferrite. The CGHAZ-2.5kJ/mm consisted o f a mixture 
o f upper bainite, granular bainite and acicular ferrite. The plates/laths o f ferrite in these higher heat 
inputs were 1 - 2  pm in thickness.

7) Two morphologies o f transformation twins were observed in the HAZ: a) fine internal twins in 
FGHAZ-1.5/2.5 kJ/mm (10-20 nm thick platelets, finely packed) and b) coarse twins in CGHAZ- 
0.5 kJ/mm (50-200 nm thick platelets coarsely spaced). No regions o f twins were observed in the 
BM, ICHAZ (all heat inputs), FGHAZ-0.5kJ/mm or CGHAZ-1.5/2.5kJ/mm.

8 ) Twinned regions were also observed in the simulated samples annealed at ~1200°C for short (4 
min) and long times (30 min) and quenched in iced brine. The fact that twinning occurred even 
when austenite was homogenized suggests that dissolution o f precipitates and local enrichment of 
the matrix cannot be the main reason for twinning.

9) Transformation twins formed in the HAZ to relieve high thermal, solidification-induced and 
transformation-induced stresses. The twinning amount was highest in the CGHAZ-0.5kJ/mm as 
the transformation temperature was the lowest (highest peak temperature and cooling rate) and slip 
could not happen easily.
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10) Grain size variations across the HAZ showed a plateau in the FGHAZ and an abrupt continuous 
increase in the CGHAZ towards the fusion line. The grain sizes increased both in the FGHAZ and 
CGHAZ with increasing heat input from 0.5 to 1.5/2.5 kJ/mm. The grain sizes in the 1.5 and 2.5 
kJ/mm weld samples were almost identical, especially in the FGHAZ.

11) The fine grains in the BM and FGHAZ could not be resolved well with OM. TEM examination o f 
replicas at low magnification (3000x), which resolved the impression o f the grain boundaries, 
resulted in a more accurate measurement o f grain sizes. The mean intercept lengths o f 1.2, 1.0 and 
1.5 pm were obtained for the BM, FGHAZ-0.5kJ/mm and FGHAZ-1.5/2.5kJ/mm, respectively.

12) Replicas also revealed the prior austenite grain boundaries, packets and the fine laths within them 
in the CGHAZ very well. This proved that replicas are very good samples for grain size 
examination and measurement in the BM and HAZ o f HSMA steels.
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Chapter 7

Mechanical Property Analysis in the HAZ

7-1. In troduction
The most important reason behind all microstructural studies o f the HAZ is improvement of 

mechanical properties o f this zone. A major advantage o f microalloyed structural and linepipe steels is a 
reduction in carbon level that reduces both hardness and hardenability and therefore improves the 
weldability. Nevertheless, the HAZ in these steels still have characteristics and properties inferior to the 
engineered BM, which need investigation [1-3]. Interaction among many mechanical properties such as 
toughness, hardness and the level o f strength mismatch (between different zones in the weld section) 
determine the overall property and efficiency o f a weld joint [4], The small size of the HAZ and variation 
o f microstructure across it have an additional impact which complicates conventional mechanical tests and 
the interpretation o f their results. Hardness can indirectly indicate variation o f the mechanical properties to 
some degree, and hardness tests are easy to carry out even in very small regions.

In this chapter, after reviewing different aspects and tests for evaluation o f the mechanical property 
variations in the HAZ, the results o f the hardness measurements in and across the HAZ will be presented 
and discussed.

7-2. M echanical properties 
7-2-1. H A Z  toughness

Toughness is perhaps the most important mechanical aspect. It is defined as the ability o f a material 
to absorb energy in plastic deformation [5]. Static toughness o f materials is represented by the total area 
under the stress-strain curve o f that material, obtained in a simple tension test. However, the dynamic 
characteristic o f toughness is better evaluated by impact toughness tests, like the Charpy test. These tests 
can lead to two important assessments: a) the ductile shelf energy and b) the impact transition temperature 
[6 ],

The formation o f brittle constituents, together with the thermal stresses developed during welding, 
can cause cold cracking or re-heat cracking. In the absence o f cracking, the mechanical properties o f the 
HAZ are a function o f the microstructure in this region [6 ]. The microstructural factors that control the 
HAZ toughness are (1) ferrite grain size (or lath/packet size), (2) carbon-rich constituents, and (3) the 
carbonitride precipitates [7], Other factors are (4) the phases transformed from y grains and (5) the amounts 
o f impurities such as P, S and N [2]. In general, toughness decreases as the grain size and the volume 
fraction o f carbon-rich constituents increase [7], Precipitates have a more complex effect according to their 
size and volume fraction. They are essentially deleterious to toughness. Sometimes carbides crack or get 
separated from the matrix by interface decohesion. These mechanisms can contribute to void formation. 
Their high inherent strength and the strength o f the bonds between them and the matrix lead to significant 
void nucleation strains [6 ]. More w ill be discussed in the next section.

7-2-2. H A Z  toughness improvement
Improvement o f HAZ toughness is mainly done by some metallurgical controls. Control o f weld 

heat input is also important. These factors are described below.

7-2-2-1. Refinement of effective grain size
Refinement o f grain size is done in two ways: (a) control o f y grain growth, and (b) promotion of 

ferrite nucleation inside the y grain.

a) Austenite grain coarsening inhibition
Control o f grain size, as explained earlier, is done by introducing proper precipitates, like TiN, and 

small particles like Ca(0,S) and REM(0,S) (rare earth metals), which act as grain coarsening inhibitors. 
The effective size o f TiN, however, is believed to be below 50 nm [2]. It is likely that the TiN precipitates 
in the Grade 100 steel examined in this study (>100 nm and some in the size range o f 2-8 pm) play little 
role in austenite grain growth control in the HAZ.
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It has also been observed that TiN precipitates dissolve partially in the temperature range o f 1300- 
1450°C, while Ca(0,S) and REM(0,S) are still stable and effective even at these high temperatures. In 
order to have a fine dispersion o f these particles, the amounts o f Ca and REM should normally be restricted 
to 50 ppm. In this case, Ca(0,S) and REM(0,S) particle size will be within 2-3 pm, which is sufficient to 
retard grain growth [2 ].

b) Nucleation o f ferrite inside the austenite grain
There are many fine particles used as nucleation sites for ferrite or bainite inside the y grain. Ti- 

oxides and nitrides, and complex precipitates o f BN or Fe23(CB) 6 have been used for this purpose [2], The 
resulting microstructure w ill be acicular ferrite, which has a combination o f high strength and good 
toughness.

1-2-2-2. Decrease o f M -A  constituents
Reduction o f M-A constituents is done by reduction o f the carbon equivalent (C.E.; Equations 2-1 

and 2 -2 ) in microalloyed steels, which is possible through the application o f thermomechanical controlled 
processing (TMCP) [2]. Fig. 7-1 shows the relationship between C.E. and the HAZ toughness o f HSLA 
steels. The toughness is given as a Charpy V-notch (CVN) absorbed energy in joules at -20°C. Basically, 
C.E. shows the effect o f carbon and other elements on the hardenability o f steel. There are several 
definitions for hardenability, but the most common and simple one is “ the ability o f steel to form martensite 
on quenching”  [8 ].

Proper choice o f alloying elements, to avoid the formation o f M -A  constituents, is also important. 
The following elements tend to increase M-A formation: B, N, C, Cr, Mo, Nb, V, Si, Cu, Ni and Mn [2], 
These elements should be kept as low as possible in composition, as in general, an increase in chemical 
composition accelerates the formation o f M-A.

300r
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FIG. 7-1. Effect of carbon equivalent on HAZ Charpy toughness of HSLA steels [2].

1-2-2-3. Reduction o f impurities
Reduction o f impurity elements like P, S, O and N is necessary for the improvement o f HAZ 

toughness [2, 9, 10]. Susceptibility to hot cracking and liquation cracking also decreases with reduction in 
the level o f impurities too [11]. Impurity levels should be reduced at the steelmaking stage, or controlled by 
forming stable components later [ 1 2 ],

An increase in phosphorous levels above -0.01% can reduce the toughness in the CGHAZ of low- 
carbon microalloyed steels drastically [13]. The mechanism o f deterioration o f the cleavage resistance of 
martensite as a result o f an increase in phosphorous content is not well understood. Phosphorous does, 
however, prevent austenite grain growth at high heat inputs due to solute drag effects at the prior austenite 
grain boundaries.
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7 - 2 - 2- 4 . Control of heat input
Bhole and Billingham [14] studied the effect o f heat input on the toughness o f various commercial 

HSLA steels microalloyed by Nb. The Charpy V-notch tip was located in the CGHAZ. The heat input in 
their study ranged from 1.5 to 9 kJ/mm for SAW. The CGHAZ microstructures o f the control-rolled steels 
ranged from acicular ferrite (good toughness) to Widmanstatten ferrite and upper bainite (low toughness). 
The toughness decreased with heat input for the latter microstructure, but remained almost constant at an 
acceptable level with the former microstructure.

Smith et al. [15] also examined the effect o f increasing the heat input in some HSLA steels. They 
compared the microstructure and Charpy toughness in simulated CGHAZ samples with heat inputs o f 2 and 
4 kJ/mm. The increase in heat input for low carbon low alloy steels resulted in the formation o f large 
packets o f bainite with low fracture toughness, while at the lower heat input small packets o f low carbon 
lath martensite met the targeted toughness value at low temperatures. An increase in Ni in HSLA 100, from 
1.7 to 3.5%, retained the targeted toughness by increasing the hardenability and the formation o f low- 
carbon martensite. The reason behind the improved fracture toughness energy in low-carbon martensite 
was the formation o f relatively small (<5 pm) packets o f lath martensite with high-angle interfaces between 
the packets. SEM fractography showed that the cleavage facet size was related to the packet size. Large 
packets o f bainite that formed at higher heat input and leaner compositions provided a large length for easy 
propagation o f cracks.

In general, an increase in the heat input may reduce the toughness due to the formation o f grain- 
boundary/proeutectoid ferrite, Widmanstatten side-plates o f ferrite and upper bainite, as well as 
precipitation o f microalloy carbonitrides. These are the factors that result in the embrittlement in the 
CGHAZ o f low-carbon microalloyed steels [16]. Fig. 7-2 shows the effect o f cooling rate on the HAZ CVN 
toughness at-40°C for a series of low-carbon microalloyed steels, after Akselson et al. [13]. The chemical 
compositions o f these steels were similar to that o f Grade 100, but much leaner in microalloying elements. 
The main difference in the composition o f these steels was the level o f phosphorous, which was 180, 70 
and 50 ppm for the steels A, B and C, respectively. Fast cooling rates (At8/5 <15 s) accompanied with 
application o f low heat input (<1.5 kJ/mm), are generally desirable in these steels. Low cleavage resistance 
in the steels was correlated with the high phosphorous content (>0 .0 1 %).
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FIG. 7-2. Effect o f cooling time on the CGHAZ Charpy toughness at -40°C for low-carbon microalloyed steels [13].
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The hardness o f the simulated CGHAZ o f the low-carbon (0.04%) HSLA100-3.5Ni in the work o f 
Smith et al. [15] was -355-360 HV for both heat inputs. The microstructure and hardness o f this sample is 
very similar to that o f CGHAZ in the Grade 100 steel studied here with a heat input o f 0.5 kJ/mm. 
Considering this and the results o f others, in particular Akselson et al. (Fig. 7-2), it can be speculated that 
the CGHAZ-0.5 kJ/mm with low-carbon lath martensite has a higher toughness than the CGHAZ-2.5 
kJ/mm with large packets o f bainitic ferrite. This, however, does not necessarily indicate the fracture 
toughness or behaviour o f the whole HAZ, as cracks may initiate in local brittle zones (LBZ; e.g., local 
regions o f relatively high-carbon lath martensite or twinned martensite) but propagate in other regions.

7-3. Mechanical Tests
The most common mechanical tests used to assess metal toughness are the Charpy test, the drop 

weight tear test (DWTT), the crack tip opening displacement (CTOD) test, hardness measurements and the 
low-cycle fatigue test. In selection o f the correct test and the correct fracture criteria for the assessment o f 
HAZ fracture toughness, it should be realised that HAZ toughness should be related to crack initiation 
rather than to crack propagation [17]. This is because cracks that initiate in the HAZ seldom remain there 
during propagation. Therefore, for HAZ, only CTOD may be appropriate. Charpy tests (which assess the 
energy required for both initiation and propagation) may be useful for quality control tests and qualitative 
comparisons among different weld samples [18]. Even this can be questionable, as Charpy tests do not 
detect local brittle zones in the HAZ [19]. Tensile tests are used for the assessment o f strength matching 
among the BM, HAZ, and WM. Other tests, such as hardness, can give an indirect assessment o f 
mechanical properties.

7-3-1. Charpy test
The standard V-notch Charpy test has been used for evaluation o f HAZ toughness with different 

levels o f success [2, 14, 15, 17-22]. The advantages o f a Charpy test are that it is simple, easy and cheap. 
The disadvantages are that the results are considerably scattered in nature, and the results are useful only 
for comparison. They cannot be used in design, as there is no correlation between Charpy data and the flaw 
size [5],

In some cases, standard Charpy specimens may be difficult to machine out o f the actual HAZ 
samples due to plate thickness, and/or the shape o f the HAZ. There may also be some concerns about the 
location o f the root o f the notch with respect to the HAZ or its sub-regions. Fairchild et al. [23] showed that 
Charpy tests may be insensitive and not show differences in local microstructures when the microstructure 
changes over small distances, as it does in the HAZ. Because o f all these difficulties and concerns, some 
researchers have preferred to use simulated HAZ samples to assess the toughness o f HAZ sub-regions o f 
interest [24-26]. This is also questioned by some researchers as the accurate simulation o f the exact thermal 
cycle may not be achievable [19]. Also, it has been found that the microstructural characteristics and 
properties o f simulated samples can be different from the actual HAZ, due to the limited size o f the HAZ 
and the presence o f adjacent regions with different characteristics [27].

7-3-2. CTOD test
Compared to the Charpy test, the CTOD test is a more precise method. It gives data that can be used 

in fracture calculations and assessment o f notch sensitivity. In this test, the amount o f deformation at the tip 
o f a crack, which is different in brittle and ductile fractures, can be quantified [28].

The CTOD test is a more sensitive test than Charpy testing to assess the toughness o f LBZ in metals, 
and therefore is more suitable for toughness evaluation in weld metal and weld HAZ [23]. This test, 
however, is very time consuming. The position o f the fatigue precrack at the notch tip in the weld section is 
the most important factor in CTOD testing o f the weldments [29],

In spite o f expected improvements in the HAZ toughness of modem low-carbon high-strength 
microalloyed (HSMA) steels, low CTOD values were recorded [1]. These values were related to the 
presence o f LBZs. An LBZ is a region in the HAZ that produces a CTOD value lower than 0.10 mm [4], It 
should be added that CTOA (crack tip displacement angle) testing has also been successfully used in the 
assessment o f fracture behaviour o f modem HSMA steels [30]. The constancy o f the CTOA in the stable 
phase o f crack propagation, regardless o f the fracture length, suggests that a critical CTOA toughness value 
could be determined.
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7-3-3. Tensile test
The importance o f the tensile test is in the assessment o f strength mismatch and degrees o f 

softening/hardening in different regions o f the weld joint. It is also used in the assessment o f stress- 
corrosion cracking. There are three approaches used in this test, as explained below.

7-3-3-1. Sub-size tensile specimens
It is possible to make standard sub-size, round tensile specimens along the longitudinal direction o f 

the weld run. The cross-section o f such specimens w ill sample one or several sub-regions o f the HAZ, 
depending on the width o f the HAZ sub-regions (a function o f heat input). The smallest diameter indicated 
in ASTM A  370 [31] is 2.50 mm. This is small enough to make a longitudinal specimen out o f the 
FGHAZ-2.5 kJ/mm o f Grade 100 (3.65 mm wide). For other sub-regions and heat inputs, a longitudinal 
specimen w ill sample more than one region in cross-section. Still, making longitudinal specimens at 
various distances from the fusion line can be used for estimation o f the variation in mechanical properties 
across the HAZ and for different heat inputs.

It is also possible to make transverse tensile specimens normal to the fusion line [32]. Such a 
specimen w ill sample all the sub-regions along its length. The yielding and fracture should occur at the 
weakest sub-region. This method will assess the overall property o f the weld HAZ, and is best to compare 
the overall effect o f heat inputs, and the evaluation o f hardening or softening [4].

7-3-3-2. Simulated H A Z  samples
It seems that the first work on simulation of the various regions o f weld HAZ is that o f Nippes et al. 

in 1949 (as cited in [33]). The advantage o f using a simulated sample is that such a sample can be large 
enough to make a standard specimen out o f it. For this reason, simulated samples have been used 
extensively for assessment o f strength in a specific sub-region o f the HAZ (e.g., [34, 35]). It should be 
pointed out that the same general concerns mentioned in Section 7-3-1 on using simulated samples for 
performing Charpy tests apply to all mechanical tests, including tensile tests.

7-3-3-3. M iniature tensile samples
A ll the mechanical testing specimens, including tensile specimens, can be miniaturized, so that they 

sample only one sub-region in the HAZ [36]. Miniature tensile specimens can be designed by scaling down 
the dimensions o f standard tensile specimens. The samples can be machined by electro-discharge 
machining (EDM) to leave the least amount o f deformation in the reduced section o f the specimen. The 
miniature tensile properties might be somewhat different from those o f the standard-sized samples. 
Therefore, some correlation between these two properties should be established for a given alloy for 
different heat-treatment conditions.

7-3-4. Shear-punch test
Shear-punch tests have been used for determination o f mechanical properties o f the individual sub- 

regions in the HAZ [36], These tests are carried out by devices similar to those used for preparation o f 
conventional thin-foil TEM samples, i.e., punching 3-mm diameter disks out o f the thinned sections o f 
metals. The load-displacement curves obtained during a shear-punch test are analyzed to determine the 
shear properties. These properties are then converted to the tensile properties through linear relationships, 
which are empirical in nature, and need to be determined for a given alloy.

7-3-5. Hardness test
Hardness measurement can be used as an alternative, or as a complement, to impact toughness [11, 

18, 37, 38], Indentation hardness, which measures the resistance to plastic deformation (yield and flow), 
can replace a toughness test, and be used as a criterion to indicate mechanical property variation across the 
weldment, or to compare two weldments.

A Vickers hardness traverse is a well-accepted test for this purpose. In this test a very low weight, 
e.g., 1 kg, is applied and the test is carried out along a predetermined line, from the weld metal to the 
unaffected base metal, crossing the weld HAZ. A hardness traverse can be applied on several sections and 
several lines on each section. A hardness traverse can also be used to find roughly the width o f the HAZ
[39]. Another measure is to obtain a hardness map o f the area o f interest. This is more useful for the weld 
metal region [38], where the changes are in two dimensions, rather than one dimension in the HAZ.
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7-3-6. Conversion of hardness to other mechanical properties
It had been shown that tensile properties, such as yield strength (oy), ultimate tensile strength (UTS 

or a„), and the work-hardening index («), can be obtained from hardness measurements [40]. The 
theoretical-empirical equations are

= f  («•>)■ (7-1)

CT„ = — ( ' - « )
'12.5 n 

_ 1 — n _

n

(7-2)

n = m -  2

i r -  "_ /_ _\n

(7-3)

(7-4)
3(0.08)"

K  is the strength coefficient in a = K.e" and m is the Meyer parameter determined from a logP-logd plot 
(Section 7-5-6). In cases where n could be determined relatively accurately, one could have an idea o f the 
ductility and elongation, based on the fact that
£„ = n (7-5)

where e„ is the true strain at the point o f necking or maximum load [41], It should be noted that there are 
also some empirical equations for calculation o f the work-hardening index, e.g., the one given by Akselson 
et al. [35], in the general form:

n = a ( ^ ls)h
where a and b are constants that depend on the microstructure. For the CGHAZ o f a range o f low-carbon 
steels (C-Mn, microalloyed and quenched-and-tempered) the values o f these constants were determined as 
0.065 and 0.17, respectively.

Another result from Meyer tests is the conversion o f a logP-logd plot to flow curves. In this method, 
stress and strain are calculated from the load, Pm, and the indentation diameter, d, by these equations, 
respectively [40]:

<r = P J  2-8 (7-6)
s  = 0.2 ( d I D )  (7-7)
where D is the ball diameter.

The area under the stress-stain curve can be integrated to obtain the static toughness. Recently, 
Haggag and Phillips [42] used a modified version o f this method, called an “ automated ball indentation”  
(ABI) technique, to determine non-destructively the tensile properties as well as the fracture toughness o f 
in-service steel pipelines at the BM, WM and HAZ. The key idea was generation o f concentrated stress 
fields near and ahead o f the indentation location, similar to the concentrated stress fields ahead o f a crack. 
The initiation fracture toughness could be calculated from the integration o f deformation energy up to a 
critical depth. The critical depth was determined from the critical fracture stress o f the material or a critical 
strain o f 0 .1 2 .

7-4. Experimental procedure
Transverse and longitudinal sections, made from the welded plates (Section 2-5), were used for 

hardness measurements. Vickers hardness tests, with loads o f 5 kg and 500 g, were used to obtain the 
average hardness number in the middle o f each sub-region as well as the hardness profiles across the HAZ, 
respectively, on both transverse and longitudinal sections. A Mittotoya hardness tester was used for macro- 
as well as microhardness measurements. Nanohardness measurements were carried out with a Hysitron® 
nano-mechanical probe with a load o f 500 pN. Hardness numbers in GPa were calculated for each point
[43],
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7-5. Results and discussion
7-5-1. Macrohardness measurements: hardness averages

Table 7-1 shows the average macrohardness values for each HAZ sub-region, and for different heat 
inputs (0.5, 1.5 and 2.5 kJ/mm), obtained from the longitudinal sections. The width o f the HAZ in each 
case, measured along the central vertical section, is also given. These values w ill be discussed later along 
with microstructural changes (Chapter 8 ).

Table 7-1. Average macrohardness numbers obtained at the mid-plane o f each sub-region

Heat
input,
kJ/mm

Hardness, HV5 HAZ
width,
mmBM ICHAZ FGHAZ CGHAZ

0.5

285.8 ±3.4

290.5 ± 1.0 304.3 ±2.9 354.5 ±3.3 1.9

1.5 280.9 ± 1.3 251.7 ±2.4 291.4 ±2.9 4.6

2.5 N.A.* 249.1 ± 1.9 270.4 ±5.2 6 . 1

* The HAZ- 2.5 kJ/mm is so large that the ICHAZ is not available on vertical longitudinal sections

7-5-2. Microhardness measurements: hardness profiles across the H A Z
To have a better understanding o f hardness variations across the HAZ, microhardness measurements 

were employed, by taking radial traverses on the transverse sections. Fig. 7-3 shows the microhardness 
profiles for five values o f heat input, namely, 0.5,0.7, 1.0, 1.5 and 2.5 kJ/mm. Note that the horizontal axis 
is normalized with respect to the HAZ width. For a heat input of 0.5 kJ/mm, the HAZ is too small to obtain 
a hardness traverse with good spatial resolution. There was a possibility that a hard region was missed on 
the profile. To resolve this, hardness mapping with a pattern shown in Fig. 7-4, was performed on the 
longitudinal section with a load o f 0.5 kg. This not only increased the spatial resolution ~5 times compared 
to the radial traverses, it also increased the accuracy and reliability o f the measurements as 3-4 
measurements were obtained for a given distance from the fusion line (Fig. 7-5).
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FIG. 7-3. Microhardness profiles across the HAZ for a range o f heat inputs.
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FIG. 7-4. Hardness mapping indentations- 0.5 kJ/mm.

7-5-3. Hardening and softening in the HAZ
Excessive hardening and softening in the WM/HAZ are both undesirable. Hardening in high- 

strength microalloyed or low alloy (HSMA/HSLA) steels make the welding potentially susceptible to cold 
cracking and stress corrosion cracking. Softening is also believed to be deleterious, due to the possible 
occurrence of “ concentrated strain”  that can lead to, for instance, SSCC (sulphide stress corrosion cracking) 
and ductile fracture [44],

For the heat input o f 0.5 kJ/mm, there is considerable hardening from -285 (BM) to a maximum of 
-360 HV (CGHAZ). Initially, there is a moderate increase in the hardness across the FGHAZ (Fig. 7-5) 
reaching -310 HV, while at the boundary between the FGHAZ and CGHAZ there is a very steep increase 
to -360 HV. The hardness slightly decreases across the CGHAZ towards the fusion line (-340 HV). For 
the heat input o f 0.7 kJ/mm, there is first some softening from -285 to -270 HV and then some hardening 
to -300 in the FGHAZ (Fig. 7-3). This heat input seems to represent the transition between hardening and 
softening in the FGHAZ. For the higher heat inputs, however, softening occurs dominantly across the 
FGHAZ, i.e., the hardness decreases from -285 to -250 HV. Hardening occurs in the CGHAZ relative to 
the FGHAZ and BM for all samples, with a maximum depending on the heat input.
Hardening for the heat input o f 0.5 kJ/mm is due to the fast thermal cycle induced by this heat input 
(Section 4-5). The fast cooling rate promotes formation o f fine-grained ferrite in the FGHAZ and 
martensite in the CGHAZ with large prior austenite grains (Section 6-5-5). The moderate cooling rates 
induced by employing the higher heat inputs o f 1.5 and 2.5 kJ/mm w ill result in larger ferrite grains in 
FGHAZ and bainitic ferrite in CGHAZ, as shown in Section 6-5-2. Note that the higher hardness in the 
CGHAZ relative to the FGHAZ, regardless o f the heat input, is due to the microstructural changes in the 
CGHAZ, induced by large prior austenite grains that increase the hardenability. Correlation o f hardness 
with microstructure w ill be discussed in more detail in Chapter 8 .

7-5-4. Nanohardness measurements: hardness contours
As the microstructural constituents in the HAZ can form grains which are only a few microns, or 

even sub-micron, in size, nano-hardness mapping was employed to obtain the hardness contours in each 
sub-region. This was done for only one heat input, 0.5 kJ/mm, because this sample had the most critical 
changes in microstructure and hardness.

Fig. 7-6 shows hardness contours for the BM, FGHAZ and CGHAZ taken over areas about 3 pm x 4 
pm. The CGHAZ appears to have a mixture o f microstructural constituents with different hardness levels -  
some very hard and some only as hard as the BM. The correlation between the microstructure and nano
hardness w ill be addressed in Chapter 8 .
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FIG. 7-5. Hardness mapping result for the sample with a heat input of 0.5 kJ/mm.

The FGHAZ, in general, is softer than the CGHAZ and harder than the BM, although one region 
with a hardness even higher than the hardest regions o f the CGHAZ was detected (Fig. 7-6b). The high 
hardness value may be due to the indenter hitting a carbide particle. Table 7-2 shows the average hardness 
numbers for the three areas. The average hardness values correlated well with the Vickers values, 
exhibiting a linear relationship with the values reported in Table 7-1.

Table 7-2. Average nanohardness numbers obtained from the center of each sub-region for a weld section with a heat
input of 0.5 kJ/mm

Region Hardness, GPa
BM 1.2

FGHAZ 1.3
CGHAZ 3.0

7-5-5. Maximum hardness in the HAZ
A high hardness value o f -360 HV, indicative o f a martensite structure for this level o f carbon (Fig.

7-7), was obtained for a heat input o f 0.5 kJ/mm in the CGHAZ. Hardness profiles for lower heat inputs 
than 0.5 were also obtained to see i f  a microhardness o f -360 HV is in fact the hardest value that could be 
obtained across the HAZ. The CGHAZ width for these samples were -0.55, 0.58 and 0.60 mm, for heat 
input values o f 0.3, 0.4 and 0.5 kJ/mm respectively. Fig. 7-8 shows vertical hardness traverses obtained on 
transverse sections for these samples. Table 7-3 compares the maximum and average microhardness 
numbers for these samples. The data show there is a real increase in microhardness (which is a local 
hardness) as the heat input decreases from 0.5 to 0.3 kJ/mm. Fig. 7-9 shows maximum microhardness in 
CGHAZ as a function o f heat input for a larger range o f heat inputs. The reason why the microhardness did 
not reach a plateau o f maximum hardness o f -360 HV for this grade o f steel might be the variation in local 
hardnesses as seen by nanohardness contours. The lower the heat input the faster the thermal cycle and the 
higher the chance for inhomogeneous microstructures. The high hardness numbers represent local regions 
with high solute contents. The macrohardness measurements, however, which are averages o f large areas, 
show a maximum hardness o f -360 HV as the heat input is decreased (Fig. 7-10).
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Table 7-3. Hardness variation in CGHAZ for low values o f heat input

Heat input, 
kJ/mm

2 < © o
Max hardness Average hardness

0.3 375 364±7

0.4 360 350±8

0.5 358 350±7

400

380

360

340

320

300

CGHAZ FGHAZ280

260 0.3 kJ/mm

•■-0 .4  kJ/mm240
0.5 kJ/mm

220

200
0 0.2 0.4 0.6 0.8 1 1.2 1.4

Distance from the fusion line, normalized w .r.t CGHAZ widths

FIG. 7-8. Microhardness profiles across the CGHAZ on samples with very low heat input values.
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7-5-6. Conversion of hardness to tensile parameters
A test was carried out to verify the precision o f the method described in Section 7-3-5. For this 

reason, 4-mm round tensile specimens were prepared from Grade 100 steel in three conditions: as received, 
annealed and quenched. The required hardness (Brinell and Vickers) and tensile tests were performed on 
these samples with Wolpert and Instron machines, respectively. To find the Meyer parameter, m, a steel 
ball o f diameter 1 mm, and loads between 1 and 30 kg were used on the hardness tester.

Fig. 7-11 shows the result o f the Brinell tests for the Meyer parameter in a log-log plot for an as- 
received sample, which yields m = 2.19. The m-parameter for other samples, the hardness in Vickers and 
the tensile properties calculated according to equations 7-1 to 7-4 are reported in Table 7-4.

1.60

1.40
y = 2.19x + 2.45

■S 1 -0 0 -

o. 0.80 -
OJ
2. 0.60

0.40

0.20

0.00
- 1.20 - 1.00 -0.60-0.80 -0.40 - 0.20 0.00

log d (mm)

FIG. 7-11. The log P-log d curve, resulting in the Meyer parameter, m, from the Meyer equation P = k .d ". 

Table 7-4. Mechanical properties estimated based on hardness measurements and Equations 7-1 to 7-4.

Condition VHN m cty
(MPa) (MPa)

cru
(kg/mm2)

n K
(MPa) VHN/3

As received-Long 286.3 2.19 604.5 930.4 94.8 0.19 154.2 95.4

As received-Trans 282.3 2.19 596.1 917.4 93.5 0.19 152.1 94.1

Annealed 208.3 2.16 471.3 657.5 67.0 0.16 104.0 69.4

Quenched 353.2 2 . 2 0 728.8 1160.6 118.3 0 . 2 0 195.1 117.7

The results o f the tensile tests are shown in Fig. 7-12, which shows the flow curves (both 
engineering and true) for the samples in as-received, annealed (950°C; 8  min; furnace cooled) and 
quenched (1150°C; 8 min; quenched in brine) conditions. The important parameters obtained from these 
curves are summarized in Table 7-5. Assuming a power relationship between stress and strain, i.e., a = 
K.s", K and n were obtained by linear regression o f the log a against log e plot with the data from the yield 
point to the UTS, i.e., the stable plastic deformation region. Toughness is the area under the flow curve.

Comparing the Tables 7-4 and 7-5, it can be seen that there is a very good estimation o f UTS (within 
1-5% error), an error o f -17-34 % for oy and an error o f -15-29 % for K. Interestingly enough, the simple 
equation UTS=HV/3, would predict as good a result for cr„ (last column in the Table 7-4). The estimation o f 
n is very poor; there is a large error o f -24-150 %. However, Fig. 7-13 shows that there is a very good 
correlation between the uniform strain and work-hardening exponent under different heat treatment 
conditions (e„ = 0.70 n -  0.02). This correlation can be used to obtain s„ from n. The only problem is that 
the relationship between n and m is not satisfactory. A better relationship should be sought. I f  a satisfactory
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relationship is found, this method, together with the correlation between n and s„, can yield an acceptable 
estimation o f elongation. On the other hand, the estimation for strength is already satisfactory. Elongation 
and strength data can lead to toughness values that can be compared to different HAZ sub-regions.

1200

1000  -

800

5  400
-♦-As-received-Engineering -*-As-received-True 
a Annealed-Engineering -x-Annealed-True 
■*- Quenched-Engineering

200 i
Quenched-True

0 0.05 0.1 0.15 0.250.2 0.3

Strain (mm/mm)

FIG. 7-12. The stress-strain curves.

Table 7-5. Mechanical properties obtained experimentally from tensile tests.

Condition crY
(MPa)

Ou
(MPa) ef n K

(MPa)
Toughness

(MPa)

As received-Long 788.0 920.8 0.18 0.06 0.09 1303.2 151.5

As received-Trans 789.5 937.2 0.18 0.04 0.09 1288.3 149.0

Annealed 350.6 671.2 0.28 0.13 0.21 1202.3 170.7

Quenched 878.0 1106.0 0.05 0.03 0.08 1479.1 53.2

Fig. 7-14 compares the stress-strain curves obtained from this conversion with the true stress-true 
strain curves obtained experimentally. As can be seen, though the flow curves are not precisely predicted, 
they are still close. Some o f the discrepancies in the results might have come from a non-uniform heat 
treatment. The conditions on the surfaces o f samples by hardness tests may be different from the conditions 
o f the interiors used for tensile teats. Considering all these facts, this method seems to be promising for 
assessment o f mechanical properties (including static toughness) at different regions o f the HAZ. More 
investigation on the empirical equations and better heat treatments are recommended for future work.

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



202

0.25

0.20

5 015
E

e
g 0.10

0.05

Quenched

eu = n

Fully-Annealed

eu = 0.70 n - 0.02 
R2 = 1.00

0.00
0.00 0.05 0.10 0.15

Work hardenning exponent, n
0.20 0.25

FIG. 7-13. Correlation between uniform strain and work-hardening exponent.

1400

£> 600
_x-

Quenched-Hardness based 
estimate
Normalized-Hardness 
based estimate 
As-received(L&T)-Hardness 
based estimate

- As-received-Experimental- 
True

- Annealed-Experimental- 
True

- Quenched-Experimental- 
True

0.00 0.05 0.10 0.15

Strain (m m /m m )

0.20 0.25

FIG. 7-14. Stress-strain curves obtained from hardness-based Meyer conversions along with corresponding
experimental curves.

7-6. Summary
The degradation o f fracture toughness and overall properties o f the HAZ in low-carbon HSLA steels 

is attributed to the formation o f LBZs. An LBZ is found most often in the CGHAZ o f single-pass weld 
joints and the 1RCGHAZ o f multi-pass weldments. Due to the small size o f the HAZ and its sub-regions, 
and the fact that crack initiation is the controlling criterion, only CTOD tests seem to be suitable for the 
assessment o f the toughness in specific regions of the HAZ. Charpy tests can only assess the overall HAZ
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toughness qualitatively, and may be insensitive to LBZs. Moreover, the variation in microstructure and 
properties across the HAZ can impose large scatter in the results.

Miniature tensile samples may be a good replacement for standard tensile samples that are too big 
for HAZ sub-regions. Nevertheless, transverse sub-size standard tensile tests can assess the strength 
mismatch level and the degree o f softening/hardening in the weld joint well. Hardness measurements, on 
the other hand, are suitable for the HAZ and are easy to carry out. There are also many investigations and 
reports based on hardness values, for instance, the susceptibility to HAC. One advantage o f the hardness 
test is that it can be carried out at different levels (macro-, micro- and nano-scales) conveniently. There is 
also a promising method for converting the hardness results to other mechanical properties, even static 
toughness and some other fracture properties.

Hardness traverses across the HAZ showed considerable hardening from -285 (BM) to a maximum 
o f -360 HV500 (CGHAZ) for a heat input o f 0.5 kJ/mm. For the higher heat inputs (1.5 and 2.5 kJ/mm), 
however, softening occurs predominantly across the FGHAZ, i.e., the hardness decreases from -285 to 
-250 HV500. Hardening occurs in the CGHAZ relative to FGHAZ for all samples, with a maximum of 
-310 HV50o for a heat input o f 1.5 kJ/mm and a maximum o f -280 HV for a heat input o f 2.5 kJ/mm. A 
hardness o f -360 in the CGHAZ o f a 0.5 kJ/mm weld sample is indicative o f martensite. However, nano
hardness contours over this region showed that it had a mixture o f microstructural constituents with 
different hardness levels -  some very hard and some only as hard as the BM. This variation is believed to 
be due to the variation in phase microstructures in this region. Hardness measurements on weld samples 
with lower heat inputs than 0.5 kJ/mm show that hardness values can exceed 370 HV500.

Whether or not the presence of martensite reduces the fracture toughness depends on the steel’s 
carbon level, substructure, morphology and even the mechanical test method and procedure. However, the 
more important issue is the susceptibility o f a microstructure to cracking for a given fabrication or service 
situation. Lath martensite might show higher toughness than bainite, but lower HAC resistance.
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Chapter 8

Correlation between Mechanical Properties and Microstructure

8-1. Introduction
The main reason for performing microstructural examinations is to at least understand and ideally 

predict the mechanical properties o f the material. This chapter tries to relate the separate studies in previous 
chapters, i.e., thermal analysis, microstructural analysis (precipitates, phase transformation and grain 
growth) and mechanical analysis, together for the BM and HAZ o f Grade 100 steel. Before 
estimation/evaluation o f mechanical properties in the BM or HAZ, the major strengthening mechanisms are 
reviewed. One should bear in mind that there are various models for estimation o f strengthening 
components or their combined effects, and there is no universal agreement on them. Only those that have 
been elaborated in major books or papers (e.g., the works o f Gladman [1] or Baker [2]) are used in this 
chapter. The strengthening components of the yield strength in the BM will be assessed quantitatively, and 
the microhardness variations across the HAZ for various weld samples w ill be explained mostly 
qualitatively.

8-2. Strengthening mechanisms
The yield strength and hardness o f steel can be increased through several strengthening mechanisms. 

The main ones include grain refinement, solid solution strengthening, precipitation hardening and work 
(dislocation) hardening. A ll these mechanisms increase the stress required for plastic deformation (i.e., 
movement o f dislocations) and hence increase the yield and flow strength o f the material. The way these 
mechanisms act, the equations adopted and the assumptions made to estimate their contributions are briefly 
discussed in the following sections.

8-2-1. Grain refinement
Grain-size strengthening is based on the arrest o f dislocation movement at the grain boundaries, 

followed by pile-up o f dislocations at this region, which results in stress intensification at the head o f the 
pile-up. When the stress at the head o f the pile-up reaches a critical value, slip can be induced in the 
neighbouring grain. The stress intensification is a function o f the number o f dislocations at the pile-up, 
which in turn increases as the grain size increases. Therefore, as the grain size decreases dislocation re
activation becomes more difficult, and resistance to deformation (i.e., strength) increases [ 1 ]. The 
relationship between yield strength and grain size is known as the Hall-Petch relationship, due to 
experimental findings o f Hall and Petch on steels in the early 1950’s [3]:

a y = a 0 + kyd 'U2 (8 - 1)

where ay is the yield strength, a() is the friction stress, kv is the strengthening coefficient and d  is the grain 
size. The friction stress is in fact the combined effects o f other strengthening mechanisms and represents 
the “ resistance to the motion of dislocations within the grain”  [2 ]). It can be expanded in a linear manner 
as:

^0 = ^  (8'2) 
where a, is the inherent friction stress (Peierls stress), cr„ is the solid solution strengthening, <r(/ is the 
dislocation strengthening (including work hardening), ap is the precipitation strengthening, aSR is the sub
grain strengthening and a, is the texture strengthening [2], The grain size is actually the grain diameter, 
which cannot be directly measured. In practice, what can be measured on a planar metallographic section is 
the mean linear intercept (m.l.i.) measured by the Heyn intercept method [4], This parameter can then be 
converted to grain diameter by making an assumption on the shape o f the grains (e.g., spherical grains). 
The way m.l.i. is related to d  is important, as it affects the magnitude o f ky, and therefore should be clearly 
indicated. Alternatively, to avoid confusion and for the sake o f clarity, the parameter m.l.i. can be directly 
used in the context o f Hall-Petch equation and the corresponding strengthening coefficient k is reported:

cr, =  kyd 'ui = k v{m.l.i.)An (8-3)

The value o f ky was found to be 21.4 to 23.5 MPa mm1/2 (equivalent to k 'v o f 17.5 to 19.2 MPa 
mml/2). It should be noted that significantly lower ky values are observed when fresh dislocations are
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introduced (e.g., by very light rolling deformations) [1], The main question applicable here is validity o f the 
Hall-Petch equation for very small grain sizes. This relationship, which was found at larger values o f grain 
size, may not remain applicable to very fine grains.

8-2-2. Solid solution strengthening
The source o f solid solution strengthening comes largely from elastic interaction between the strain 

fields o f solutes with those of dislocations. Substitutional atoms, such as Mn and Si, give rise to a 
hydrostatic distortion in the lattice structure o f iron, and therefore only interact with edge dislocations. 
Interstitial atoms, such as carbon and nitrogen in iron, give rise to asymmetrical distortions, which have 
both hydrostatic and shear components and therefore can interact with both edge and screw dislocations 
[1].

Experimental observations have shown that there is a linear dependency o f strengthening magnitude 
with the composition o f solutes (below their solubility limits), especially at room temperature and low 
solute levels. Both conditions apply to the case o f microalloyed steels. This translates to

=  k r c , (8-4)
where Act;., is the strength increase due to solute /, c, is the concentration o f solute i in wt% and k, is the 
strengthening coefficient for solute / (Table 8-1). The total solid solution strengthening in the alloy can then 
be derived from:
ex.. = Z k:.c. (8-5)

Table 8-1. Solid solution strengthening coefficients in a-iron [1]

Solute C (and N)* P Sn Si Cu Mn* Mo Ni Cr
k, (MPa) 4620, 5544 678 123 83 39 31,32 11 0 -31

* Two values found by two different investigators are reported.

8-2-3. Precipitation hardening
Precipitation can lead to a number o f mechanisms that contribute to strengthening o f the matrix, such 

as coherency strengthening, chemical hardening, precipitation (dispersion) hardening and interfacial area 
increase. The contribution o f precipitation hardening has been estimated through two main methods in the 
literature [2]: a) The method o f “ difference”  in which the combined contribution o f other main mechanisms 
(such as grain size, solid solution and inherent friction stress) is compared with the measured yield strength 
and the difference is attributed to precipitation hardening, b) Evaluation o f size and volume fraction of 
precipitates to be used in a model that directly estimates the amount o f precipitation hardening. One o f the 
models w ill be briefly described below.

In microalloyed steels, the main mechanism o f strengthening from the precipitates is dispersion 
hardening that involves dislocation bowing/looping. The microalloy carbides/nitrides are so hard that 
particle cutting by dislocations cannot occur [1], This, however, depends on their size too. I f  the 
precipitates are too small (i.e., smaller than ~5 nm), shearing might happen and then this model may not be 
valid [5]. The basic model o f dislocation looping was developed by Orowan in the late 1950’s, where he 
found an increase in the shear yield strength due to dispersion hardening:
A t  = G b /L (8-6)

G is the elastic shear modulus, b is the Burgers vector o f the matrix, and L is the inter-particle spacing. An 
important result from this equation is the understanding that the main factor in dispersion hardening is the 
inter-particle spacing, and the actual size o f the particles would not directly matter [6 ]. The model was 
further developed by some other investigators, in particular Ashby, to include the effective inter-particle 
spacing o f the random array o f particles. The Ashby-Orowan equation gives 

I.2GZ)
A t . 0.84 (-

2 k L
-) In(— )

2b
(8-7)

where x is the average diameter o f the particles in the plane o f intersection. It can be shown that x relates to 
the actual particle diameter, X, according to
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V f ^ —X  =  ( - )  x  (8-8)

and x can be related to the precipitate volume fraction, f v, and the number o f particles per unit area, nA 
(assuming area fraction is equal to volume fraction), according to

f v = n A7rx2 /  4 (8-9)
Finally, nA is related to L according to

L =  (1 I n J 12 (8 - 10)

Making the substitutions from Equations 8 - 8  to 8-10 into Equation 8-7 and assuming for iron [2] G = 
80,300 MPa and b = 2.5 x 10-4 pm, the Ashby-Orowan equation for yield strength increase due to 
dispersion hardening (i.e., dislocation bowing around precipitates) becomes [ 1]:

10 8 f  1/2 X
Act (MPa) =  (— :— -— )!n (----------------- )  (8-11)

X  6.125 x 10
Note that assuming lower values for G (e.g., 64 GPa [5]) w ill result in lower strengthening estimations. 
Also, remember that this model is based on interaction o f dislocations with non-shearable precipitates.

8-2-4. Dislocation hardening
The increase in strength due to cold deformation is attributed to the dislocation density and 

dislocation arrangements (e.g., forest dislocations, cell structures or sub-grain boundaries) [1], The forest 
dislocation contribution to strengthening is generally calculated from the Taylor expression as [2]:

<rd =aG bp'm (8-12)
p is the dislocation density and a is a proportionality constant (0.38 for polycrystalline iron when the stress 
is calculated in kg/mm2; other values such as 0.88, 1.06 and 1.4 have also been reported) [2], Baker [2] 
calculated this component separate from the inherent friction stress and found that it made a considerable 
contribution (20-50% o f the yield strength, depending on the dislocation density). He then found that the 
linear summation o f all components overestimates the yield strength significantly, and the root mean square 
summation (Equation 8-13) would be in better agreement with the measured strength.

(7y = ^ C7c + 0 'j (8-13)
ctc is the linear summation o f the other strengthening mechanisms. On the other hand, Gladman [1] does not 
include dislocation hardening in hot-rolled or normalized microalloyed steels. He only considers it for 
steels deformed below ~700°C. It seems he assumed that some dislocation strengthening is accounted for in 
the inherent friction stress. Extra cold deformation w ill increase the dislocation density, and that should be 
separately calculated. Cold deformation is not commonly used in Nb bearing microalloyed steels and, 
therefore, it is expected that this mechanism does not play a considerable role in Grade 100, considering 
that rolling is performed in austenite and not in the inter-critical region. Even i f  some rolling continues in 
the inter-critical region, the work hardening w ill cause further strengthening in the hot strip only [7], The 
subsequent deformations such as coiling, uncoiling and levelling may remove most o f the work hardening 
due to the Bauschinger effect. Therefore, the final product is expected to have little or no retained cold 
work. The other element that causes an increase in the dislocation density is the nature o f the 
decomposition o f austenite. The amount o f dislocations in the final matrix increases as the shear component 
o f transformation increases (i.e., as the transformation temperature drops). This is partly the reason for the 
higher matrix strength in bainite and especially martensite than in polygonal ferrite or pearlite.

8-2-5. Other mechanisms
Texture hardening is not a significant mechanism in microalloyed steels with dispersed second 

phases [1]. The effect o f texture can be related to the difference in the tensile strength o f the material 
obtained along the RD and transverse to the RD. Estimation o f sub-grain hardening has been the subject of 
debate. According to Baker [2], when both grains and sub-grains are present in microstructure, aS), is 
expressed as:

a x g = C kxg t n  (8-14)

C is the fraction o f grains containing sub-grains, ksg is the sub-grain strengthening coefficient and I is sub
grain size. As a simplifying assumption, this term can be neglected, i f  the cell or sub-grain boundaries (lath
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boundaries in the case o f bainitic ferrite) are included during grain size measurements. However, note that 
some other researchers have considered an exponent o f - 1  instead o f - I / 2  for / in the above equation [2 ], in 
which case this simplification is not valid.

8-2-6. Combined strengthening effects
The expanded Hall-Petch relationship (assuming linear summation) for as-rolled microalloyed steels 

can be written as:

10 8  f xn~ X
cr =  cr + £ £ c  + k d 'V2 + (— :------- ) ln ( ---------------- —) (8-15)

' ' ' y x  6.125 x 10
Note that other strengthening mechanisms, such as texture and excess dislocation hardening due to 
transformation, are considered to be small. There is a question i f  the assumption o f linear additivity is valid 
for microalloyed steels. It was found that, in ultra-high strength steels, additivity o f each mechanism in the 
way expressed in Equation 8-15 is not valid and it overestimates the strength [1].

8-3. Correlation between yield strength and microstructure of BM
The amount o f each strengthening contribution in Grade 100 w ill be estimated in this section 

according to the equations reviewed in Section 8-2, and the combined effects w ill be compared with the 
measured yield strength.

8-3-1. Grain size strengthening
The value o f k ’y used here was averaged between the reported values o f 17.5 to 19.2 MPa mm1/2, i.e., 

18.1 MPa. A m.l.i o f 1.2 pm (Table 6-2) w ill then result in a strengthening contribution o f 523 MPa 
according to Equation 8-3. Alternatively, the lower value o f 17.5 MPa could be used, as lower ky (and 
values are observed when fresh dislocations are introduced [1], Grade 100 plates are lightly rolled or 
levelled at ~450°C. This would result in a strengthening contribution o f 505 MPa. Nevertheless, the first 
approach was used here.

8-3-2. Solid solution strengthening
There were two groups o f elements: a) those for which the amount o f dissolution in the matrix was 

estimated (i.e., C, N and Mo), and b) those for which the amount o f dissolution in matrix was unknown 
(i.e., the rest o f the elements). For group b, half of the total amount o f that element in the steel was assumed 
to be in solution with the matrix, as a very rough estimate. Table 8-2 shows the amount o f solutes used in 
Equation 8-4 and the resultant strengthening contribution o f each element. The total solid solution 
strengthening estimated for Grade 100 was -91 MPa.

Table 8-2. Solid solution strengthening contribution of each element in Grade 100

Solute C N P Si Cu Mn Mo Ni Cr
wt% in solution 0.008 0 0.0065 0 .1 2 0 .2 1 0.9 0.246 0.13 0.1

kh MPa 5082 5082 678 83 39 31.5 11 0 -31
Aa„ MPa 40.7 0 .0 4.4 10 .0 8 .2 28.4 2.7 0 .0 -3.1

8-3-3. Precipitation hardening
A microalloy carbide precipitate distribution with an average diameter o f 5 nm (Table 4-9) and a 

volume fraction o f 10' 3 (Section 4-3-2) w ill result in a strengthening contribution o f -143 MPa in Grade 
100 according to Equation 8-11. The precipitates were assumed to be hard so that shearing by dislocations 
does not happen.

8-3-4. Texture hardening
The difference in the tensile strength o f Grade 100 obtained along the RD and transverse to the RD 

amounts to -12.1 MPa (Table 2-2). This can be assumed to represent the value o f texture hardening. The 
low value o f plastic anisotropy may suggest the presence o f excess interstitials. It was observed that i f  all
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interstitials are tied up with Nb and Ti in microalloyed steels, plastic anisotropy increases due to an 
increase in preferred (111) orientation in the rolled plate (Hudd, 1987, as cited by Gladman [1]).

8-3-5. Combined strengthening effects in Grade 100
Table 8-3 summarizes the estimation o f the individual strengthening mechanisms. The table also 

shows the combined strengthening effects, estimated based on Equation 8-15. An average value o f Oi = 60 
MPa was assumed here. The total strength is then -817 MPa which is -4%  higher than the measured 
longitudinal yield strength o f 788 ± 33 MPa (Table 2-2). The measured transverse yield strength was higher 
(-800 MPa), likely due to texture strengthening, which could not be analysed here. The 4% overestimation 
is really marginal, especially considering all the simplifying assumptions used in this analysis, such as 
those in the estimation o f the parameters (e.g., precipitate size and volume fraction), theoretical equations 
(e.g., validity o f Hall-Petch equation for low-angle grain boundaries and very small grain sizes) and the 
additivity rule in the estimation o f the combined strengthening effects (linear summation).

Table 8-3. Estimated values for the strengthening contribution of different mechanisms

Strengthening
mechanism

Values of the parameters used in 
calculations

Strengthening 
contribution (MPa)

Percentage of measured 
yield strength (%)

Constant oj = 50-70 MPa 60 8

Solid solution
C=0.008, N=0, Mo=0.246, 

(Mn,Cu,Si,P,Ni,Cr)=half of total 
amount in steel

91 12

Grain size m.l.i=\2 pm; £'r=18.1 MPa 523 6 6

Precipitates X=5 nm; f=10' 3 143 18

Total As compared to longitudinal yield 
stress (-788 MPa) 817 104

The highest contribution was found to be from grain refinement ( - 6 6 %) due to the small lath/grain 
sizes in bainitic ferrite o f the BM. Precipitate hardening only had a contribution o f -18%. Other 
mechanisms had even lower contributions. The estimated strengthening contribution o f precipitates in 
HSMA steels has produced variable yield strength percentages in the literature, mainly because o f all the 
difficulties in estimating the precipitate volume fraction and to a lesser degree the exact theoretical equation 
used to assess the strengthening contribution. Overall, it is agreed that the main role o f precipitates in the 
strengthening o f microalloyed steel is through their role in grain refinement and to a lesser degree through 
precipitation hardening [8 ]. For instance, the contribution o f precipitation hardening from Nb carbonitrides 
in a Nb-bearing microalloyed steel was suggested to be only 6 % compared with a 47% contribution from 
grain size (Morrison and Chapman, 1975, as cited in [8 ]). VC on the other hand is expected to have more 
precipitation hardening contribution in certain steels [8 ], likely due to the finer distribution that is a result 
o f interphase and general precipitation in ferrite. Only half o f the total V in Grade 100 was estimated to 
have precipitated (Table 5-3), likely due to a drop in the driving force for precipitation due to profuse 
precipitation o f other microalloy elements.

8-4. Correlation between hardness and microstructure in the HAZ
Correlation between the microstructure and hardness has been the target o f several papers on HSLA 

or HSMA steels, either qualitatively (e.g., [9, 10]) or quantitatively (e.g., [11-13]. Knowledge o f hardness 
is essential for assessment o f cold cracking and hydrogen embrittlement susceptibility. Since the 
quantitative analyses are complicated, require quantitative determination o f many parameters (e.g., the 
amount o f martensitic constituent in the microstructure in some cases), and have not been totally 
successful, correlation o f hardness with microstructure has been carried out mostly qualitatively here.

Hardness measurements across the HAZ (Fig. 6-3) showed variations in each sub-zone for several 
values o f heat input (0.5, 0.7, 1.0, 1.5 and 2.5 kJ/mm). This behaviour w ill be discussed for each sub-zone 
and explained in terms o f microstructural changes. The microstructures examined for heat inputs o f 0.5, 1.5
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and 2.5 kJ/mm showed markedly different variations for a heat input o f 0.5 kJ/mm from the other two heat 
inputs. For this reason, the microstructure-property correlation w ill be explained in more detail for the two 
extreme heat inputs (i.e., 0.5 and 2.5 kJ/mm). Figure 8-1 shows HAZ profiles for these two weld samples. 
The graphs combine hardness, peak temperature, grain size and precipitate dissolution variations across the 
HAZ.

8-4-1. ICHAZ
The ICHAZ (several heat inputs) essentially showed slight changes as compared with the BM and 

the hardness levels were between that o f the BM and the FGHAZ, as expected for this sub-zone. 
Longitudinal mapping (as explained in Section 7-5-2) provided a very detailed and reliable account o f 
hardness variation for the 0.5kJ/mm weld sample, as each point on the hardness profile (Fig. 7-5 with error 
bars and Fig. 8-1 without) represented an average over 3-4 measurements, and the points were very close 
(high spatial resolution). For this reason, the variations in the average hardness w ill be assumed to be a true 
representation o f property changes across the HAZ for this sample. The average hardness increased linearly 
from -278 to 293 HV0.5 from the side adjacent to the BM towards the FGHAZ (i.e., hardening similar to 
FGHAZ). This can be attributed to the linear increase in the fraction o f retransformed grains in ICHAZ. 
The retransformed grains w ill have a characteristically higher hardness than the untransformed grains due 
to the increase in level o f solutes (dissolution o f Mo, V and Fe carbides upon austenitization) and the 
relatively high cooling rate (~100-200°Cs'' as compared with the accelerated cooling rate o f 15-20°Cs'' 
during the TMCP o f Grade 100 steel). These two factors result in finer ferrite grain sizes and slightly higher 
solute solution and dislocation strengthening. There is likely to be some bainitic transformation in this 
zone, but the chance for formation o f martensite is slim, as the combination o f PAGS, cooling rate and 
solute levels do not favour martensite formation.

The hardness profile showed a trough (sudden softening to ~280±3 HV0.5) over the boundary 
between ICHAZ and FGHAZ for the 0.5 kJ/mm weld sample. Considering the fact that there were two 
points at this hardness each averaged over four measurements and the standard deviation was considerably 
low, it is quite likely that this is a real phenomenon and not a result o f scatter. However, the reason for such 
a drop in hardness is not known at this stage.

8-4-2. FGHAZ
In the FGHAZ, three types o f behaviour were observed:

1) Hardening for a heat input o f 0.5 kJ/mm (and conceivably below that).
2) A mix o f softening and hardening for a heat input o f 0.7 kJ/mm.
3) Softening for a heat input o f 1.0 kJ/mm and higher.

In the 0.5 kJ/mm weld sample the average hardness increased almost linearly from -291 to 307 
HV0.5 towards the CGHAZ. As observed in the previous chapters, this was due to increased dissolution o f 
carbides of V, Mo and Fe that enriched the austenite in solute levels, in particular carbon (Fig. 5-16). As the 
amount o f C increases toward the CGHAZ, the hardenability increases. The relatively high cooling rate in 
this sample makes the transformation sensitive to the carbon level. The combined effect o f increased 
hardenability and high cooling rate, promotes the formation of bainite (Fig. 5-37). Bainitic ferrite has a 
higher hardness than polygonal ferrite (the dominant microstructure in the FGHAZ) due to higher solute 
levels in solution, higher density o f transformation dislocations and smaller grain sizes (low-angle grain 
boundaries). The amount o f bainitic ferrite is almost linearly proportional to the peak temperature 
(~800°C<TP<1130°C), which increases toward the CGHAZ. The formation o f martensite in this zone is 
unlikely, as the combination o f PAGS and cooling rate does favour martensite formation. The prior 
austenite grains were pinned with the fine and intermediate-size carbides and carbonitrides, which 
withstood the thermal cycle experienced in the FGHAZ.

The hardness variation in the 0.7 kJ/mm weld sample showed an initial softening to a hardness o f 
-270 HV0.5 from the boundary with the ICHAZ to the mid-FGHAZ and a hardening to -300 HV0.5 from 
the mid-FGHAZ towards the CGHAZ. This suggests that the FGHAZ in this sample is actually comprised 
o f two sub-zones, an inner FGHAZ and an outer FGHAZ. This sample was not selected for 
thermal/microstructural examination. Nevertheless, it can be speculated that softening is due to the 
combination o f a not-so-high cooling rate (lower than that o f 0.5 kJ/mm weld sample), small PAGS and the 
low solute level in the retransformed austenite. Although the accelerated cooling during the TMCP is not 
very high, the pancake shape o f the large austenite grains and the higher level of solutes result in a lower 
overall transformation temperature and therefore a higher hardness than that o f low FGHAZ. Further
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dissolution o f carbides o f V, Mo and Fe in the high FGHAZ w ill increase the number o f solutes and 
hardenability beyond a critical point (for the cooling rate and PAGS in this sample), and results in a higher 
hardness level.
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FIG. 8-1. HAZ profiles showing variations of grain size, hardness, peak temperature and precipitate dissolution 
(NbC and TiN) across the HAZ of Grade 100 for two heat inputs: a) 0.5 kJ/mm and b) 2.5 kJ/mm.
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At higher heat inputs (1.0 kJ/mm and above), the transformation in FGHAZ is likely insensitive to 
the carbon level (in the range it was changed) due to the relatively low cooling rates. There was a hardness 
plateau in the FGHAZ for these samples. The microstructure was made up o f polygonal ferrite with an 
average grain size o f -1.5 pm across the entire FGHAZ for the 1.5 and 2.5 kJ/mm weld samples 
(~800°C<T P< 1200°C).

The grain sizes obtained from replicas in FGHAZ and BM (Table 5-2) were used for correlation 
studies with hardness. Figure 8-2 shows the variation in hardness as a function o f the inverse o f the square 
root o f the grain size (mean linear intercept length) for the FGHAZ o f the Grade 100 subjected to several 
heat inputs as well as the BM o f several grades o f HSMA steels. The linear behaviour o f the plot suggests a 
Hall-Petch type o f relationship, which implies that any change in hardness in these materials, and for the 
FGHAZ, is mainly a grain size effect. In other words, other factors such as forest dislocation hardening, 
precipitation hardening and solute strengthening are more or less comparable for the different steel grades 
and heat inputs, or they cancel each other out. Note that others [14] have also found that hardness follows 
the same type o f relation between microstructural parameters as strength does (i.e., a Hall-Petch type o f 
relationship).
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FIG. 8-2. Relationship between Vickers hardness and apparent grain size (mean linear intercept) for the BM of several 
grades of steel and for the FGHAZ of Grade 100 steel at several heat inputs.

The theoretical analysis o f Section 5-4-1 showed that NbC precipitates do not get dissolved during 
the fast thermal cycles and not-so-high peak temperatures experienced in the FGHAZ. Replicas 
examinations in Section 5-6-5 also confirmed that the size-distribution o f the fine precipitates does not 
change in the FGHAZ relative to the BM. It is also possible that the amount o f the fine precipitates in the 
BM o f the several grades o f HSMA steels examined here are almost the same. The difference in the amount 
o f carbon and microalloy elements in the steels cause a difference in the amount o f large and intermediate- 
size precipitates that form prior and during solidification, reheating and rough rolling. The amount and size 
distribution of fine precipitates that form during finish rolling in austenite (strain-induced precipitation) or 
after transformation in ferrite (general precipitation) will not depend much on the initial levels o f solutes in 
the steel, and is mainly a function o f TMCP variables (time, temperature, deformation) at the last stages o f 
processing. Moreover, the analysis in Section 8-3 showed that the dispersion strengthening contribution 
accounted for -18% o f the total strength, as compared with - 6 6 % contribution from grain refinement. 
Other mechanisms had even less contribution. It is obvious that slight changes in the other mechanisms
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affect the strength much less than the changes in the grain size do. It is also conceivable that a small change 
in some o f these mechanisms (e.g., precipitation and solid solution) cancel each other out.

8-4-3. CGHAZ
A ll the hardness traverses (Fig. 6-4) showed hardening in CGHAZ relative to the FGHAZ. They 

showed a sudden increase starting from the boundary between the FGHAZ and CGHAZ and reached a 
peak somewhere in the CGHAZ and then decreased slightly towards the fusion line. The onset o f the 
increase in hardness coincided with the onset o f an increase in grain size for all samples (optical 
observation and Fig. 8-1). These alterations can be better tracked and explained for the 0.5 kJ/mm weld 
sample, where longitudinal mapping provided a detailed account o f hardness variation across the CGHAZ 
(Fig. 7.5). The hardenability increases with PAGS (Fig. 8 -la), resulting in a higher average microhardness. 
Microhardness reaches a maximum of-360HV0.5 at a PAGS o f -13 pm and TP o f - 1 170°C. At this point 
all carbides o f Mo, V and Fe should be dissolved (NbC dissolution starts just above this temperature). This 
makes the matrix sufficiently rich in C (0.064%; Fig. 5-16) to promote the formation o f martensite for such 
a cooling rate (100-200°Cs''). As the peak temperature increases beyond this point, the microhardness 
starts to decline gradually but steadily towards the fusion line, where it reaches an average microhardness 
of-340HV0.5. This occurs while PAGS keeps rising towards the fusion line where it reaches a maximum 
o f -32 pm on average. The carbon level in austenite increases to a maximum level o f 0.08% at a TP = 
1320°C, and remains constant afterwards. The increase in PAGS beyond a critical value (-13 pm here) 
results in a decrease o f hardness, likely due to the hardness dependence o f martensite on morphological 
parameters such as lath size, packet size and PAGS. In the context o f the Hall-Petch equation, strength and 
hardness decrease as the grain size increases.

The same general scenario should apply to CGHAZ o f other weld samples with different lamellar 
microstructures such as bainite (Fig. 8 -lb). The maximum hardness, however, decreases as the heat input 
increases (Fig. 7-9), due to the increase in transformation temperature as a result o f a decrease in heat input. 
Replacement o f lath martensite with lower bainite, upper bainite and Widmanstatten ferrite is accompanied 
with a drop in hardness and strength as: a) the carbon saturation decreases, b) the dislocation density 
decreases and c) the lath/packet size increases. Nevertheless, the lath sizes in the bainitic ferrite o f the 1.5 
and 2.5 kJ/mm CGHAZ are small enough (-1 pm in width and several microns in length) to provide 
hardness levels almost comparable to the BM, even though the packet sizes and the PAGS in this region are 
very large (several tens o f microns reaching a maximum mean intercept length o f -37 pm close to the 
fusion line for the 2.5 kJ/mm weld sample).

The nano-hardness contours in the CGHAZ-0.5 kJ/mm (Fig. 7-6) can now be understood better. 
Microstructural examination o f this sub-zone (Section 6-5-2-3) showed two main constituents: a) fine 
untempered lath martensite, and b) coarse autotempered martensite or aged massive ferrite. The width and 
hardness o f the band o f hard region in Fig. 7-6c correlates well with the former constituent, while the 
relatively soft regions correlate well with the latter constituent (whether coarse martensite or massive 
ferrite). This is due to the low hardenability and high Ms temperature o f Grade 100 microalloyed steel.

Microhardness measurements, which create much larger indentations, average the hardness over 
these regions and result in numbers expected for the carbon level in the steel. Still two questions remain: a) 
what the maximum hardness achievable in the CGHAZ o f the Grade 100 steel is, and b) whether or not the 
maximum hardness is reached in CGHAZ-0.5 kJ/mm. Fig. 6-7 shows the martensite hardness dependence 
on carbon level in iron-carbon steels. It shows a hardness o f -340 HV for 0.08%C (assuming all C is 
dissolved but N is still tied up with Ti). I f  we assume only 0.064%C is in solution (i.e., where a maximum 
hardness was observed in CGHAZ-0.5 kJ/mm), the martensite hardness for an iron-carbon steel is expected 
to be -325 HV. The martensitic structure in CGHAZ, however, showed higher hardness. The difference 
can be attributed to the difference in composition (effect o f substitutional atoms on hardness, although this 
is considered to be minor [15], but a subject o f debate [16]), the presence o f inclusions and nitrides in 
austenite o f the Grade 100 steel that may cause lath refinement (see below) and residual stresses in the 
HAZ.

The CGHAZ essentially showed (Fig. 6-9) a linearly inverse dependence o f maximum 
microhardness on heat input (0.3-2.5 kJ/mm). This was attributed to the formation o f very hard 
constituents in the microstructure as a result o f an increase in cooling rate. The average microhardness 
along the traverses (load o f 0.5 kg) was higher for a heat input o f 0.3 kJ/mm than for a heat input of 0.4 or 
0.5 kJ/mm (Table 7-3). The macro-hardness, however, approached asymptotically a maximum of-360HV 
as the heat input decreased to 0.3 kJ/mm. Although at the first glance, it seems reasonable that the hardness
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reaches a maximum that depends on the interstitial level only and not on the cooling rate above a certain 
critical lim it (classic view), the fact that the averages o f the microhardness measurements were so different 
for the two samples (364±7 for 0.3 kJ/mm and 350±7 for 0.4 and 0.5 kJ/mm) does not support this view. It 
is possible that the width o f the hard zone in CGHAZ becomes too small for a reliable macro-hardness 
measurement, so that the hardness measurements are lower than they should be as the hard zone is 
sandwiched between softer zones. Moreover, the cooling rate in the 0.5 kJ/mm sample is about 100— 
200°Cs'', while quenching in brine provides cooling rates o f the magnitude 104°Cs''. Therefore, it can be 
concluded that not only higher hardness values than that predicted by carbon level can be reached, but also 
the hardness in the CGHAZ-0.5 kJ/mm is not the maximum that could be achieved for this steel.

8-5. Martensite strength
Classically, the hardness and strength o f as-quenched martensite is assumed to be solely a function 

o f the interstitial level (mainly carbon, but in fact carbon and nitrogen) and not the microstructure [15, 17]. 
There is a microstructure referred to as “ fully martensitic”  which is formed by an appropriate solution 
treatment (complete austenitization and carbide dissolution) followed by quenching in an appropriate 
medium (the critical cooling rate depending on the composition for a given sample with a given thickness). 
Nevertheless, some investigations suggest that the mechanical properties o f martensite are affected by 
microstructural factors too [16, 18]. For this reason, it may be appropriate to consider all strengthening 
mechanisms as follows:
1) Solid solution hardening: this shows the effect o f immobile carbon atoms [15]. Likely not a major 

mechanism in low-carbon steels.
2) Rearrangement o f C atoms: This becomes a major factor in intermediate and high-carbon steels [15]. 

The distortion o f the lattice in low-carbon steels is not large and therefore this is not a major 
strengthening factor for Grade 100 steel either.

3) Grain refinement: Any factor that affects the grain size, such as heat treatment and the presence of 
inclusions/nitrides/carbides, can affect the mechanical properties o f martensite [18]. Grain size 
translates to lath width, packet size and PAGS, in the case o f martensite. Padmanabhan and Wood [18] 
found that precipitates that can withstand the peak temperature o f austenitization could provide 
additional sites for nucleation o f martensite, which in turn results in smaller lath width.

4) Sub-structure hardening: According to Padmanabhan and Wood [18] dislocations or twins contribute 
to the strength equally. Since a decrease in one (e.g., twins) would result in an increase o f the other 
(e.g., dislocations), their contribution could be assumed to be a constant. This also becomes a 
considerable strengthening factor in low-carbon martensite where the overall hardness and strength is 
not that high.

5) Dispersion hardening: Precipitation is normally suppressed in martensitic transformations. However, 
precipitates can be present in the final microstructure from two sources: a) those that survived the 
heating cycle and b) those that form as a result o f subsequent heat treatment. The first group is usually 
not very fine, and therefore, may not have considerable contribution to the strength. The second group 
may have an overall positive or negative contribution, depending on their size distribution. This is 
because precipitation is accompanied by a decrease in solute content (which can be a major 
strengthening mechanism in martensite), and the direct contribution o f dispersion is normally small 
(see the estimation o f dispersion hardening in martensite by Padmanabhan and Wood [18]).

6 ) Work hardening: work hardening during the tensile, compression or hardness test also depends on the 
carbon level [15]. This is not expected to be a major strengthening effect in martensite.

Considering the above factors, it can be concluded that grain size (PAGS, packet size and especially 
lath width) is likely a major factor that can affect the strength and hardness in a martensitic structure, in
particular when the carbon level is low (where substantial numbers o f C atoms are accommodated by an 
abundance o f dislocations). Whether the lath width follows a Hall-Petch relationship with strength or other

relationships apply (e.g., the Langford-Cohen relationship <Jy = er0 + Kd~' [18]), and whether packet size

and PAGS should be also accounted for, are not well established and need investigation. This, when 
understood, can quantitatively explain the variation o f microhardness across the CGHAZ of a low-carbon 
steel (such as Grade 100 steel).

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



216

8-6. Summary
The following conclusions summarize the analyses o f this chapter:

1) Rough estimation o f the BM yield strength in Grade 100, based on linear summation o f several 
strengthening mechanisms (i.e., grain refinement, solid solution hardening and dispersion hardening), 
was in good agreement with the tensile test results. The calculations overestimated the yield strength 
by ~4%.

2) Grain refinement (including the lath boundaries) had the highest contribution to the yield strength 
( - 6 6 %). That was followed by dispersion hardening from fine carbide precipitates (-18%) and solid 
solution hardening ( - 1 2 %).

3) These results support the opinion that the main role o f precipitates in the microalloyed steel is grain 
refinement and to a lesser degree precipitation hardening.

4) The hardness variation in the ICHAZ, with values between the BM hardness and the FGHAZ hardness, 
can be attributed mainly to partial re-transformation in this sub-zone, where the amount increases from 
the boundary with the BM towards the boundary with the FGHAZ. Generally, this region is not o f 
concern in such a low-carbon microalloyed steel that is pearlite-free.

5) The hardness variation in the FGHAZ (softening, hardening or a mix o f both) was mainly attributed to 
the change in the grain size o f mainly polygonal ferrite. The correlation between the grain size and 
hardness suggested a Hall-Petch type o f relationship. Ferrite grain size variation was mainly due to the 
differences in the cooling rate. An increase in the PAGS was suppressed by fine precipitates. The state 
o f precipitates (in particular Nb and Ti carbides and nitrides) did not change considerably in this sub
zone and for the range o f heat inputs examined here. Formation o f bainitic ferrite in the FGHAZ-0.5 
kJ/mm, due to a combination o f Mo/V/Fe carbide dissolution and high cooling rate (100-200°Cs''), 
contributed to the hardening in the FGHAZ in this sample towards the boundary with the CGHAZ. At 
higher heat inputs (e.g., 1.5 and 2.5 kJ/mm), low values o f cooling rate promoted formation o f mainly 
polygonal ferrite with a plateau o f grain size across the FGHAZ that was not sensitive to the slight 
differences in carbide dissolution amounts or cooling rates, and therefore resulted in low values o f 
hardness that remained constant across the FGHAZ and among the different weld samples.

6 ) The hardening in the CGHAZ relative to the FGHAZ, regardless o f heat input, is due to the formation 
o f lamellar structures o f martensite and bainite in the CGHAZ as opposed to polygonal ferrite (and 
some bainite) in the FGHAZ. The higher hardenability in this sub-zone was a result o f the large PAGS 
and to a lesser degree dissolution o f carbides, both due to higher peak temperatures. The hardness in 
CGHAZ can be related to a combination o f small lath size, relatively high dislocation density and 
increased solid solution. Dispersion hardening plays only a minor role, as the reprecipitated fine 
carbides are either suppressed (0.5 kJ/mm) or coarsened and preferentially located at grain boundaries 
(1.5 and 2.5 kJ/mm).

7) The gradual decrease o f hardness towards the fusion line beyond a hardness peak point in CGHAZ is 
likely due to an increase in lath size and packet size as the PAGS increases.

8 ) Comparison o f average hardness over traverses across the CGHAZ in low heat-input weld samples 
with the classical martensite hardness shows that higher hardness than that predicted by the carbon 
level can be observed in the HAZ. Whether this suggests that martensite hardness depends on 
microstructure (e.g., lath size), which is in contrast to the classical view, or is because o f compressive 
residual stresses in the CGHAZ is not clear at this stage. It is also possible that both reasons apply.

9) Both the nano-hardness contours and microstructural observations suggest that the microstructure in 
CGHAZ-0.5 kJ/mm was not 100% martensite. This could be due the fact that the cooling rate was only 
~102oCs"' and the carbon level in Grade 100 steel is low.
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Chapter 9 

Concluding Remarks

9-1. Introduction
The specific discussion and conclusions for each subject in this study were included in each chapter. 

This final chapter is devoted to the general discussion and conclusions that provide a general picture o f the 
outcome o f this research. Some specific achievements that were novel and/or outside the main focus o f the 
study, as well as the suggestions for future work, w ill also be included.

9-2. General discussion and conclusions
9-2-1. Overview of the research

The main focus o f this study was examination o f microstructure and hardness variation in the HAZ 
o f a Grade 100 microalloyed steel. The Grade 100 steel studied here has 0.08%C and a total o f -0.20% 
microalloy elements (Ti, Nb and V). The HAZ was produced by single-pass autogenous GTAW in the 
laboratory on a Grade 100 plate with a thickness o f 8  mm. The welding parameter that changed was the 
travel speed that induced a variation in heat input (0.5-2.5 kJ/mm). The thermal cycles were recorded by 
thermocouples embedded in the plate and were analysed.

The fast and intense thermal cycles, experienced by the plate during welding, caused considerable 
changes in the HAZ microstructure and mechanical properties (indicated by hardness). OM and in 
particular TEM were engaged for examination o f microstructure. The microstructural changes were 
analyzed theoretically and/or characterized experimentally in terms o f precipitates (type, size distribution, 
volume fraction, dissolution, coarsening and reprecipitation) and iron-matrix grains (size, structure and 
substructure). The hardness variations (nano-, micro- and macro-hardness) were explained in terms o f 
microstructural and composition changes in the HAZ.

9-2-2. General discussion
The experience from this research confirms that high-resolution microscopy, especially analytical 

TEM, is vital for examination o f microalloy precipitates and the low temperature transformation products. 
TEM was also found to be useful for resolving the grain boundaries o f fine grains in the BM and the HAZ.

Assessment o f toughness is not easy in the HAZ due to its narrow width. However, traverse hardness 
measurements gave a hint o f property variation across the HAZ. HAZ simulation to provide larger 
specimens for the thermal cycle o f interest (distance from fusion line) for CTOD or even Charpy tests is 
also an alternative. However, simulations cannot exactly demonstrate the real weld situation. Miniature 
tests are also another alternative.

The ideal characteristics o f the HAZ from hardness and microstructure points of view are:
1) The smallest amount o f variation in hardness (or the smallest amount o f strength mismatch) with 

respect to the BM and WM.
2) Not too high a hardness value (reduces susceptibility to HAC) and not too low a hardness value 

(reduces strain accumulation damage).
3) A  gradual variation in hardness as opposed to a severe gradient.
4) Minimal amount o f transformation twins.
5) Minimal amounts o f coarse upper bainite, followed by granular bainite and lower bainite in the 

CGHAZ.
6 ) Smallest PAGS possible.
7) Minimal amount o f large and intermediate size precipitates (i.e., TiN and Ti/Nb carbonitrides).

Fine precipitates (<50 nm in size) are desirable.
In grain growth control, through precipitate pinning effects, it is not only the stability o f the 

precipitates (dissolution temperature) that is important. An almost equally important characteristic is the 
distribution o f the particles (volume fraction and particle size). The retardation o f grain growth observed in
the HAZ o f the Grade 100 steel (the grain size plateau in the FGHAZ) is likely due to the presence o f a
relatively large volume fraction (~10‘3) o f fine precipitates (<20 nm) o f Nb-Mo carbides. The presence o f 
intermediate size Ti-rich and Nb-rich carbonitrides has a limited effect on the degree o f coarsening in the 
CGHAZ, along with the solute drag and grain-size gradient effects. In fact, it would be ideal to have TiN in
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a distribution similar to that o f fine Nb-Mo carbides, in which case the FGHAZ would be virtually 
extended to the fusion line (elimination o f CGHAZ). This, however, has not been practical to achieve yet.

9-2-3. Property assessment of the HAZ and the effect of heat input
Although the toughness or fracture properties o f the HAZ or BM were not tested in this study, some 

general conclusions can be drawn based on the hardness/microstructure characteristics o f different sub
zones and for different weld samples (heat input) and the published results in the literature. The ICHAZ in 
Grade 100 microalloyed steel should not be o f a concern in general, as limited microstructural changes 
occur and the PAGS (o f the transformed grains) is small in this region. This is true even for the lowest heat 
input examined here (0.5 kJ/mm), where the cooling rate is relatively high. Although the cooling rate 
remains almost constant (as expected from theoretical analysis) across the FGHAZ and CGHAZ for a given 
weld sample (constant heat input and plate thickness), the mean cooling rate between 800 (or the peak 
temperature, whichever is lower) and 500°C is lower in the ICHAZ. This is because the peak temperature in 
ICHAZ lies between, or close to, 800 and 500°C and the thermal behaviour around TP, which is a transition 
from the heating cycle to the cooling cycle, w ill slow down the cooling. More importantly, as Grade 100 
steel is virtually pearlite-free, no austenite with the eutectoid composition (~0.8%C) w ill form during the 
partial transformation o f ferrite to austenite. A ll these factors reduce the possibility for formation o f 
undesirable structures such as martensite (slipped or twinned) in ICHAZ.

The FGHAZ, consisting o f fine grains o f mainly polygonal ferrite, is expected to have good 
toughness and fracture properties. The microstructure was mainly a result o f not-so-high peak temperatures 
and inhibition o f grain growth by precipitates in this sub-zone. The main sub-zone o f concern is the 
CGHAZ, where considerable grain growth occurs and the final microstructure consists o f large PAGS o f 
lamellar martensitic or bainitic structures. In general, the fracture properties are related to packet size or the 
PAGS (which is very large in the CGHAZ) in such microstructures. Many researchers have found that low- 
carbon martensite (found in low heat-input CGHAZ) has better toughness than upper bainite (found in high 
heat-input CGHAZ) [1-4]). Increasing the heat input generally increases the impact transition temperature 
and decreases the toughness, especially in the case o f addition o f Mn (more than a basic level o f ~1.3wt%), 
V and Nb [1]. On the other hand, too high a hardness increases the chance for cold cracking and hydrogen- 
induced cracking.

Therefore, in Grade 100 microalloyed steel, the nominal heat inputs o f 1.5 and 2.5 kJ/mm are likely 
prone to formation o f low-toughness bainitic structures in the CGHAZ and low-strength polygonal 
structures (softening) in the FGHAZ. The sample with a nominal heat input o f 0.5 kJ/mm, although 
expected to have a higher toughness value than the other two weld samples both in CGHAZ and in 
FGHAZ, has the disadvantage o f exhibiting too high a hardness value and a considerable amount o f 
transformation twins in the CGHAZ. It can be speculated from the hardness traverses (Fig. 7-3), and the 
microstructural trends in weld samples with heat input values o f 0.5, 1.5 and 2.5 kJ/mm, that a weld sample 
with a nominal heat input o f 0.8-0.9 kJ/mm exhibits the best combination o f strength and hardness. The 
microstructure in CGHAZ w ill likely be martensitic/bainitic (definitely not upper bainite) and the amount 
o f twinning w ill likely be low ( i f  any). The FGHAZ w ill likely have very fine (-1.2 pm) grains o f 
polygonal ferrite and probably some bainitic ferrite. The hardness traverses in FGHAZ suggest a good 
match with the BM and the hardness traverses in CGHAZ suggest a slight overmatch in the CGHAZ 
(which is desirable). The maximum microhardness in the CGHAZ w ill likely be below -350 (good for cold 
cracking concerns). However, microstructural examinations and more mechanical tests are needed.

9-2-4. Composition effects
As discussed in Section 7-2, precipitates are deleterious to toughness. Grade 100 steel showed a 

range o f undesirable precipitates. Large TiN particles (2-8 pm) were essentially useless. Although they are 
stable in the CGHAZ and dissolve a little (15% maximum dissolution, as estimated in Section 5-4-1), they 
are so sparsely distributed that cannot effectively pin prior austenite grains in the CGHAZ. Reduction o f N 
and/or Ti w ill reduce the amount o f TiN that forms at high temperatures (in liquid and during solidification) 
and can result in a finer distribution o f nitrides and carbonitrides. Nb level also seems to be too high in this 
steel. Thermodynamic analysis o f precipitates, along with replica examinations, showed that large amounts 
o f intermediate-size Nb-rich carbides (50-300 nm) form during reheating or cooling from 1200 to 1000°C, 
where they do not seem to play any major role during TMCP. Their presence in the BM not only plays no 
role in the grain refinement in the HAZ and no role in dispersion hardening in the BM or HAZ, but also is 
harmful for toughness. Basically, the literature review showed that it is the fine carbides (<50 nm) that act
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as grain growth controllers and contribute to the strength, and the optimum Ti level is -0.015% [5, 6 ], Even 
i f  a higher level of Ti is required for removing the N in solution, precipitate analysis showed that the Ti 
level in Grade 100 is over-stoichiometric with respect to N. Reduction o f Nb w ill reduce the amount of 
intermediate size Nb-rich precipitates, and may increase the driving force for precipitation o f fine VC in 
ferrite, which is supposed to have a significant contribution to strengthening without negative effects on 
toughness.

The carbon level in Grade 100 steel also appears to be high. Precipitate analysis showed at least 
0.014%C (assuming all the Mo, Nb and V precipitate; Section 5-3-1) and up to 0.050% (chemical 
dissolution results; Section 5-3-2) w ill not be tied up by microalloying elements. The remaining carbon can 
form carbon-rich constituents (such as M/A particles and iron carbides) that are not good for toughness 
(Section 6-2). Reduction o f carbon (e.g., to -0.06%), compensated by an increase in cooling rate during 
accelerated cooling (up to ~35°Cs''), w ill likely maintain a fine grained bainitic microstructure, while 
leaving less or no extra carbon in the matrix. Even a microstructure o f bainite plus martensite, formed as a 
result o f increasing the accelerated cooling rate from 20°Cs'' to 50°Cs'' while reducing the carbon level to 
0.06% (C.E.= 0.43), has shown better weldability than a fully bainitic microstructure with a carbon level of 
0.07% (C.E.= 0.48) [5]. This is due to the reduction o f carbon while maintaining the strength above 100 ksi 
(equivalent to -690 MPa). Reduction o f carbon may also decrease the amount o f transformation twins that 
may form in the CGHAZ when the cooling rate is high. Increasing the heat input from 0.5 to 0.9 kJ/mm 
w ill have an additional contribution to the reduction o f twinning in the CGHAZ.

9-3. Novel methods and achievements
In addition to the detailed precipitate analysis (in particular extensive TEM-repIica examination) in 

the HAZ o f a high-strength microalloyed steel (i.e., Grade 100 steel), which has not been previously carried 
out, the following novel achievements were made:

1) A method o f weighting for estimation o f the cooling rate in plates o f intermediate thickness. 
Instrumented welding (equipped with embedded thermocouples) was very helpful for obtaining thermal 
parameters and characteristics (peak temperature profiles, heating rate, cooling rate, dwell time above a 
certain temperature) across the weld HAZ. Nevertheless, the thermal experiments were difficult. 
Theoretical analysis, on the other hand, only provided upper-bound and lower-bound solutions. The novel 
method presented here that used the information obtained from the weld HAZ width on an etched section, 
proved to be very useful and capable o f saving a great deal o f experimental work. The method o f weighting 
provided cooling rate estimations very close to those obtained experimentally.

2) Improvement o f weld precipitate dissolution analysis. The conversion o f a typical weld thermal 
cycle (composed o f a heating leg, dwell time around a peak temperature and a cooling leg) to an equivalent 
isothermal cycle (composed o f a pair o f effective peak temperature and effective time) made application of 
non-equilibrium solubility curves (suggested by Ashby and Easterling) for quantitative analysis of 
precipitate dissolution during the weld HAZ easier. This method resulted in determination o f critical points 
across the HAZ where dissolution o f several fractions o f a precipitate compound (e.g., NbC) was just 
completed upon application o f a weld thermal cycle with a particular heat input. Eventually these findings 
resulted in construction o f precipitate dissolution maps and profiles for Grade 100 steel for a nominal heat 
input range o f 0.5-2.5 kJ/mm.

3) Correction o f volume fraction estimation by replicas. The model presented for replica preparation 
o f metals, with particles o f several size ranges, provides a lower bound correction for the volume fraction 
estimations obtained from the replicas. The general idea behind this model was not new and was found in 
earlier work. The application to a matrix with several size-groups o f precipitates and the explanations 
presented in Section 5-5-3 can be considered as supplementary. For instance, taking into account, as well as 
calculations, the largest particles that could be on a replica rather than those found  on a replica can result in 
volume fraction estimations that are an order o f magnitude further smaller in high-strength microalloyed 
steels.

4) Application o f replicas for systematic measurement o f grain size. Conventional optical 
microscopy was found incapable o f resolving the grain and sub-grain boundaries in the BM and the HAZ of 
high-strength microalloyed steels well. This can lead to an overestimation o f grain size, i f  optical 
micrographs are used for grain-size measurements. Extraction replicas made excellent samples for grain- 
size measurements in the BM and HAZ o f high-strength microalloyed steels with very fine grain structures. 
Taking advantage of magnifications o f 1000-6000x in the low magnification mode o f the TEM, and the 
high-resolution capability inherent to TEM, made better estimation o f grain size possible. The grain sizes
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obtained from replicas correlated well with hardness variations in the FGHAZ and BM for selected high- 
strength microalloyed steels.

9-4. Future work
Several topics can be recommended for future work:
1) Application o f the method o f weighting to the thermal analysis o f welding o f plates with special 

geometries. The Rosenthal equations were derived for bead-on-plate welding. For instance, in actual 
welding, two pieces o f metals (or two edges o f a deformed plate) may be bevelled and when close together 
form a groove (e.g., V shape). The change in geometry (variation in thickness) requires some modifications 
in the original theoretical equations. Nevertheless, the general idea behind the method o f weighting should 
still apply to the modified equations for the special geometries.

2 ) Investigation to better define heat input parameters to include plate thickness properly (see 
Sections 4-3-2 and 4-3-6). Application o f heat density instead o f heat input can be another topic for 
investigation. Heat input does not reflect the intensity o f the heat source (see Section 4-3-1).

3) To reach a general form o f cooling time formulation, as suggested in Section 3-5-2, investigation 
o f the effect o f plate thickness on the cooling time is needed. This can be achieved by instrumented welding 
with a heat input o f 0.5 kJ/mm and a plate with initial thickness o f -12 mm (a 3D situation). The plate can 
be milled down to thickness values o f 10, 8 , 6 , 5, 4, 3, 2 and possibly 1 mm (2D situation).

4) Analysis o f thermal stresses during welding. Thermal stresses not only affect transformation 
kinetics and products (e.g., effect transformation temperature and possibly twinning before or after 
transformation) but also affect the measured mechanical properties due to residual stresses (e.g., hardness 
measurements). Residual stresses also affect the properties o f the weld and HAZ (e.g., SCC or HIC).

5) Quantitative examination o f precipitates with replicas. Intermediate-size microalloy precipitates 
were found to have various volume fractions from section to section. The variation in volume fraction 
appeared to be much higher than what can be attributed to replica efficiency. The reason was attributed to 
segregation during solidification. Systematic sectioning from different locations in the thickness o f the 
plate and along the transverse/longitudinal directions o f the plate is recommended for a reliable calculation. 
Increasing the number o f replica samples (or even samples for chemical dissolution) prepared 
systematically from different locations w ill also result in a more confident assessment o f size distribution 
and volume fraction o f fine precipitates.

6 ) Examination o f precipitate states at different stages o f TMCP. This can be carried out by 
interruption o f TMCP (quenching) on simulated samples (e.g., simulation by Gleeble). That w ill provide 
information on how much o f the different types o f precipitates (Section 5-2-4) w ill form at various stages.

7) Sub-critical annealing at temperatures from 100 to 700°C to reveal many microstructural and 
property characteristics (including the contribution o f different strengthening components). Changes in the 
amount o f cementite, due to tempering o f the saturated bainitic structure, changes in microalloy precipitate 
size distribution, hardening/softening effects due to recovery, recrystallization, strain aging, etc. can be 
examined at different aging temperatures. Also, stain-aging tests can show i f  the interaction between the 
retained interstitials (mainly carbon in the case o f Grade 100 steel) and dislocations can affect the 
mechanical properties o f Grade 100 steel. It is also necessary to rule out the contribution o f strain-aging 
during levelling, where the increased measured strength has been attributed to further precipitation 
hardening in ferrite [7].

8 ) Estimation o f tensile properties through hardness measurements (Sections 7-3-6 and 7-5-6) is a 
promising approach applicable to the small regions in the HAZ. Refinement o f the theoretical equations 
and/or careful and more extensive experiments are recommended for future work. Miniature mechanical 
tests on actual weld samples are likely another suitable alternative to conventional mechanical tests on 
simulated samples.

9) Nano-hardness contours should be established at different HAZ sub-regions and for different weld 
heat inputs. The nano-hardness contours along with SEM (scanning electron microscopy) images from the 
same region before and after the nano-hardness tests can provide more information about the distribution o f 
microstructural phases and their properties.

10) HAZ microstructure/property examination for a range of heat inputs between 0.7 and 1.0 kJ/mm. 
Thermal cycle characteristics, microstructures and properties o f the 1.5 and 2.5 kJ/mm weld samples were 
very close to each other, but very different from those o f 0.5 kJ/mm weld sample. There seems to be a gap 
between the trend o f changes as a function o f heat input, which can be filled by examination o f weld 
samples with heat inputs o f 0.7-1.0 kJ/mm.
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